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ABSTRACT  
A novel bypass-gas metal arc directed energy deposition (bypass-GMA DED) was proposed to 
prepare high strength Al–Cu–Li-based components. An Al–5.51Cu–0.48Li alloy was successfully 
prepared, followed by subsequent T6 treatment. The microstructure evolution and 
improvement of mechanical properties after the T6 state were benchmarked against the as- 
deposited condition. The component fabricated by bypass-GMA DED has obvious periodic 
distribution characteristics, with a large number of fine equiaxed grains distributed near the 
interlayer fusion boundary and coarse columnar grains within the intralayer region. After heat 
treatment, the Al–5.51Cu–0.48Li alloy is mainly composed of four types of strengthening 
phases, θ′, θ′′, δ′ and T1, which contrasts with the sole presence of θ phase in the deposited 
condition. These phases are conducive to the improvement of mechanical properties. The 
strength of the prepared alloy is higher than those additively manufactured Al–Cu–Li alloys, 
reaching values similar to those of conventional third generation Al–Cu–Li alloys.
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1. Introduction

Due to the need to reduce structural weight and improv
ing stiffness, Al–Cu–Li alloys have become the preferred 
material to achieve weight savings and performance 
improvements in the manufacturing of various modern 
aircrafts [1,2]. So, these alloys are widely used in the 
preparation of aviation and aerospace structural parts 
instead of conventional Al alloys. For the existing manu
facturing technologies for the fabrication of complex 
structures, there are disadvantages such as difficult 
operation, long moulding cycle and often complicated 
thermomechanical processing [3]. Moreover, conven
tionally fabricated structural parts will have a significant 
material waste problem. Therefore, new processing 
methods suitable for the fabrication of Al–Cu–Li struc
tural alloys with less material waste and flexible manu
facturing are urgently needed. In recent years, additive 
manufacturing (AM) has been shown to possess the 

advantages of high forming efficiency, high material util
isation rate and high flexibility [4], making it possible to 
manufacture complex structural parts in a cost-effective 
way. At present, metallic AM usually uses lasers, electron 
beams or electric arcs as heat sources, and the raw 
material is fed in the form of powder or wire.

Although Al–Li alloys have some potential appli
cations in laser additive manufacturing such as laser 
powder bed fusion (LPBF) and laser metal deposition 
(LMD), they still face a number of challenges. First, Li 
and Mg are prone to burning at high temperatures, 
which affects the stability of alloy composition. Xu 
et al. [5] prepared Al–4Cu–1Li–0.4Mg–0.5Zr alloys by 
LPBF using pure Cu, Al, Mg powder and Al–5Li, Al– 
7.04Zr alloys as raw materials. In addition, craters, poros
ity and cracks on the prepared components were 
observed, suggesting that LPBF may not be suitable 
for the fabrication of Al–Li alloys. Second, due to the 
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influence of temperature gradient and cooling rate in 
laser additive manufacturing, the phase transformation 
behaviour and microstructure of different regions 
along the height are different, which affects the uniform
ity (microstructure and mechanical) of the components. 
Jiao et al. [6] prepared a thin-walled 2A97 Al–Li alloy by 
LMD, and the microstructure of the deposited Al–Li alloy 
was different along the height of the material, and the 
top was mainly composed of α (Al) matrix, and the Cu- 
rich phase was distributed at the grain boundary. The 
volume fraction of TB (Al7Cu4Li) phases and needle-like 
TB (Al7Cu4Li) and T1 (Al2CuLi) minority phases decreases 
from bottom to top of the material. The results show 
that the laser additive manufacturing of Al–Li alloys 
will render the development of an uneven structure in 
the as-deposited conditions. Third, during laser additive 
manufacturing, the diffusion of Al–Li powder is poor, 
which, compounded by its low density and poor 
fluidity, makes it is easy to produce metallurgical 
defects and forming problems, ultimately leading to 
poor mechanical properties. For example, the tensile 
strength of the Al–Li alloy components prepared by 
Wang et al. [7] only reached 458 MPa after heat treat
ment, mainly because of the large number of metallurgi
cal defects in the components.

Additive friction stir deposition (AFSD) has the advan
tages of high material utilisation rate and low processing 
temperature, but it has problems such as low process 
maturity, and the prepared components have limited 
shape design and mechanical properties [8,9]. Li et al. 
[10] used an AFSD system to deposit 2195 Al–Li alloy 
components with a length of 100 mm. The ultimate 
tensile strength of the Al–Li alloy after T6 heat treatment 
reached 505 MPa.

Compared to other AM methods (LPBF, LMD, and 
AFSD), wire and arc additive manufacturing (WAAM) is 
more capable of manufacturing large-size structural 
parts [11]. It can also greatly reduce the material 
removal rate, reducing manufacturing costs and pro
duction cycles. However, WAAM of Al–Cu–Li alloy still 
faces two problems: (i) the lower mechanical properties 
of the as-built parts. (ii) customised Al–Cu–Li wires are 
only fabricated at a laboratory scale. Because of its 
high strength and low elongation, Al–Cu–Li alloys are 
usually difficult to form continuous filaments to 
produce wires. Meanwhile, AM-fabricated components 
often impose strict requirements for the uniformity of 
composition, consistency of diameter, and surface 
quality of the feeding wires. Zhong et al. [12] and Xue 
et al. [13] respectively prepared 2050Al–Li and 
AA2196Al–Li alloy straight-walled walls by WAAM 
using customised Al–Li welding wire as raw materials. 
After T6 heat treatment, the ultimate tensile strength 

of the components reached 400 and 439 MPa, 
respectively.

In summary, although AM has outstanding advan
tages in terms of efficient forming, material utilisation, 
and flexibility, the Al–Cu–Li AM alloys still faces chal
lenges such as difficult preparation of raw materials, 
uneven microstructure, and low mechanical properties 
[14]. In this paper, aiming at solving the problems of 
low strength of WAAMed Al–Cu–Li alloys compounded 
by the difficult preparation of wire feedstock, a bypass- 
gas metal arc directed energy deposition (bypass-GMA 
DED) system was proposed for in-situ synthesis Al–Cu– 
Li alloys. Bypass-GMA DED can reduce heat loss to 
materials and metallurgical defects such as cracks and 
porosity caused by incomplete melting or excessive 
heat input. At the same time, it can provide better temp
erature control and reduce the temperature gradient 
during the forming process, thereby improving the 
microstructure uniformity of the material and improving 
the mechanical properties. At present, the Bypass-GMA 
DED technology has the advantage of flexible raw 
material selection, and has been used to synthesise Al– 
Mg–Cu alloys [15], 2024 alloys [16], and Al–Zn–Mg–Cu 
alloys [17,18], but the mechanical properties of the 
alloys need to be further improved. Therefore, in this 
study, the main welding wire of the bypass-GMA DED 
system was the Al–Cu wire, and the bypass tape was 
the Al–Li alloy. The microstructure evolution and mech
anical properties of before and after T6 heat treatment 
were evaluated. This research has significant practical 
significance and application potential of high strength 
AMed Al–Cu–Li alloys.

2. Material and methods

In this study, the developed bypass-GMA DED system 
composed of a Fronius welding power source, a KUKA 
robot and a bypass intermediate alloy feeding mechan
ism. Figure 1 shows a schematic of the process. An ER 
2319 welding wire with the diameter of 1.2 mm is 
used as the main wire (middle position), and a strip- 
shaped 2A97 intermediate alloy with the size of 
250 mm × 2 mm × 2 mm produced by Zhengzhou 
Qingyan Technology Co., LTD was also selected. The 
density of the intermediate alloy 2A97 and 2319 wire 
is 2.7 and 2.71g/cm3, respectively. The angle between 
the intermediate alloy and the main wire was set to 
60°. A 5083 Al alloy plate measuring 350 mm ×  
150 mm × 10 mm was used as the substrate. The chemi
cal compositions of welding wire, intermediate alloy and 
substrate are shown in Table 1. Before AM, the oxide film 
and impurities on the surface of the substrate and inter
mediate alloy are removed by grinding and acetone 
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cleaning. During the process, argon gas with a concen
tration of 99.999% is used as the shielding gas, and 
the gas flow rate is set at 20 L/min. The position of the 
substrate is fixed, and the moving speed of the 
welding torch is 0.5 m/min. The waiting time between 
layers is 120 s, to ensure that the temperature of the pre
vious layer is lower than 100℃ when the next deposition 
is made. The specific additive manufacturing parameters 
of 2319 and Al–Cu–Li alloys are shown in Table 2. The 
role of T6 heat treatment on the fabricated material 
was also assessed. For this comparison of microstructure 
and properties between the as-deposited and T6 con
dition materials was performed as detailed next.

Figure 2 details the location from where samples for 
characterisation were taken. Characterisation of the 
microstructure encompassed, light optical microscopy 
(OM), scanning and transmission electron microscopy 
(SEM/TEM), the former aided by electron backscattered 
diffraction (EBSD).

Inductively coupled plasma atomic emission spec
troscopy (ICP-AES, Horiba Ultima2) was used to deter
mine the chemical composition of the fabricated 
materials. Samples used for microstructure characteris
ation were polished and then Keller’s solution was 
used to reveal the grain structure features. Phase 
identification was by X-ray diffraction using a D/MAX- 
2500 X-ray diffractometer.

Further, the mechanical properties of the fabricated 
parts were evaluated combining both microhardness 

and tensile testing. Microhardness testing was per
formed using a load of 500 gf. Tensile testing was per
formed at a cross-head speed rate of 0.5 mm/min and 
strain rate of 6 × 10−4 s−1 at room temperature. 3 
samples obtained in the longitudinal (parallel to the 
BD) and transverse (perpendicular to the BD) directions 
were tested respectively.

3. Results and discussion

3.1. Chemical composition and microstructure of 
the fabricated parts

According to the feed speed, wire feeding time, wire 
density and the proportion of elements in the 2319 wire 
and the intermediate alloy 2A97, the mass percentages 
(wt.%) of Li and Cu elements in the fabricated com
ponents can be calculated as v(Li) = (0.50 ≏ 0.62)wt% 
and v(Cu) = (4.99 ≏ 5.72)wt%, as shown in Table 3.

The elemental composition of the bypass-GMA DED 
Al–Cu–Li alloy was also measured by ICP-AES (Table 3). 
In this part, the proportion of Li (0.48 wt.%) is below 
that of the theoretical proportion due to burning 
losses during the process. The proportion of Cu was 
measured to be 5.51 wt.%. It can be found that the 
actual measured elemental content is consistent with 
the theoretical calculation from Table 3. This suggests 
a high stability of the bypass-GMA DED process. It is gen
erally believed that when the mass percentage of Li and 

Figure 1. Schematic representation of the developed bypass-GMA DED process.
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Cu in Al–Cu–Li alloy reaches < 2.0 wt.% and > 2.5 wt.%, 
respectively, the alloy will belong to the third generation 
Al–Cu–Li alloys. Moreover, the high Cu/Li ratio (11.5) of 
the fabricated alloy is also in line with the development 
trend of Al–Cu–Li alloys. Thus, this innovative approach 
allowed to develop a third generation Al–Cu–Li alloy, 
with an increase in Cu content and decrease in Li, and 
the increase of the Cu/Li ration promotes a strengthen
ing effect which can positively impact the mechanical 
properties of the fabricated material [19].

Figure 3 depicts the macroscopic morphology of the 
cross section of the bypass-GMA DED Al–5.51Cu–0.48Li 
alloy component. The component shows that no cracks 
developed, but a small number of pores appear inside 
the component. Figure 3(a,c,e) correspond to the inter
layer regions at the top, middle and bottom of the com
ponent respectively, and Figure 3(b,d,f) are the layer 
central regions at the top, middle and bottom of the com
ponent respectively. Fine equiaxed grains (white arrow) 
are distributed around the fusion line (dotted green 
line), while pores in the component are mainly distribu
ted along the fusion line, and the intralayer is mainly com
posed by coarse columnar grains (yellow arrow). It can be 
seen from Figure 3(a,c,e) that there are more fine 
equiaxed grains near the fusion line at the bottom, 
which is caused by the heat from the upper layer 
heating the lower layer (causing an intrinsic heat treat
ment) during the bypass-GMA DED process, resulting in 
recrystallisation near the fusion line at the bottom. It 
can be seen from Figure 3(b,d,f) that the columnar 
grains mainly grow along the BD, and the dendritic segre
gation occurs inside the coarse columnar grains. Different 
grain structures appear in different regions, which are 
caused by factors such as temperature field, cooling 
rate, solidification process, etc. In the middle of the 
deposited layer, the temperature of the melt pool is 
higher due to the higher heat input and slower cooling 
rate. As the molten pool cools, the solidification process 

of the liquid phase is relatively slow, and the metal 
grains grow along the direction of heat flow under the 
influence of the temperature field, resulting in the for
mation of coarse columnar crystals. In the interlayer 
region of the deposited layer, the cooling rate is faster 
when the new layer of molten pool comes into contact 
with the lower layer, as each layer is already cooled 
with a cooler solid metal underneath. The high cooling 
rate promotes rapid solidification, which leads to the for
mation of fine equiaxed crystals.

The distribution of the grain structure greatly affects 
the mechanical properties of the alloy, and coarse 
columnar grains often result in lower mechanical proper
ties, especially in terms of tensile and fatigue. The 
growth direction of columnar crystals is usually along 
the temperature gradient, and the grain boundaries 
are relatively concentrated and inhomogeneous, result
ing in a large slip resistance at the grain boundaries, 
which limits the plastic deformation ability of the 
material. The structure of fine equiaxed grains can 
often significantly improve the mechanical properties 
of materials, especially in terms of tensile strength and 
plasticity. As the number of grain boundaries increases 
by the fine grains, the inhibitory effect of grain bound
aries on plastic deformation is enhanced, which signifi
cantly increases the strength of the material.

A small number of porosity defects appear in Figure 3, 
which are usually caused by the dissolution and incom
plete escape of gases in the molten pool. Porosity has a 
negative impact on the mechanical properties of alloys, 
especially in terms of strength, plasticity, and fracture 
behaviour. During additive manufacturing of aluminium 
alloys, the development of porosity is a common defect, 
and no additive manufacturing technology can comple
tely avoid the formation of porosity, similar to what 
occurs during casting. Therefore, it is necessary to strictly 
control/optimise the process parameters and develop 
subsequent heat treatment to reduce the negative 

Table 1. Chemical composition of welding wire, intermediate alloy and substrate.

Alloys

Chemical composition. (wt.%)

Cu Li Mg Zn Mn Si Ti Fe Zr Al

ER 2319 5.8–6.8 / 0.02 0.1 0.2–0.4 0.25 / / / Bal
Intermediate alloy 2A97 3.7–4.0 1.3–1.6 0.35–0.55 0.4–0.6 0.31 0.04 0.02 0.02 0.1–0.2 Bal
5083 0.07 / 3.75 0.04 0.49 0.09 / 0.2 / Bal

Table 2. Specific additive manufacturing parameters of 2319 and Al–Cu–Li alloys.

Additive manufacturing 
parameters

Density 
(g/cm3)

Current 
(A)

Deposition speed 
(m/min)

Feeding speed 
(m/min) Interlayer waiting time 

(s)
Gas flow speed 

(L/min)ER2319 2A97

2319 alloy 2.71 120 0.50 5.30 / 120 20
Al–Cu–Li alloy 2.7 120 0.50 5.30 0.95 120 20
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impact of pores on the mechanical properties of 
components.

The grain morphology and texture of the prepared Al– 
5.51Cu–0.48Li alloy components by bypass-GMA DED 
were analysed by EBSD in the YZ section. Analysis was 
performed into interlayer and interlayer centre region. 
In Figure 4, regions B and C correspond to the top depos
ited layer, regions D and E are selected from the middle- 
deposited layer, while regions F and G correspond to the 
bottom deposited layer. Regions B, D and F are from 
central regions of each layer, and regions C, E and G 
were obtained from the interlayer regions. As shown in 
Figure 4(d–i), different IPF colours represent different 
directions. Because the sample was deposited layer by 
layer manner, its macro structure showed typical 
layered characteristics. As shown in Figure 4(d–i), the 
fusion lines (marked with black dotted lines) are clearly 
visible in the interlayer region (Figure 4(e,g,i)), and colum
nar and equiaxed grain structures are found to exist on 
the upper and lower sides of the fusion line, respectively. 
Concerning the central part of the top layer, the grain 
structure shown in Figure 4(d,f) exhibits a grain structure 
featuring columnar grains. The fusion line is located 
between the fine equiaxed grains and the cellular 
grains, and remelting occurs in part of the interlayer 
due to heat input of the next layer to be deposited. 
Equiaxed grains form due to partial melting in sub
sequent layers and are typically found at the boundary 
of columnar grains because of the local solidification con
ditions [20]. Therefore, the coarse grains in the unmelted 

area below the fusion line result from repeated heat input 
associated to the process [21]. The grain distribution is 
due to the blocking and growth of certain grains during 
deposition and remelting. The stable arc heat input of 
the molten pool and the relatively low rate of thermal 
decomposition create an environment conducive to the 
growth of columnar grains. Consequently, the micro
structure of the components produced by bypass-GMA 
DED is not formed in a single step but evolved due to mul
tiple remelting and heat treatment cycles. When the (N +  
1) layer remelts the N layer, the arc heats the (N–1) layer. 
Dong et al. [22] reported that a single deposited layer was 
divided into upper and lower parts by the conventional 
WAAM process. Due to the low heat input of the cold 
metal transfer (CMT) process, bypass-GMA DED has no 
obvious signs of stratification, and the grain distribution 
is more uniform which is expected to confer a more iso
tropic behaviour.

Compared to the top and middle layers, the grain 
morphology and texture of the bottom layer are slightly 
different. Figure 4(j) and (k), (l) and (m), (n) and (o) details 
the grain size statistics for the top layer centre and inter
layer, middle layer centre and interlayer, bottom layer 
centre and interlayer. The average grain size difference 
between the top, middle and bottom layers is 47.8%, 
42.2% and 67.5%, respectively. The reason for these 
grain size difference can be attributed to heat accumu
lation and remelting. The heat accumulation induced 
by the electric arc makes the cooling rate of the top 
layer to decrease, which promote grain growth.

Figure 2. Schematic representation of samples used for microstructure and mechanical characterisation: (a) position of the samples 
used for characterisation, (b) location analysis for OM, EBSD and micro-hardness testing, (c) tensile sample dimensions, (d) appearance 
of fabricated part (unit: mm).
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Figure 4(p) and (q), (r) and (s), (t) and (u) depict the 
pole figures of the top, middle and bottom layers of 
YZ section of the Al–5.51Cu–0.48Li component, respect
ively. The maximum texture index reaching 8.208 and 
4.323, 8.272 and 2.837, and 4.033 and 1.223, respectively. 
The maximum texture index of the Al–5.51Cu–0.48Li 
components is large in the intralayer region, and small 
in the interlayer region, indicating that the grain 
texture characteristics vary within the deposited 
material. In fact, the intralayer region is mainly com
posed coarse columnar grains, and there are more fine 
equiaxed grains in the interlayer region, which is consist
ent with the results in Figure 4(d–i), reflecting the effects 
of heat input and remelting on the grain texture devel
opment during the deposition process.

In addition, the texture of the deposited alloy shows a 
pronounced [100] texture along the deposition direc
tion. This is because in the bypass-GMA DED process, 
where the heat input to the melt pool, the cooling con
ditions, and the grain growth mechanism determine the 
preferential orientation of a particular crystal orien
tations during deposition. Al alloys have a face-centred 
cubic (FCC) crystal structure, and the [100] direction 
usually has a lower surface energy and a higher crystal 
growth rate, so it is easy for grains preferentially to pre
ferentially grow along the [100] direction during depo
sition. Changes in heat input affect the direction of 
grain growth and texture formation. At higher heat 
inputs, grains usually solidify and grow in directions in 
easy grow directions. Under rapid cooling and local 

Table 3. Practical and theoretical proportions of each element in bypass-GMA DED Al–Cu–Li alloy part.

Alloy

Chemical composition (wt.%)

Cu Li Mg Zn Mn Ti Fe Zr

Bypass-GMA DED Al–Cu–Li alloy ICP-AES measurement 5.51 0.48 0.18 0.26 0.29 0.08 0.21 0.15
Theoretical calculation 4.99–5.72 0.50–0.62 / / / / / /

Figure 3. Microstructure of the Al–5.51Cu–0.48Li alloy fabricated component: (a,c,e) interlayer region at the top, middle and bottom 
of the component, (b,d,f) intralayer region at the top, middle and bottom of the component, (g) longitudinal section of the fabricated 
component.
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Figure 4. EBSD maps and pole figures analysis of top, middle and bottom layers of the YZ cross-section sample: (a)–(c) scanning 
positions, (d)–(i) reconstructed grain boundaries, (j)–(o) grain size measurements, (p)–(u) pole figures of regions.
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thermal gradients, grains in the [100] direction are often 
dominant due to their lower surface energies and high 
growth rates. In AM, the orientation of the grains often 
coincides with the direction of deposition or heat flow. 
Due to the motion path of the deposited heat source 
(arc) and the influence of cooling conditions, the 
grains tend to grow in a oriented direction. As a result, 
the texture strength in the [100] direction is usually 
higher during bypass-GMA DED.

According to the Johnson-Mehl [23] equation, the 
number of nuclei formed in a given unit time, t, 
depends on the rate of nucleation, N, and the rate of 
growth, vg, as:

P(t) = k(
N
vg

)(3
4) (1) 

where k is a constant, determined by the shape of the 
crystal nucleus. The nucleation rate and growth rate 
are determined by the degree of liquid supercooling, 
DT , at the front end of the solid–liquid interface during 
solidification. The study of Hu et al. [24] shows that 
N/ exp ( − 1

DT2), and vg / DT where the nucleation rate 
increases rapidly with the increase of the degree of 
supercooling. Therefore, due to the high deposition 
efficiency of the process, the thickness and width of a 
single layer are thicker (2.2 and 6 mm, respectively), so 
the degree of supercooling during solidification 
increases, resulting in a decrease in the number of 
nucleation events. The larger thickness and width 
provide sufficient holding time for grain growth to 
occur. Several independent dendritic grains grow simul
taneously in the melt pool, so its orientation becomes 
more complex, resulting in a larger texture index in 
the intralayer region and a smaller texture index in the 
interlayer region. The ratio of nucleation rate, P(t), to 
nucleation growth rate, vg, is also small, so coarse 
grains are obtained in the intralayer region.

By comparing the differences in grain boundary 
angles between the top, middle and bottom of 
bypass-GMA DED Al–5.51Cu–0.48Li alloy, it is not only 
possible to study the differences in their crystal growth 
behaviours, orientation relations of the grains, and the 
internal stress states of the grains at the microscopic 
level, but also provide a reference to the next step of 
evaluating the differences in their mechanical properties 
and fracture behaviours.

Figures 5 and 6 detail the grain boundary angles stat
istics and distribution of bypass-GMA DED Al–5.51Cu– 
0.48Li alloy, respectively. Generally, grain boundary 
angles between 2 ∼ 15° are defined as the low-angle 
grain boundaries (LAGBs) (green curve), and above 15° 
as high-angle grain boundaries (HAGBs) (blue curve). 
The HAGBs have a strong hindrance effect, impeding 

the movement of dislocations and promoting material 
strengthening. LAGBs have a relatively simple structure 
and low energy, and they play a ‘slip’ role in the defor
mation process within the grain, and their contribution 
to the change of crystal mechanical properties is rela
tively small [25,26]. As can be seen from Figure 5, the pro
portion of HAGBs at different locations is higher than that 
of LAGBs. Due to the rapid cooling of the deposited layer 
during additive manufacturing, a large orientation differ
ence between the grains is formed, resulting in a higher 
proportion of HAGBs. As can be seen from the grain 
boundary angle distribution in Figure 6, the grain bound
ary angle distribution near the fusion line is more concen
trated due to the recrystallisation of the grains near the 
fusion line during deposition. Locations with more 
HAGBs tend to have smaller grains because they inhibit 
further grain growth. The bottom weave has more 
HAGBs than the top and middle regions, which promotes 
recrystallisation, so the grains near the bottom fusion line 
are small and randomly oriented, as shown in Figures 4(i) 
and 6(f). In addition, because of heat flow and cooling 
rates during deposition, grains typically grow in a 
specific direction, and this directional growth results in 
greater anisotropy in grain orientation, as shown in 
Figure 4(d,f). The increase of HAGBs can alleviate the 
strong bias of this orientation to some extent, as HAGBs 
can promote the random orientation of the grains, as 
shown in Figure 4(h).

Figure 7 depicts the Kernel average misorientation 
(KAM) diagram of bypass-GMA DED Al–5.51Cu–0.48Li 
alloy. The red-green colour in the figure shows the 
areas with high KAM values (2 to 5 degrees), which rep
resent the areas of stress concentration. The blue colour 
indicates areas with low KAM values (0 to 2 degrees) 
and represents areas with low-density defects. The KAM 
value inside the deposited alloy grains varies with the 
morphology and orientation of the grains. The KAM 
value is higher in the region near the LAGBs, as shown 
in Figure 7(f). However, the KAM values are lower in the 
region away from the LAGBs, as shown in Figure 7(d,e). 
The higher the KAM value, the greater the plastic defor
mation or stress concentration that the material has 
undergone. The LAGBs correspond to higher KAM 
values, which means that the deformation in this region 
is more uniform and less hindered by dislocations.

3.2. Effect of heat treatment on microstructure of 
AM components

During deposition, the solidification of the microstruc
ture inside the grain takes precedence over the micro
structure at the grain boundary, resulting in the 
segregation of the Cu element and the eutectic phase 
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with low melting point at the grain boundary, which in 
turn leads to the ‘thickening’ of the grain boundary of 
the deposited alloy, as shown in Figure 8(a,c). The 
second phase of the deposited alloy is mainly segre
gated at the grain boundary, with a small amount dis
tributed inside the grain, as shown in Figure 8(c). The 
segregation of Cu and Al2Cu phases was eliminated by 
heat treatment, and Cu was uniformly distributed 
inside the grain, the eutectic phase with low melting 
point (α(Al)+θ(Al2Cu)) at the grain boundary was predo
minantly dissolved, and a small amount of the high 
melting point second phase θ(Al2Cu) was distributed 
inside the grains, as shown in Figure 8(d). Due to the 
elimination of segregation, the grain boundaries of the 
alloy become clearer after heat treatment, as shown in 
Figure 8(b).

As shown in Figure 9, Al and Al2Cu phases exist in the 
deposited 2319 Al alloy (black curve), and after heat 
treatment, the Al2Cu phase fraction increases signifi
cantly (red curve). In contrast, in the Al–5.51Cu–0.48Li 
alloy (blue and green curves), in addition to the Al2Cu 
phase, two new second phases, Al2CuLi and δ′ (Al3Li), 
also formed. After heat treatment, the Al2Cu phase in 
Al–5.51Cu–0.48Li alloy decreases, mainly due to the 
transformation of large particles θ phase into small θ′

and θ′′ phases. Meanwhile, Cu aids in the formation of 
Al2CuLi, while Al and Li promote Al3Li formation, result
ing in the decrease of peak strength of Al2Cu phase. In 
addition, during heat treatment, more Al2CuLi and 
Al3Li phases are formed in the Al–5.51Cu–0.48Li alloys, 
which significantly increases the diffracted intensity 
associated to these phases.

The chemical composition of the second phase was 
studied using HAADF-STEM. As shown in Figure 10, the 
second phase θ of the deposited 2319 alloy is mainly 
large particle disc-shaped (Figure 10(a)), while on the 
deposited Al–5.51Cu–0.48Li alloy is mainly distributed 
in the shape of short rods (Figure 10(c)). After T6 heat 
treatment, some large particle dispersion phase 
remains in 2319 alloy, and a large number of fine 
needle-like phases appear (Figure 10(b)). Moreover, a 
large number of fine needle-like phases and a small 
amount of small dot-like phases appear in Al–5.51Cu– 
0.48Li alloy after T6 heat treatment (Figure 10(d)). EDS 
results show that the segregation of Cu and Mn 
existed inside the deposited 2319 alloy, and the concen
tration of Cu and Mn in the aluminium matrix is relatively 
low (Figure 10(a)). The deposited Al–5.51Cu–0.48Li alloy 
has mainly Cu segregation, and a small amount of Mg, 
Zn and Zr exist in the aluminium matrix. The increase 
of these three elements is due to the addition of inter
mediate alloy components (Figure 10(c)). After the T6 
heat treatment, the concentration of Cu inside 2319 
alloy matrix significantly increases, and a large number 
of fine needle-like phases precipitate (θ′ and θ′′). As 
the strengthening phases, the size of θ′ phase is about 
100–200 nm, while θ′′ phase is smaller, about 15– 
50 nm, with both promoting an increase in the mechan
ical properties of the alloy (Figure 10(b)). In addition, 
after the T6 heat treatment, there is still a disc-shaped 
dispersion phase (θ) in the 2319 alloy. The dispersion 
phase does not dissolve during the heat treatment, 
which has no effect on the mechanical properties of 
the material, but can provide nucleation sites for the 

Figure 5. Grain boundary fraction plots of deposited Al–5.51Cu–0.48Li alloy.
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needle-like phase to form and accelerate its precipi
tation (Figure 10(b)). After T6 heat treatment, the Cu- 
containing phase θ in the Al–5.51Cu–0.48Li alloy is 
almost completely dissolved, and the concentration of 
Cu increases significantly, which is significantly higher 
than the increase of Cu concentration in T6 2319 alloy. 
Such a high concentration of Cu provides the precursor 
Guinier-Preston (GP) zones (Cu enrichment) for the 
strengthening phase, so the precipitation content and 
rate of the strengthened phase are increased (Figure 
10(d)).

Compared to two kinds of strengthening phases (θ′

and θ′′) precipitated from T6 2319 alloy, four kinds of 
strengthening phases are precipitated inside the T6 
Al–5.51Cu–0.48Li alloy, namely θ′, θ′′, T1 and δ′ phases 
(Figure 10(c)). Among them, θ′, θ′′ and T1 are needle- 
like phases, but they are differ in size and content. The 
length of θ′ and T1 phases is about 100–200 nm, but 
the width of the θ′ phase is higher, its fraction is 
increased, and their orientation is well defined. In oppo
sition, the T1 phase is finer, its content is lower, and upon 
their formation there exists an orientation relationship 

Figure 6. Grain boundary distribution of deposited Al–5.51Cu–0.48Li alloy: (a) top intralayer, (b) middle intralayer, (c) bottom intra
layer, (d) top interlayer, (e) middle interlayer, (f) bottom interlayer.

Figure 7. KAM diagram of deposited Al–5.51Cu–0.48Li alloy: (a) top intralayer, (b) middle intralayer, (c) bottom intralayer, (d) top 
interlayer, (e) middle interlayer, (f) bottom interlayer.
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with the θ′ phase. Studies [27] show that, in the direction 
of [110] Al incidence, the relationship between T1 phase 
and θ′ phase is 125.3°, and the relationship between T1 

phase and T1 phase is 109.4°. The rod-like θ′′ phase 
formed is shorter, with its size ranging from about 15 
to 50 nm (Figure 10(d)). In addition, the increase of the 
types and quantities of strengthening phases in Al– 
5.51Cu–0.48Li alloys lays a foundation for the improve
ment of mechanical properties.

To more accurately analyse the microstructure of the 
second phase formed, high-resolution transmission elec
tron microscopy was used to characterise the lattice 
fringes of the second phase, and all images were 
obtained from the [110] Al orientation, as shown in 
Figure 11. The lattice fringe spacing of Al matrix, θ 
phase, θ′ phase, θ′′ phase, δ′ phase and T1 phase in 
Al–5.51Cu–0.48Li alloy is 0.2152, 0.1299, 0.2907, 0.2127, 
0.2205 and 0.2550 nm, respectively. It can be seen that 
θ phase is completely irrelevant to Al matrix, and has 
little effect on the properties of Al matrix (Figure 
11(d)). From the electron diffraction pattern of [110] Al 
crystal band axis, it can be seen that the diffraction 
spots of δ′ phase and T1 phase are at the red circles in 
Figure 11(d,e), respectively. Thus, the relationship 
between δ′ phase and T1 phase and Al matrix is comple
tely coherent and semi-coherent, respectively. In 
addition, the lattice fringe spacing of θ′′ phase is close 
to Al matrix, and the relationship with Al matrix is com
pletely coherent (Figure 11(c)). The lattice fringe spacing 

of θ′ phase is quite different from that of Al matrix, and is 
semi-coherent with Al matrix (Figure 11(b,e)). Therefore, 
δ′, θ′, θ′′ and T1 phases can optimise the microstructure 
and properties of the alloy, in which δ′ and θ′′ which are 
completely coherent with the Al matrix have the great
est influence on the microstructure and properties of 
the alloy.

3.3. Effect of heat treatment on mechanical 
properties of AM components

Figure 12 shows the comparison of tensile properties of 
GMA DED 2319 alloy and bypass-GMA DED Al–5.51Cu– 
0.48Li alloy. Figure 12(a) shows the longitudinal tensile 
stress–strain curves of 2319 alloy and Al–5.51Cu–0.48Li 
alloy before and after T6 heat treatment. The tensile 
strength and elongation of the 2319 alloy in the depos
ited state are 254 MPa and 13.1% (blue curve), and the 
strength and elongation of 2319 alloy after T6 heat 
treatment are 372 MPa and 5.9% (black curve), respect
ively. The tensile strength and elongation of the depos
ited Al–5.51Cu–0.48Li alloy are 310 MPa and 3.0% (red 
curve), respectively, and 492 MPa and 2.5% (green 
curve) after T6 heat treatment. Compared to the 
deposited and T6 2319 alloy, the tensile strength of 
the deposited and T6 Al–5.51Cu–0.48Li alloys is 
increased by 21.9% and 32.3%, respectively. Figure 
12(b) depicts the longitudinal and transverse stress– 
strain curves of Al–5.51Cu–0.48Li alloy before and 

Figure 8. OM and SEM of Al–5.51Cu–0.48Li alloy fabricated component: (a) deposited state, (b) T6 heat treatment state: (a) and (b) are 
OM before and after heat treatment, and (c) and (d) are SEM before and after heat treatment, respectively.
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after heat treatment, and Figure 12(d) details the longi
tudinal and transverse tensile strength, yield strength 
and elongation of Al–5.51Cu–0.48Li alloy before and 
after heat treatment. Compared to the longitudinally 
deformed samples (black and blue curves), the 
elongation and tensile strength of the transverse 
counterparts have significantly improved mechanical 
response (red and green curves). Figure 12(c) shows 
the longitudinal and transverse tensile strength and 
elongation of GMA DED 2319 alloy. The longitudinal 
and transverse tensile strength of GMA DED 2319 
alloy in deposition state are 254 and 257 MPa respect
ively. After T6 heat treatment, the tensile strength of 
2319 alloy is increased to 372 and 383 MPa respect
ively. The longitudinal tensile strength, yield strength 
and elongation of the deposited Al–5.51Cu–0.48Li 
alloy are 310, 227 MPa and 3.0% (Figure 12(d)), respect
ively. After T6 heat treatment, the longitudinal tensile 
strength, yield strength and elongation are 492, 
440 MPa and 2.5% (Figure 12(d)), respectively. The 
transverse tensile strength, yield strength and 
elongation of the deposited Al–5.51Cu–0.48Li alloy 
are 371, 250 MPa and 5.18% (Figure 12(d)), respectively, 
and the transverse tensile strength, yield strength and 
elongation of the deposited Al–5.51Cu–0.48Li alloy 
after T6 heat treatment are 591, 416 MPa and 5.15% 
(Figure 12(d)), respectively. Compared to the deposited 
alloy, the longitudinal tensile strength and yield 
strength of T6 heat treatment increased by 58.6% 
and 93.2%, respectively, and the elongation decreased 

by 16.7%. After T6 heat treatment, the transverse 
tensile strength and yield strength are increased by 
59.2% and 66.1%, respectively, and the elongation is 
decreased by 0.6%.

In summary, the mechanical properties of the two 
deposited alloys are different, mainly because the 
addition of Li element optimises the distribution and 
morphology of the second phase. The addition of Li 
element can promote the uniform distribution of the 
second phase, reduce the precipitation of large particles 
from the second phase, and form a finer, uniformly dis
persed particle or rod-like structure. This refined 
second phase helps to stop the slippage of the dislo
cation, thereby enhancing the strength of the material. 
The strength of the alloy after heat treatment is greatly 
increased because a large number of fine needle-like 
strengthening phases are precipitated after aging. 
These needle-like second phases form a coherent and 
semi-coherent interface with the Al matrix, which can 
be well embedded in the matrix lattice and reduce the 
interface energy, and can effectively contain the dislo
cation, increase the difficulty of dislocation traversal, 
and thus enhance the strength of the alloy. The strength 
of Al–5.51Cu–0.48Li alloy after T6 heat treatment is 
higher than that of 2319 Al alloy, because the addition 
of Li element promotes the precipitation of more types 
of needle-like strengthening phases in Al–5.51Cu– 
0.48Li alloy. The 2319 Al alloy only precipitates θ′ and 
θ′′ two strengthened phases, while Al–5.51Cu–0.48Li 
precipitates θ′, θ′′, δ′ and T1 phases.

Figure 9. XRD patterns of 2319 Al alloy and Al–5.51Cu–0.48Li alloy before and after heat treatment.
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Figure 10. HAADF-STEM image and EDS mapping of second phase: (a) deposited 2319 alloy; (b) T6 heat treatment of 2319 alloy (c) 
deposited Al–5.51Cu–0.48Li alloy; (d) T6 heat treatment of Al–5.51Cu–0.48Li alloy.
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According to Liu et al. [28], the predicted strength, 
s, of an Al–5.51Cu–0.48Li alloy prepared by bypass- 
GMA DED must include grain boundary strengthening, 
solid solution strengthening and precipitation strength
ening:

s = s0 + Dsgb + Dsss + Dsor (2) 

where s0 is the tensile strength of pure Al (80 MPa), 
Dsgb, Dsss and Dsor are the strength increment 
caused by grain boundary, solid solution and precipi
tation effects, respectively.

The average grain size in the central region is 
about 182 μm. According to the Hall-Petch 

Figure 11. Magnified HRTEM image for second phase analysis in Al–5.51Cu–0.48Li alloy fabricated by bypass-GMA DED: (a) θ phase; 
(b) θ′ phase; (c) θ′′ phase; (d) δ′ phase; (e) T1 phase.
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relationship, grain boundary strengthening is defined 
as [29]:

Dsgb = kyd
− 1
2 (3) 

where ky is the Hall-Petch coefficient (0.14 MPa·mm1/2), 
the calculated Dsgb is 10 MPa, and the 
contribution of solid solution strengthening is as 
follows [30]:

Dsss =
􏽘

i

kiCi (4) 

where ki is the strength increase efficiency of each 
element (kZn = 2.9 MPa/wt.%, kMg = 18.6 MPa/wt.%, kCu  

= 13.8 MPa/wt.%, kLi = 10.9 MPa/wt.% [31]). Ci rep
resents the solute content, Cu, Li, Mg, Zn and Mn con
tents are 5.51%, 0.48%, 0.18%, 0.26% and 0.29% 
respectively, and the calculated value of Dsss is 
89 MPa. Orowan mechanism is the main mechanism 
of θ′, θ′′, δ′ and T1 strengthening in Al–Cu–Li alloys 
[31]. The contribution of Orowan mechanism 

enhancement is expressed by [28,32]:

Dsor = M
0.4Gb

p
������
1 − v
√

ln (2r/b)
l

(5) 

l =

����
3p
4f

􏽲

− 1 (6) 

where M is the Taylor factor (3.06 for FCC alloy), G is 
the shear modulus (26.5 GPa for Al matrix), v is Pois
son’s ratio (0.34), and b is the Burgers vector 
(0.286 nm for Al alloy). r (estimated at 7 nm based on 
HRTEM images) and f (estimated at 12.8% based on 
SEM and HRTEM images) are the mean radii and 
volume fractions of θ′, θ′′, δ′ and T1 precipitates. The 
calculated Dsor is 430 MPa. The predicted strength s 
of Al–5.51Cu–0.48Li alloy is 609 MPa (s0 = 80 MPa, 
Dsgb = 10 MPa, Dsss = 89 MPa, Dsor = 430 MPa). The 
transverse tensile strength of the component is 
591 MPa, which almost reaches the predicted value. 
Compared to the transverse samples, the longitudinal 
tensile fracture occurs at the interlayer fusion line, 
which is region that accumulates pores, resulting in a 
lower tensile strength in longitudinally deformed 
material.

Figure 12. Comparison of mechanical properties of AMed 2319 alloy and Al–5.51Cu–0.48Li alloy before and after heat treatment: (a) 
longitudinal tensile stress–strain curves of 2319 alloy and Al–5.51Cu–0.48Li alloy before and after heat treatment; (b) longitudinal and 
transverse tensile stress–strain curves of Al–5.51Cu–0.48Li alloy before and after heat treatment; (c) tensile properties of 2319 alloy 
before and after heat treatment; (d) tensile properties of Al–5.51Cu–0.48Li alloy before and after heat treatment.
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Figure 13 shows the relationship of the mechanical 
properties of Al–Cu–Li alloys under different processes. 
As shown in Figure 13, the three different colour aster
isks represent the transverse properties of T6 state Al– 
5.51Cu–0.48Li alloy (red asterisk), the longitudinal prop
erties of T6 state Al–5.51Cu–0.48Li alloy (pink asterisk), 
and the longitudinal properties of deposited state Al– 
5.51Cu–0.48Li alloy (dark green asterisk), respectively. 
Compared to the current Al–Cu–Li alloy components 
by different AM methods, the longitudinal tensile 
strength of the as-deposited state (310 MPa) and T6 
state (492 MPa) in this study is higher than that of the 
LMD as-deposited state (244 MPa) [33] and T6 state 
(458 MPa) [7], respectively. The transverse tensile 
strength of the T6 state Al–5.51Cu–0.48Li alloy 
(591 MPa) is also higher than that of the WAAM 
AA2050-T6 (400 MPa) [12], WAAM AA2196-T6 + 42% 
hot deformation (439 MPa) [13] and AFSD 2195-T6 
(505 MPa) [10], respectively. Compared to the conven
tional third generation Al–Cu–Li alloys prepared by tra
ditional processes, the transverse tensile strength 
591 MPa (T6 state) is still higher than that of the 
518 MPa (as-extruded 2195-T6) [34], 510 MPa (as-cast 

2196-T6) [35] and 551 MPa (as-annealed 2050-T6) [36], 
respectively. Although there are a small number of 
pores in the Al–5.51Cu–0.48Li alloy deposited in this 
study, as shown in the metallographic diagram in 
Figure 3. Nonetheless, through reasonable AM process 
parameter optimisation, heat treatment process devel
opment and composition design, the transverse tensile 
strength of the alloy reached 591.1 MPa, which was 
higher than that of AMed Al–Cu–Li alloys and met the 
performance requirements of the third generation Al– 
Cu–Li alloy.

In order to compare the mechanical property differ
ences between different materials, several mechanical 
property parameters need to be considered in engineer
ing design. A parameter Q can be used as a basis for the 
comprehensive consideration of these parameters, provid
ing more comprehensive information and guidance for 
material selection, design and application, which makes 
the materials perform better in practical applications.

However, the elongation of the bypass-GMA DED Al– 
5.51Cu–0.48Li alloy is relatively low. In order to quantify 
comprehensively the properties of the formed alloy, a 
parameter Q is introduced. Q as defined by the 

Figure 13. Comparison of tensile strength and elongation of Al–Cu–Li alloys with different processes.
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UTS(MPa) and elongation (%EI):

Q = UTS(MPa)+ 150× log (%EI) (7) 

As is shown in Table 4, the value Q (715 MPa) of T6 
state Al–5.51Cu–0.48Li alloy prepared by bypass-GMA 
DED method is higher than that of T6 state LMD Al–Li 
alloy (563 MPa) [7], T6 state WAAM AA2050 (505 MPa) 
[12], T6 state WAAM AA2196 (565 MPa) [13], T6 state 
AFSD 2195 (598 MPa) [10], T6 state as-extruded 2195 
(660 MPa) [34], T6 state as-extruded 2196 (653 MPa) 
[35] alloys and T6 state as-annealed 2050 alloy 
(680 MPa) [36]. The results show that the Al–5.51Cu– 
0.48Li alloy prepared by bypass-GMA DED method has 
better mechanical properties. This novel bypass-GMA 
DED has the advantages of large single-layer size and 
low subcooling degree DT , attributed to the larger 
grain size unfortunately. In the future, the hetero
geneous nucleation during melt pool solidification can 
be increased by adding grain refiners [37], so as to 
achieve grain refinement and further improve the mech
anical properties of the prepared alloys.

Figure 14 shows the micro-hardness comparison 
between 2319 alloy and Al–5.51Cu–0.48Li alloy before 
and after heat treatment. The deposited 2319 alloy has 
low micro-hardness and relatively small fluctuation of 
micro-hardness value (purple curve), while the depos
ited Al–5.51Cu–0.48Li alloy has a slight increase in 
micro-hardness value but relatively large fluctuation of 
micro-hardness value (green curve). After T6 heat treat
ment, the micro-hardness of 2319 alloy and Al–5.51Cu– 
0.48Li alloy increased significantly, and the micro-hard
ness values of both fluctuated relatively large (brown 
curve and red curve), as shown in Figure 14(a). The 
average micro-hardness of deposited 2319 alloy and 
Al–5.51Cu–0.48Li alloy is 70.2 and 92.4 HV (purple 
column and green column), and the average micro-hard
ness of T6 state 2319 alloy and Al–5.51Cu–0.48Li alloy is 
131.1 and 146.4 HV, respectively. Compared with the 
deposited and T6 state 2319 alloy, the average micro- 
hardness of Al–5.51Cu–0.48Li alloy increases by 31.6% 
and 11.7% respectively, as shown in Figure 14(b).

In summary, the hardness of the 2319 Al and 
5.51Cu–0.48Li Al–Li alloys changes periodically along 
the deposition direction, which is mainly related to 
grain structure, porosity and phase transformation 
characteristics. In areas of higher peak temperature or 
slower cooling, grains will grow larger, and larger 
grains provide fewer grain boundaries, so the material 
has less resistance to deformation, resulting in a 
decrease in material hardness. The smaller the grain 
structure, the stronger the resistance to deformation 
of the material, and therefore the hardness. The pres
ence of porosity can lead to a local reduction in the 
hardness of the material, as these defects act as stress 
concentration points that can cause local plastic 
deformation upon loading. In addition, during the hot 

Table 4. Q values of T6 Al–Cu–Li alloy under different 
preparation processes.

Grade and state
Tensile strength 

(MPa)
Elongation (% 

EI)
Q 

(MPa)

Our work-T6 591 5.2 715
2050-as-annealed-T6 [36] 551 7.2 680
AA2196-WAAM-T6 + 42% 

hot [13]
439 6.9 565

2195-AFSD-T6 [10] 505 4.2 598
Al–Li alloy-LMD-as- 

deposited [33]
244 5.0 349

Al–Li alloy-LMD-T6 [7] 458 5.0 563
2195-as-extruded-T6 [34] 518 8.9 660
2196-as-extruded-T6 [35] 510 9.0 653
AA2050-WAAM-T6 [12] 400 5.0 505

Figure 14. Comparison of micro-hardness of 2319 alloy and Al–5.51Cu–0.48Li alloy before and after heat treatment in YZ section: 
(a) micro-hardness point plot; (b) average micro-hardness.
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deposition process, the phase transformation behaviour 
of alloys (such as the formation of solid solutions, 
changes in precipitated phases) will be affected by 
temperature, which in turn will affect the hardness of 
deposited material.

Upon the addition of Li element, the solid solution 
strengthening effect is enhanced, resulting in higher 
strength and micro-hardness of the deposited Al– 
5.51Cu–0.48Li alloy, when compared to the 2319 alloy. 
Due to the rapid diffusion rate of Li during the heat 

Figure 15. Longitudinal fracture analysis of 2319 alloy and Al–5.51Cu–0.48Li alloy before and after heat treatment: (a) deposited 2319 
alloy; (b) T6 state 2319 alloy; (c) deposited Al–5.51Cu–0.48Li alloy; (c) T6 state Al–5.51Cu–0.48Li alloy.
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treatment, the precipitation of δ′ phase and T1 phase in 
Al–5.51Cu–0.48Li alloy is increased, which further aids in 
increasing the strength and micro-hardness of Al– 
5.51Cu–0.48Li alloy after the T6 heat treatment.

To analyse the fracture characteristics of the 2319 and 
Al–Cu–Li alloys, the longitudinal fracture morphology 
after deformation was probed by SEM. As shown in 
Figure 15, a large number of small and shallow 

Figure 16. Transverse fracture analysis of 2319 alloy and Al–5.51Cu–0.48Li alloy before and after heat treatment: (a) deposited 2319 
alloy; (b)T6 state 2319 alloy; (c) deposited Al–5.51Cu–0.48Li alloy; (c) T6 state Al–5.51Cu–0.48Li alloy.
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dimples (orange arrows) are mainly distributed in the 
longitudinal fracture surface of the deposited 2319 
alloy, showing a typical ductile fracture. The second 
phase θ (white arrows) is mainly distributed in the 
centre of the dimple, while some evidence of this 
phase can be found distributed along the grain bound
aries (Figure 15(a)). In addition to the distribution of 
small and shallow dimples (orange arrow), there are 
also some large and deep dimples (red arrow) at the 
longitudinal fracture surface of the deposited Al– 
5.51Cu–0.48Li alloy. In addition, there is also evidence 
of tearing edges of different sizes (blue arrows) at the 
fracture surface. Therefore, the fracture characteristics 
are the combination of ductile and brittle aspects, and 
the second phase θ (white arrows) are distributed at 
the grain boundaries. As shown in Figure 15(c), after 
the T6 heat treatment, both the 2319 alloy and 
Al–5.51Cu–0.48Li alloy show brittle fracture character
istics, with a large number of tearing edges (blue 
arrows) distributed at the fracture surface. However, 
the Al–5.51Cu–0.48Li alloy has more tearing edges and 
these features are larger compared to the 2319 counter
part (Figure 15(b,d)). A large fraction of granular θ phase 
(white arrows) are distributed at the fracture surface of 
both materials. These irregular second phases are equiv
alent to intermetallic compounds and will reduce the 
toughness of the materials.

A large number of small and shallow dimples (orange 
arrows) are also distributed in the transverse fracture of 
both 2319 alloy and Al–5.51Cu–0.48Li alloy, and the 
second phase θ particles are distributed in the centre 
of the dimples, among which the second phase θ is 
larger in the dimples of 2319 alloy (refer to Figure 
16(a,c)). In addition, there are some large and deep 
dimples at the fracture surface of the deposited 2319 
alloy (red arrows), and some tearing edges at the frac
ture of the deposited Al–5.51Cu–0.48Li alloy (blue 
arrows). Therefore, the deposited 2319 alloy shows evi
dence of a ductile fracture, while the deposited Al– 
5.51Cu–0.48Li alloy shows tough-brittle composite frac
ture, as shown in Figure 16(a,c). After the T6 heat treat
ment, both 2319 alloy and Al–5.51Cu–0.48Li alloy show 
brittle fracture, with a large number of tearing edges 
(blue arrows) distributed at the fracture, with the Al– 
5.51Cu–0.48Li alloy has longer tearing edges (see 
Figure 16(b,d)).

4. Conclusion

In this work, a novel bypass-GMA DED-arc method was 
proposed. An Al–5.51Cu–0.48Li alloy was synthesised 
in situ by this method, and the alloy was subjected to 
T6 heat treatment. The evolution and improvement of 

microstructure and mechanical properties of the alloy 
before and after heat treatment were studied. The 
main conclusions are as follows: 

(1) The composition of the prepared Al–5.51Cu–0.48Li 
alloy ((Li) = 0.48wt.%) is close to that of the theoreti
cal calculations ((Li) = 0.50wt. ∼ 0.62wt.%). The Cu/Li 
ratio (11.5) is in line with the development trend of 
the third generation Al–Cu–Li alloys ((Cu) >  
2.5wt.%; (Li) < 2.0wt.%), possessing better mechan
ical properties with low Li content (0.48 wt.%).

(2) The grain structure of Al–5.51Cu–0.48Li alloy com
ponents prepared by bypass-GMA DED has typical 
periodic characteristics. The interlayer grains are 
coarse columnar grains, while the interlayer 
regions are mainly fine equiaxed grains. Accordingly, 
the average grain size of the intralayer region is 
higher than that of the interlayer in the top YZ 
section, middle YZ section and middle XZ section. 
The grain texture characteristics in the intralayer 
region are also stronger than the interlayer region.

(3) During the subsequent heat treatment process, only 
two strengthening phases (θ′ and θ′′) appeared in 
the 2319 alloy. Due to the addition of Li element 
and the high diffusion rate of Li, four kinds of 
strengthening phases (θ′, θ′′, δ′ and T1) appear in 
Al–5.51Cu–0.48Li alloy after aging, which can 
increase the mechanical properties of the alloy.

(4) After T6 heat treatment, the average micro-hard
ness, longitudinal and transverse tensile strength 
of the prepared Al–5.51Cu–0.48Li alloy components 
increased, while the longitudinal and transverse 
elongation decreased. The fracture of the samples 
changed from a composite fracture of toughness 
and brittleness to the brittle fracture, and the frac
ture characteristics changed from a large number 
of dimples to large tearing edges.

(5) Compared to other AM and casting Al–Cu–Li alloys, 
the alloy Al–5.51Cu–0.48Li has better mechanical 
properties. The strength of the fabricated parts 
reached the level of the conventional third gener
ation Al–Cu–Li alloys.
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