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Resumo

As ligas de alta entropia sao novos materiais de engenharia que possuem propriedades extraordinarias.
Presentemente, estudos sobre a soldabilidade desta nova classe de materiais sdo ainda escassos. Por
iSso, 0 presente trabalho visa colmatar parte desta falta de informacéo focando na soldadura por arco
eléctrico das ligas de alta entropia CoCrFeMnNi (sistema Co-Cr-Fe-Mn-Ni), liga eutéctica nao-
equiatomica AICoCrFeNiz.1 (sistema Al-Co-Cr-Fe-Ni) e ainda liga metaestavel Fes2Mn2sCo010Cri5Sis
(sistema Fe-Mn-Co-Cr-Si).

Para a liga de CoCrFeMnNi, soldadura por Metal Inert Gas (MIG) utilizando dois materiais de adi¢éo
distintos, agos inoxidaveis 308 e 410, foi realizada com sucesso. Caracterizagdo multiescala, através
da utilizacdo de microscopia electrénica acoplada com andlise das propriedades mecanicas e
simulag@es termodinamicas, € utilizada para avaliar o efeito do ciclo térmico ao longo da junta soldada.
De um modo geral, esta liga possui excelente soldabilidade, com as juntas a apresentam boa resposta

mecanica.

Soldadura da liga ndo-equiatémica AICoCrFeNiz.1 € reportada pela primeira vez utilizando soldadura
Tungsten Inert Gas (TIG). Novamente, caracterizagdo multiescala permite determinar o impacto do
ciclo térmico ao longo das juntas soldadas. A fragdo volimica da estrutura eutéctica, assim como 0s
precipitados nanométricos, esta directamente relacionada com a disténcia ao centro do cordao de
soldadura. O material como soldado possui um boa combinacgé&o de resisténcia mecénica e ductilidade,

evidenciando a boa soldabilidade do material.

Finalmente, soldadura TIG da liga metaestavel Fes2Mn2sC010Cr1sSis foi igualmente realizada com
sucesso. Microscopia electrénica, suportada por difracdo de raios-X com radiacao de sincrotrdo, sdo
combinadas com simula¢cdes termodindmicas para compreender como as fases existentes variam ao

longo da junta soldada. De modo semelhante aos outros materiais estudados, a liga metaestavel possui



igualmente boa soldabilidade, com as propriedades mecanicas observadas a permitirem considerar as

juntas soldadas para aplicacdes estruturais.

Os resultados obtidos neste trabalho demonstram que processos de soldadura baseados no arco
eléctrico sdo viaveis para estes novos materiais e que as propriedades resultantes permitem considerar

as juntas soldadas para aplicacGes de indole estrutural.



Abstract

High entropy alloys are novel engineering materials which possess extraordinary properties. Current
weldability studies regarding this novel class of materials are scarce. Hence, the present work
addresses this shortcoming by focusing on the use of arc-based welding processes for joining of single
phase equiatomic CoCrFeMnNi (Co-Cr-Fe-Mn-Ni system), a dual phase non-equiatomic eutectic
AICoCrFeNiz.1 (Al-Co-Cr-Fe-Ni system) and a metastable Fes2Mn23Co010Cr15Sis (Fe-Mn-Co-Cr-Si system)
high entropy alloys.

For the single phase CoCrFeMnNi, gas metal arc welding using 308 and 410 stainless steel fillers are
used. Multiscale correlative microstructure characterization encompassing electron microscopy coupled
with mechanical property analysis, alongside thermodynamic calculations, is used to address the effect
of the weld thermal cycle across the joint. Overall, this material possesses excellent weldability, with the

joints possessing good mechanical behavior.

The first successful welding of a non-equiatomic eutectic AICoCrFeNiz.1 is obtained using gas tungsten
arc welding. Again, multiscale characterization enabled to determine the role of the weld thermal cycle
across the welded joint. The volume fraction of the dual-phase structure, as well as those of the

strengthening nanoscale precipitates was seen to be correlated to the distance to the heat source. The

Xi



as-welded material possessed a combination of good strength and ductility, showcasing the good

weldability of this material.

Finally, gas tungsten arc welding of a metastable Fe42Mn2s8C010Cr15Sis was also successfully performed.
Electron microscopy, aided by high energy synchrotron X-ray diffraction, were combined with
thermodynamic calculation to understand how the existing phases varied across the welded joint.
Similarly, to the other welded joints, the metastable alloy was also seen to present good weldability, with
the observed mechanical behavior of the joints enabling its use for structural applications in different

industries.

The results obtained in this work show that arc-based welding processes are viable for welding of these
novel materials and the resulting properties enable to consider the obtained joints for structural-oriented

applications.
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1.

INTRODUCTION

1.1 Motivation

Traditionally alloy design concepts are focused on using one principal element and then improving the
desired properties with relatively minor alloying additions. However, in 2004, Cantor et al. [1] and Yeh
et al. [2] independently proposed a new alloy design strategy that broke traditional alloys' design barriers,
known as high entropy alloys (HEAS). Nowadays, HEAs are attracting significant interest owing to their
attractive and unique properties, including strength, thermal stability, wear and oxidation resistance.
Welding, as one of the most important metal processing methods for structural materials, is
virtually used in any structural engineering application. Thus, coupling the development of new
materials and determining their weldability is essential to either promote them as engineering

solutions.

So far, research and development focusing on HEAs mainly concentrate on designing HEAs systems,
their thermo-mechanical processing, characterization of the phase formation, evaluation of the
mechanical properties, physical and chemical performances, and predictions on the potential
applications of these alloys [3]. However, the application of joining techniques to HEAs is still relatively

scarce. Hence a gap between the processing-microstructure-properties relationship exists.

In fusion-based welding techniques, although laser welding has significant technical advantages, such
as high productivity and small heat source dimensions, the high initial capital investment required for
this technology can be detrimental to its implementation in the industry. In contrast, based on arc-based
technology, gas tungsten arc welding (GTAW) and gas metal arc welding (GMAW) are low-cost
alternatives capable of achieving sound joints with good mechanical performance and appearance for
multiple engineering alloys. However, the body of knowledge on the processability of the HEAs is
missing the understanding of these materials’ weldability. Moreover, filler materials are widely used
during fusion-based welding processes to regulate and modify the welded joints composition aiming at

producing desired microstructures and/or improve its mechanical performance.
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In order to expand the range of industrial applications for HEAs, meeting the needs for dissimilar welded
structures, dissimilar weldability (when two different base materials or the addition of filler wire is used)
should also be assessed. The non-equilibrium solidification conditions found during fusion-based
welding can promote the formation of metastable and/or detrimental phases, which can be mitigated by
the adjustment of the process parameters and/or modification of the fusion zone (FZ) composition. The
core difficulty during dissimilar welding is the need to control and/or adjust the chemical composition of
the FZ so that its microstructure and mechanical properties are suitable for the targeted applications.
Therefore, it is critical to have a systematic understanding on the evolution of the microstructure and

mechanical properties of similar and dissimilar joints involving HEAs.

In conclusion, studying the weldability of HEAs is still a new topic, and the impact of different filler
materials on the microstructure and mechanical properties is yet unknown. Thus, there is an urgent

need for an in-depth study on its weldability.

1.2 Objectives

The main goal of this thesis is to study the weldability of different HEAs systems, providing new data for
a more massive implementation of these advanced engineering alloys in different structural applications.
Based on the development of HEAs, three representative HEAs were selected to be studied, namely
the CoCrFeMnNi equiatomic HEA, the eutectic AICoCrFeNiz.1 HEA, and a metastable twinning induced
plasticity / transformation induced plasticity (TWIP/TRIP) dual phase Fes2Mn28C010Cr1sSis HEA, with the
corresponding HEA systems being Co-Cr-Fe-Mn-Ni, Al-Co-Cr-Fe-Ni and Fe-Mn-Co-Cr-Si, respectively.

To achieve this goal, the microstructural evolution of the welded joints was investigated using light
optical microscopy (OM), scanning electron microscopy (SEM) aided by electron backscatter diffraction
analysis (EBSD), high energy synchrotron X-ray diffraction, and thermodynamic simulations.
Additionally, uniaxial tensile testing coupled with digital image correlation (DIC) and microhardness
mapping were used to evaluate the mechanical properties of the welded joints. As a result, the
microstructural evolution and resulting mechanical properties were systematically evaluated, unveiling
the correlation between processing, microstructure, and mechanical properties. Thus, improving the
body of work on welded HEAs and expanding the application of HEAs as potential engineering structural

materials.
The specific objectives were:
1. For the CoCrFeMnNi HEA, a single phase equiatomic HEA (Co-Cr-Fe-Mn-Ni system):
1) Study on the weldability of the CoCrFeMnNi HEA
e Background: So far, researchers have focused on the weldability of CoCrFeMnNi HEAs

with fusion-based welding processes, but they are mainly limited to similar welding
combinations. To further expand its applications in nuclear and aerospace sectors,
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joining of the CoCrFeMnNi HEA to other base materials or the addition of filler materials
to adjust the composition and modify the material microstructure is required.
Obijectives: To evaluate the weldability of CoCrFeMnNi HEAs when using GMAW with
308 and 410 stainless steels as filler materials, correlating the microstructure evolution
and resulting mechanical properties.

2. Eutectic AlICoCrFeNiz2.1 HEA, a dual phase non-equiatomic HEA (Al-Co-Cr-Fe-Ni system):

1) Study on the deformation behavior of an as-cast eutectic AICoCrFeNi2.1 HEA

Background: studies on the as-cast AICoCrFeNiz.1 eutectic HEA have been primarily
focused on qualitatively exploring the mechanical properties of the alloy under different
deformation conditions (e.g., low temperature vs. room vs. high temperature). A
comprehensive quantitative study of the deformation mechanisms of the different
phases in this alloy and their impact on the macroscopic mechanical response is yet
lacking, thus hampering a complete understanding of microstructure/properties
relationships.

Objectives: To perform in-situ high energy synchrotron X-ray diffraction to evaluate the
micromechanical behavior and microstructure evolution of an as-cast AICoCrFeNiz.1
eutectic HEA during tensile deformation until failure.

2) Study on the weldability of eutectic AICoCrFeNi2.1 HEA

Background: Past studies that have addressed the weldability of the AICOoCrFeNiz2.1
eutectic HEA primarily concentrated on solid-state welding methods.

Objectives: To bridge the afore-mentioned gap in the literature, the as-cast
AlICoCrFeNiz.1 eutectic HEA was welded by gas tungsten arc welding.

3. Metastable TWIP/TRIP Fe42Mn2s8C010Cr15Sis HEA, a dual phase non-equiatomic HEA (Fe-Mn-Co-Cr-

Si system):

1) Study on the evolution of microstructure and deformation mechanisms in a metastable
Fe12Mn2sC010Cr15Sis HEA

Background: Most studies on the mechanical behavior of metastable HEAs have
primarily focused on advanced electron microscopy characterization, while only few
studies use diffraction-based techniques to trace, in real time, the microstructure
evolution and deformation mechanisms' activation during deformation. Specifically, for
the optimized composition of Fes2Mn28Co010CrisSis, there is still a gap in the
microstructural evolution and assessment of the competing deformation mechanisms
experienced by the alloy upon loading.

Obijectives: To perform an in-situ high energy synchrotron X-ray diffraction to trace, in
real time, the activation and changes in the deformation mechanisms of an-cast
Fes42Mn28Co010Cr15Sis metastable HEA during tensile deformation.

2) Study the weldability of the metastable Fes2Mn2sCo010Cr15Sis HEA

Background: Currently, there are only two reports on the weldability of metastable HEAs,
both using the friction stir welding method. The weldability of metastable HEAs by fusion
welding has not yet been reported.

Obijectives: Evaluate the weldability of metastable Fes2Mn2s8C010Cr15Sis HEA using gas
tungsten arc welding.
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The research tasks completed in this dissertation are listed in Figure 1-1 as below.
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Figure 1-1. Technical route of the thesis.

1.3 Major Findings

A comprehensive analysis of the microstructure evolution and mechanical properties of GMAW
CoCrFeMnNi joints obtained with different filler materials was performed. High energy synchrotron X-
ray diffraction was used to determine the phase constituents within the joint, while thermodynamic
simulations were employed to predict the effect of different dilution ratios on the solidification paths. It
was found that a good agreement between experiments and simulations was obtained when considering
carbon (C) as a fast diffuser in the Scheil-Gulliver calculations. The chemical composition gradient
caused by the dilution of the filler material is closely related to the phase structure that is formed in the
FZ. Local stress-strain curves for different regions of the joint were obtained using non-contact DIC,
confirming the existence of preferential strain concentrations at the weld toe interface site where fracture
is initiated. However, the joints can still be considered for structural application given their high strength
and ductility (641 + 7 MPa, 7.3 + 0.2 %).

The micromechanical behavior of an as-cast AICoCrFeNiz.1 eutectic HEA during tensile deformation has
been investigated by in-situ tensile testing at room temperature using high energy synchrotron X-ray

diffraction. It was found that the stress is primarily transferred to the hard B2 BCC phase upon the onset
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of plastic deformation. Moreover, plastic deformation of the hard B2 BCC phase is delayed until a
macroscopic strain of 3.5% is achieved. It was revealed the possibility to tune the stress/strain response

of eutectic HEAs by changing the volume fraction of the existing phases.

The suitability of using an arc-based welding process, in this case GTAW, to join a eutectic
AlCoCrFeNiz21 HEA was assessed. It was found that GTAW was able to produce full penetration and
defect-free welded joints, suggesting the potential of this fusion-based welding process to join these
advanced engineering alloys. Good agreement between experimentally observed phases and
thermodynamic predictions was obtained. The joint fracture occurred in the non-affected base material
(BM), owing to the refined grain structure of the FZ compared to that of the as-cast BM. The GTAW
AlCoCrFeNiz1 joint presented good strength/ductility balance, thus being suitable candidates for
structural applications.

A comprehensive assessment of the microstructure/property’s relationships of an as-cast metastable
TWIP/TRIP dual phase Fes2Mn2s8C010Cri15Sis HEA was probed by high energy in-situ synchrotron X-ray
diffraction. It was found that stress partitioning and redistribution between the y-f.c.c. and ¢-h.c.p. phases
were seen to be linked to the active deformation mechanisms of the alloy at a given loading step, which
can be of great value for the scientific community who is devoted in evaluating the behavior of these
extraordinary materials. The contributions of each deformation mechanical to the material strength were
determined.

1.4 Document Organization

This thesis is structured in seven chapters and is organized as follows.

The present chapter details the motivation, objectives, and major findings of the presented doctoral
dissertation.

Chapter 2 summarizes the definition of HEAs and the progress regarding weldability investigations of
these materials. The first part of this chapter is dedicated to highlighting the advantages and application
prospects of HEAs as potential engineering structural materials, followed by a brief description of key
fusion-based welding processes. The remaining chapter details the characteristics of the three distinct
regions in a fusion-based welded joint, with emphasis on the effects of the thermal cycle on the
microstructure and mechanical properties of the HAZ, as well as the characteristics of the solidification
of the melt pool. In addition, an overview of the current state of research on the weldability of HEAs

mainly focused on Co-Cr-Fe-Mn-Ni, Al-Co-Cr-Fe-Ni, and Fe-Mn-Co-Cr-Si systems is presented.

Chapter 3 details the experimental procedures employed to characterize the microstructure and

mechanical properties of the materials used in this study, including OM, SEM, EBSD, high energy
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synchrotron x-ray diffraction, thermodynamic calculations, microhardness mapping measurements and

non-contact DIC during tensile loading to failure.

Chapter 4 focuses on the effect of four different filler wires, 308 and 410 stainless steels, on the
microstructure and mechanical properties of GMAW CoCrFeMnNi joints. A combination of extensive
microstructure characterization, using OM, SEM coupled EBSD and high energy synchrotron X-ray
diffraction, thermodynamic calculations, and mechanical characterization was used to comprehensively

understand the microstructure evolution across the joint and correlate it with its mechanical performance.

Chapter 5 starts with the evaluation of the tensile deformation mechanisms of a cast AICoCrFeNiz.1
eutectic HEA probed by synchrotron X-ray diffraction. Then, a detailed analysis of the microstructure

and mechanical properties of GTAW AICoCrFeNiz.1 joint is presented.

Chapter 6 explores the activation and changes in the deformation mechanisms of an as-cast metastable
Fes2Mn2sC010Cr15Sis HEA during tensile deformation at room temperature using in-situ synchrotron X-
ray diffraction. Then, the evaluation of microstructure and mechanical properties of a GTAW as-cast
metastable Fes2Mn2sC010Cr1sSis HEA is performed combining multiscale material and mechanical
characterization.

Chapter 7 summarizes the main conclusions of this work and highlights potential future research
topics to be pursued.

1.5 Publications in international peer-reviewed

indexed journals (ISI/Scopus)

The scientific output published, submitted, and under preparation in international indexed (ISI/Scopus)

journals is listed below:
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2.

LITERATURE REVIEW

2.1 Introduction

This chapter begins with the concept and properties associated to HEAs, followed by a detailed
explanation of the typical regions that exist of a fusion-based welded joint, weld metal microstructure,
the correlation between solidification mode, G/R ratio, and constitutional supercooling. An in-depth
understanding of this theoretical knowledge is the basis for the work. Then, the current status of research
on the weldability of Co-Cr-Fe-Mn-Ni, Al-Co-Cr-Fe-Ni and Fe-Mn-Co-Cr-Si HEAs systems based on
fusion-based welding techniques is presented. This literature analysis of the current state of the art on
the weldability of HEAs helps to understand current research gaps on the weldability of HEAs, which is

the primary motivation and inspiration for conducting this work.
2.2 Basic concepts on high entropy alloys (HEAS)

2.2.1 Definition of HEAs

It is well known that the continuous revolution of metallic materials has dramatically contributed to the
progress of human civilization. Tracing back to the past, melting of iron ores and using iron tools sent
humankind to the stage of farming civilization. Then, addition of Cr provided stainless properties to steel,
and the resulting stainless steel has become the epitome of modern society. Afterwards, Ni was added
to austenitic stainless steel as a face-centered cubic (FCC) phase stabilizing element. Adding Al formed
a more thermally stable Al2Os oxide film than Cr20s and developed high-temperature stability of Fe-Cr-
Al stainless steel and Fe-Cr-Ni-Al austenitic stainless steel. Moreover, Mo and W were added as solid
solution strengthening elements. Nb, Ti, Ta, and V were added as carbide-forming elements to form MC
nanometer-size carbides and to inhibit the precipitation of Cr23Cs at the grain boundaries. As a result,
pursuing high-performance stainless steel requires adding more than a dozen alloying elements to
regulate the distribution, shape, and size of the precipitated phases, in order to achieve improved alloy
properties. Thus, in the history of the development of metallic materials (refer to Figure 2-1) there is a

continuous trend toward diversification of composition and the pursuit of " increased entropy".
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Figure 2-1. Trends in alloy development [4]

In recent years, HEAs have broken with the traditional design concept of a single element as the main
component in an alloy, drawing the attention of researchers from the edge of the phase diagram to its

central regions (refer to Figure 2-2), thus greatly expanding the scope of research into metallic materials.

I Traditional alloys
I Equiatomic HEA

Non-equiatomic HEA

Figure 2-2. Position of the three alloys (traditional alloys, as well as equiatomic and non-equiatomic HEAS) in a
ternary phase diagram [5].

Currently, the definition of HEAs exists in two main ways. One is based on the material chemical
composition and was first defined as an alloy system containing at least five components with atomic

percentages between 5 and 35% of each component [6]; the other is based on the entropy magnitude.
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Entropy is one of the parameters used in thermodynamics to characterize the conditions of the material
and is a measure of the degree of chaos in a system [7]. The degree of chaos of a system is positively
correlated with the mixing entropy of the system. The more chaotic a system is, the more mixing entropy
there exists. HEAs, which are alloys with high entropy values, also known as "multi-principle HEAs",

represent a new type of solid solution alloy.

According to Boltzmann's thermodynamic statistical formula, the mixing entropy AScontOf the system can

be expressed by Equation (2-1) [4] as follows.

AScons = KInw (2-1)

In Equation (2-1), k refers to the Boltzmann constant, and w represents the degree of chaos in

thermodynamics.

For multi-principal alloys, when n elements are mixed in equal atomic ratios to form a solid solution, the

mixing entropy Equation for can be expressed as:
AScons = Rlnn (2-2)
In Equation (2-2), R is the constant of the gas, R = 8.314 J/(K.mol) .

Therefore, based on the magnitude of the entropy value, alloys can be divided into three categories
(refer to Figure 2-3): when AS.,,s < 0.69R , they are termed as low EA; when 0.69R < AS,,s < 1.61R,
designates medium EA; Once the AS,,,; > 1.61R, they are regarded as HEA.
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For equimolar alloy:
AScons= RIn(n)

ASconf
1.61R 2.30R

0.69R

Low Entropy Alloy

1 5 10
Number of elements

Figure 2-3. The mixing entropy of the equimolar alloys as function of the number of the components [8].

2.2.2 Core effects of HEAs

Novel design concepts and unconventional composition ratios have resulted in multi-principal HEAs that
exhibit properties quite different from those of conventional alloys. Four significant effects for HEAs have
been highlighted by researchers (Refer to Figure 2-4), including the thermodynamic high entropy effect,

the structural lattice distortion effect, the kinetic sluggish diffusion effects, and the performance cocktail

effect.

Thermodynamics:
high entropy effect
(Structural stability)
A

Kinetics:
Sluggish diffusion Properties:

cocktail effect

Atomic structure:
Lattice distortion
homogeneous composition

Figure 2-4. Schematic representation of the four core effects of HEAs.
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2.2.2.1 The thermodynamic “high entropy effect”
Based on the classical Gibbs phase law which takes the form as below.

F=C-P+1 (2-3)

where, F is the degree of freedom; C and P represent the number of components and phases,
respectively. Thus, the maximum number of equilibrium phases in an alloy system with the number of
component elements Cis P = C + 1. However, research on HEAs has found [5] that some HEAs systems
are simply formed by solid solutions of FCC, body-centered cubic (BCC) or HCP (hexagonal-close
packed) phases after solidification, with the number of phases being significantly less than the predicted
maximum number of phases according to the Gibbs’ phase law. Without the formation of multiphase

intermetallic compounds, this phenomenon was known as the high entropy effect.

The high entropy effect is a unique and essential characteristic of HEAs, and its importance is mainly
reflected in two aspects: one is that higher mixing entropy affects the free energy of the alloy system,
which in turn can affect the phase structure of the alloy during cooling. Another is that based on the
maximum entropy production principle (MEPP) [9], high entropy tends to stabilize simple solid phases
(FCC or BCC or HCP phases), i.e., solid solution phases, instead of intermetallic compound phases,

are predominantly formed. The schematic diagram of high entropy effects as shown in Figure 2-5.

. e
Bt et _ ,
RN ASconf= RInn
L AR A A

R R
g ”‘ * *.’."*.

Figure 2-5. Schematic diagram of high entropy effect. (a) traditional alloys, as well as b) HEAs.

2.2.2.2 The structural "lattice distortion effects"

The microstructure of HEAs consists mainly of a solid solution phase composed by multiple principal
elements. The atoms of each principal element are randomly distributed in the lattice of the solid solution
phase, and the resulting solid solution lattice is severely distorted due to the different atomic sizes of

the principal elements. The schematic diagram of lattice distortion effects is shown in Figure 2-6

The strain energy induced by this distortion will increase the internal free energy of the HEA, as well as
affect the mechanical, electrical and chemical properties of the alloy. Specifically, it increases the
potential for dislocation movement, strengthens the solid solution, and reduces the electrical and thermal

conductivity of HEAs by causing the scattering of internal electrons.
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Figure 2-6. Schematic diagram of detailing the lattice distortion effect. (a) conventional alloys, as well as b) HEAs.

2.2.2.3 The kinetic "hysteresis diffusion effect"

In HEAS, the interaction between different elements and their lattice distortion can affect the synergistic
diffusion between the principal components, reducing the effective diffusion rate of each atomic element
and resulting in sluggish diffusion and phase transition kinetics. This phenomenon is known as the

sluggish diffusion effect.

The existence of a slow diffusion effect makes the grain growth kinetics low, causing the alloy to form a
nanocrystalline or even amorphous structure [10], which not only improves the hardness and soft
magnetic properties of the alloy but also enhances some of the high temperature properties of the HEA,

such as strength, high temperature stability and creep resistance.
2.2.2.4 The performance "cocktail effect"

In HEAs, the "cocktail effect” was first introduced by Ranganathan, who termed it "Multimetallic
Cocktails" [11].

The cocktail effect suggests that regulating the constituent elements of an alloy and their content can
achieve modulation of its properties. This concept is an extension of the design method for composites
where materials are combined based on their individual properties to produce a material with a balance
of these properties. In this case, HEAs can be considered a composite of elements chosen to create an
alloy that possesses certain desired properties. For instance, by adding elements with very high melting

points, such as W, Ta and Mo, the alloys are expected to exhibit excellent resistance to high temperature
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softening. Adding lighter elements such as Al and Ti, should lead to a decrease in the alloy density. With
the addition of Cr, W, Mo, and other elements can aid in obtaining high strength and hardness while

decreasing the alloy ductility.

2.2.3 Applications of HEAS

The excellent properties of HEAs provide a wide range of applications. Potential applications include
molds and tools, electronic components, engines, wear-resistant coatings, high-frequency AC materials,
and materials of nuclear structural, optical transmissions, biomedical applications, thermal barriers and

corrosion-resistant situations as in the oil & gas industry, for example.

Normally, materials required for aerospace applications need to have excellent high-temperature
mechanical properties and high-temperature oxidation resistance. Due to the sluggish diffusion effect
and high entropy effect of HEAs, these alloys can retain its high strength and phase at high temperatures,
thus allowing them to be used in turbine blades for aerospace engines. HEAs can also be used as in
applications required improved corrosion resistance as in the deep sea, taking advantage of their
excellent corrosion resistance. Lightweight HEAs can be used as repair materials for ship coatings and
naval equipment due to their low density and high strength. High-entropy alloys with high hardness, high
wear resistance and low modulus of elasticity can be used in golf heads, which meet the requirement
for long service life and enhance the quality of the product. Some of the potential applications of HEAs

are shown in Figure 2-7
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Figure 2-7. Potential application prospects of HEAs.

To ensure the feasibility of using HEAs in these potential fields, weldability studies are an urgent issue
to be addressed, because almost all complex engineering structures cannot be formed without welding
technologies.

Since the current work only involves the study of the weldability of CoCrFeMnNi, AlCoCrFeNiz.1 and
Fe42Mn28Co010Cr15Sis HEAs using GTAW and GMAW techniques, focus on the progress of weldability
studies on HEAs using these fusion-based welding techniques is detailed next.

2.3 Current progress on weldability of HEAs

2.3.1 Fusion-based welding techniques

2.3.1.1 Gas tungsten arc welding (GTAW)

GTAW is a process in which the BM is heated by creating an electric arc between a non-consumable
tungsten electrode and the metal, thereby melting and joining two workpieces [12], as shown in Figure
2-8. The welding torch holding the tungsten electrode is connected to a protective gas cylinder and to
one of the terminals of the power source. The tungsten electrode is usually in contact with a water-

cooled copper tube, called a contact tube, which is connected from the terminal to the welding cable.
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This allows the welding current from the power source to enter the electrode as well as cooling of the
electrode to prevent overheating.

GTAW is suitable for joining thin sections as it has a relatively limited heat input (in the case with low
weld speed), and it is usually used to weld butt joints of thin sheets. Since GTAW conventionally uses
inert shielding gas, it can be used to weld reactive metals, such as titanium and zirconium alloys.
However, the deposition rate of GTAW is lower compared to others arc-based processes such as
GMAW. Excessive welding currents can cause melting of the tungsten electrode, resulting in tungsten
inclusions in the weld metal. Such must be avoided due to the potential deleterious effect of these

inclusions on the FZ microstructure and resulting mechanical properties.

(;;j':::—-Tungsten electrode
- »=—Shielding gas

<—\Workpiece

Figure 2-8. Schematic of the GTAW process.

2.3.1.2 Gas metal arc welding (GTAW)

GMAW is defined as an arc welding process using an arc between a continuous filler metal electrode
and the weld pool, the process is used with shielding from an externally supplied gas and without the
application of pressure [13], as schematically shown in Figure 2-9. Inert or active gases can be used as
shielding gas to protect the FZ and HAZ from oxidation and incorporation of foreign particles by the melt

pool.

One of the major advantages of GMAW it related to the significantly higher deposition rate over GTAW,
allowing thicker workpieces to be welded at higher welding speeds. However, the joint appearance is
often of poorer quality than in GTAW joints.
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Figure 2-9. Traditional GMAW process.

2.3.2 Typical regions of fusion-based welded joints

Any fusion-based welded joint possesses three distinct regions: the FZ, the HAZ and the non-affected
BM, as shown in Figure 2-10. Each of these regions is described in the following sub-sections.

b)

Weld metal (Melted part)

Melt line (Transition zone)

Excessive heating zone
Coarse grain structure)

Fusion zone (FZ) Fi An"e@hdt zorle
ine grain structure
Heat affected zone (HAZ) M

Base material (BM)

IREE

Base material
—_—
Fusion zone

Transverse section

Figure 2-10. a) Schematic diagram of a fusion-based welded joint. b) Schematic diagram of typical regions that
compose these welded joints.

2.3.2.1 Base material (BM)

The BM is the region furthest away from the centerline of the weld, unaffected by the weld thermal cycle,
where the microstructure remains the same as prior to welding. Thus, any prior thermomechanical

processing imposed to the starting material will be preserved after welding.
2.3.2.2 Heat affected zone (HAZ)

HAZ is the region where the metal has not been melted and has undergone solid state changes

(recovery, grain growth, precipitation, phase dissolution and recrystallization, for example) in its
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microstructure due to an exposure to relatively high temperatures during welding [14]. Specifically, the
weld thermal cycle experienced at different distances from the heat source is different, thus the
microstructural transformation that occurs at each point also differs, resulting in heterogeneous
microstructures. This can translate into the formation of localized hardening, softening and/or brittleness

depending on the local microstructure evolution.

Representative microstructure evolution of the HAZ of the steel, the most common example used to
represent the effect of thermal cycles during fusion welding, is given in Figure 2-11. It should be
mentioned here that the solid-state phase transformations that occur in the steels are different from
those typically observed for HEAs. Thus, this schematic representation is only used to detail the potential
different microstructures that can form in a steel HAZ, with some generalizations being possible to be

made for HEAs.

TPheu=-

Austenite —
grain growth

ApA Ferrite .

R formation | Diffusion type
F
F

—
w

p ]
w

transformation

Pearlite
formation

>
=

Austenization PS*F*

Temperature [°C]

AL Bainite
formation _J

I [
) I
0@ %ﬁ Non-diffusion type
—
I KE g M transformation
rr— Martensite
Initialization formation

> Time (s)

Figure 2-11. Evolution of solid-state phase on the temperature history in the HAZ [15].

For the microstructure evolution of the HAZ in heavy cold-rolled or deformed materials, from the HAZ
near the BM (HAZ1) to the HAZ near the FZ (HAZ2), there are three distinct solid-state phenomena
(depending on the distance to the heat source): recovery, recrystallization and grain growth. Recovery
and recrystallization phenomena normally occur in the low temperature HAZ; predominance of grain
growth usually occurs in the high temperature HAZ. The schematic diagram of microstructure evolution
in the HAZ shown in Figure 2-12. It should be mentioned that during recovery no obvious changes in
the microstructure of the material exist, except for a reduction in the dislocation density. While during

recrystallization new grains are formed promote the existing of a refined grain structure. Grain growth
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occurs after recrystallization and certain grains will grow and consume others, given raised to coarser

grain structures.

High temperature
Low temperature heat affected zone ! heat affected zone

Recovery Grain growth

T
Recrystallization

Figure 2-12. Schematic diagram of microstructure evolution in the HAZ.

In conclusion, the microstructural features of the HAZ not only depend on the weld thermal cycle

experienced, but also on the composition and initial state of the BM.
2.3.2.3 Fusion zone (F2)

During the welding process, part of the BM melts under the action of a high temperature heat
source, and a complex and intense metallurgical reaction occurs, forming a molten pool (refer to Figure
2-13). From Figure 2-13, it can be seen that the melt pool behavior is dominated by complex patterns
derived from the Marangoni flow, which depends on the local temperature, composition and density.
Besides, the melt flow in the weld pool is also accompanied with heat transfer processes such as heat
conduction, convection, and radiation, as schematically shown in Figure 2-13. Moreover, for GMAW,
the poor mixing between the base and filler materials can also lead to the formation of compositionally
complex patterns across the FZ. When the welding heat source is removed, the molten pool cools down
rapidly, and as the temperature reaches the solidus temperature, the molten pool begins to solidify and

crystallize, eventually forming the solidified weld metal.
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Figure 2-13. Schematic diagram of heat transfer and Marangoni flow in the weld pool [16].

2.3.2.3.1 Nucleation

From classic metallurgy, the thermodynamic and kinetic requirements for the nucleation of a crystal to
form in a liquid is the reduction in its free energy due to overcooling, and the degree of free energy

reduction, respectively. During welding both of these requirements are met.

There are two types of nucleation: heterogeneous and homogenous [14]. However, both types of
nucleation are accompanied by energy consumption. For welding, heterogeneous nucleation dominates
the solidification process in the weld pool. The following Equations can express the energy required to

form a heterogeneous nucleus in the liquid phase.

; _ 16ma?® (2—3 cos §+cos® 6
k= "3aR? ( 4 ) (2-4)
16mo?
Ek = (2'5)

3AF?

E, refers to the energy required to form a homogenous nucleus in the liquid phase, 6 means the surface
tension coefficient between the new phase and the liquid phase, AF, means the difference in the liquid
and solid phases per unit volume, the substituting Equation (2-5) into (2-4), leads to Equation (2-6), as
follows.

E, = Ey (w) (2-6)
In Equation (2-6), 0 is the contact angle. When 6 = 0°, E;, will equal 0, which means that there are a

large number of suspended particles and existing substrate in the liquid phase. Thus, the crystal can

nucleate on the substrate without overcoming any energy barrier required for nucleation. When 6 = 180¢,
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then E;, will equal to E,, indicating that only the homogenous nucleus will occur in the liquid phase. When
0°< 6 <180°, the liquid phase will exist in the substrate, which will induce the energy required to form a

critical nucleus.

For fusion-based welding processes, the HAZ to FZ interface acts as a cold substrate, promoting the
formation of fine equiaxed and columnar grains, with competitive and columnar growth towards the weld

centerline occurring.

2.3.2.3.2 Grain growth

The temperature gradient G, growth rate R, chemical composition and the degree of undercooling, all
are key parameters in determining the final grain morphology of a given alloy. Of these, the G/R ratio
determines the morphology of the solidification structure, while G x R controls the size of the
solidification structure. The effect of the relationship between G and R on the size and morphology of
the final microstructure is shown in Figure 2-14. From Figure 2-14, it can be seen that the solidification
modes of an alloy can either be planar, cellular, columnar dendritic and equiaxed dendritic. Regulating
the relationship between G and R parameters enables to control the solidification microstructure and

properties of the material.
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Figure 2-14. Effect of the temperature gradient, G, and growth rate, R, on the morphology and size of
solidification structure [14].

The constitutional supercooling in the weld pool varies and contributes to different weld solidification
modes. At the boundary of the HAZ and FZ (HAZ/FZ boundary), due to the large temperature gradient,

as well as the small grain growth rate, the constitutional supercooling approaches 0, resulting in the
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development of planar crystals. Approaching to the weld center line, the temperature gradient gradually
becomes smaller, while the growth rate of the crystal increases, leading to the development of the
solidification mode from a planar to a cellular crystal, then to cellular dendrites and eventually to an

equiaxed morphology. This evolution is schematically detailed in Figure 2-15.
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Figure 2-15. Schematic drawing of structural variation of weld microstructure across FZ (Rs is the growth rate, GL
is the temperature gradient) [14].

Figure 2-16 presents the effect of constitutional supercooling on solidification mode. S refers to the solid,
L to the liquid and M to the mushy zone (the region where dendrites and liquid phase coexist
simultaneously). The shaded area under the liquidus temperature distribution in Figure 2-16 indicates
the region where the actual liquid temperature is below the liquidus temperature, that is, the region of
constitutional supercooling. This area lies within the solid-liquid region of the phase diagram, which

depends on DL and R. Here, DL corresponds to the diffusion coefficient.

To ensure a stable planar S/L interface, the G/R ratio at the S/L interface must be less than AT/D. (refer
to Equation (2-7). Here, AT is the equilibrium freezing range, equal to T.-Ts. When the G/R ratio is above

AT/Dv, the planar S/L interface will break down to a cellular, columnar dendritic or equiaxed dendritic.

o|Q

> = (2-7)

Based on Equation (2-7), the higher the temperature gradient, G, and the lower the growth rate, R, the
easier for a planar S/L interface to be stable. In the weld area, locations with high temperature gradients

and low growth rates correspond to the vicinity of the fusion line (refer to Figure 2-15). From another

58



perspective, the higher the freezing range, AT, and the lower the diffusion coefficient, DL, the more

difficult it is for a planar S/L interface to be stable.
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Figure 2-16. Effect of constitutional supercooling on solidification mode: (a) planar; (b) cellular; (c) columnar
dendritic; (d) equiaxed dendritic (S: solid, L: liquid, M: mushy zone) [14].

It should be mentioned that for certain materials, and to improve the properties of the weld metal,
different amounts of alloying elements (e.g., molybdenum, vanadium, titanium, and niobium) can be
added to the weld material as non-spontaneous nucleation points in the melt pool, aiming to refine the

microstructure or enabling new phases to be formed.

2.3.3 Weld thermal cycle

Under the welding heat source's effect, the temperature change of a certain region of the weld is
dependent on that associated to the local weld thermal cycle [17]. The weld thermal cycle will reflect the
thermal effect of the heat source across the welded joint. However, the distance from the heat source
to a certain location within the joint varies, thus the peak temperature and cooling rate will also change
accordingly. This will lead to distinct microstructure changes across the processed material. A schematic
representation of different thermal cycles as function of distance to the heat source are schematically
shown in Figure 2-17.
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Figure 2-17. Schematic representation of different weld thermal cycle curves for different positions in the HAZ.

2.3.3.1 Parameters of the weld thermal cycle

In the weld thermal cycle, there are three important parameters, which are the peak temperature Tm, the
dwell time above the phase transformation temperature, Tw, and the cooling rate. These parameters are
detailed in Figure 2-18. Depending on the conditions experienced by the material, as well as previously
thermomechanical condition of the BM, the microstructure changes can be significant. In fact, the weld
thermal cycle experience within the HAZ can resemble relatively short heat treatments as it will be
evidenced in this work. As for the FZ, the weld thermal will not be impacted by the previous
thermomechanical processing, since upon melting there is a complete loss of all the microstructure

features that existed prior to welding.
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Figure 2-18. Weld thermal cycle curve with important parameters.

2.3.4 Fusion-based welding of HEAS

Fusion-based welding is a key joining method where part of the material is melted, enabling the
fabrication of complex-shaped structures. Fusion-based welding technologies have significant potential
value for future application-oriented research and technological developments linked to the discovery of
new structural materials. Therefore, assessing the weldability of these new materials is critical.

2.3.4.1 Co-Cr-Fe-Mn-Ni HEA system

Currently, weldability studies focused on CoCrFeMnNi HEAs is expanding, mainly focusing on gas
tungsten arc welding [18], laser beam welding [19-21], electron beam welding [22,23], and friction stir
welding [24—-26]. Recently, Lin et al. [27] joined the CoCrFeMnNi HEA by ultrasonic welding, obtaining
a sound joint with no defects or detrimental phases. Overall, the CoCrFeMnNi alloy exhibits good
weldability under different welding methods when similar joining is attempted. To expand the range of
industrial applications for CoCrFeMnNi HEAs, meeting the needs for dissimilar welded structures, such
as in those found in nuclear reactors and in high temperature components, researchers started to turn
their attention to the dissimilar welding (when two different base materials or the addition of filler wire is
attempted) involving the CoCrFeMnNi alloy [28—35]. The main challenge during dissimilar welding is the
need to control and/or adjust the chemical composition of the FZ so that its microstructure and
mechanical properties are suitable for the targeted applications. However, the mixing of two materials
with different compositions, combined with the weld thermal cycle, can promote the formation of
undesirable phases and/or intermetallic compounds. Therefore, it is critical to have a systematic
understanding of the evolution of the microstructure and mechanical properties of dissimilar joints

involving HEAs.
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Regarding this topic, the existing literature details works on dissimilar welding of the CoCrFeMnNi HEA
to both 316 stainless steel [28,33] and duplex stainless steel [35] using fusion-based methods, while
dissimilar joining of CoCrFeMnNi to 304 stainless steel by friction stir welding was also accomplished
[34]. Recently, Nam et al. [31] used 308L stainless steel and CoCrFeMnNi HEA as filler materials to
weld an as-cast CoCrFeMnNi alloy, and the mechanical properties (yield strength, maximum tensile
strength and elongation) obtained were slightly superior to those of the original BM. Afterwards, they
used the same filler wire to weld as-rolled CoCrFeMnNi HEAs [29], but now a decrease in the tensile
properties was observed. The same group then welded 304 stainless steel using the CoCrFeMnNi HEA
as a filler material [32]. Moreover, a CuCrFeMnNi filler wire was used to join rolled CoCrFeMnNi [36],
while a Cu-coated CoCrFeMnNi filler wire was seen to increase the mechanical performance of the joint
[30]. The above studies all have reported obtaining sound dissimilar welded joints, however, research

around this theme is still scarce, especially given the large number of filler materials that exist.

2.3.4.2 Al-Co-Cr-Fe-Ni HEA system

A literature review considering the past 18 years reveals that the two most widely studied HEAs are the
single-phase FCC CoCrFeMnNi HEAs, also known as the Cantor alloy [37] and the single-phase BCC
AICoCrFeNiTi alloy [38]. However, it is now well accepted that focusing only on single-phase alloys
usually hinders the development of both high strength and ductility. In order to overcome this strength-
plasticity barrier, Lu et al. [39] developed the AlICoCrFeNiz.1 eutectic HEA with a dual phase (ordered
L1> FCC and B2 BCC phases), which provided both high strength and high ductility. Resulting from
breaking the strength/ductility paradigm, it was hypothesized that the eutectic AICoCrFeNiz.1 alloy could
replace some high temperature alloys [40] and other engineering alloys [41] used in low temperature

environments.

Up to now, studies on AICoCrFeNiz.1 eutectic HEAs have mainly focused on their as-cast or heat treated
states, studying their preparation process [42,43] and resulting properties [44,45]. The welding
metallurgy and weldability of the AICoCrFeNiz.1 eutectic HEA has been studied scarcely, especially in
the context of microstructure evolution and resulting mechanical properties in both the HAZ and FZ.
Owing to the characteristics of fusion-based welding, namely the non-equilibrium solidification
conditions, as well as the existence of fast heating and cooling cycles and high peak temperatures, can

lead to the formation of unexpected phases or microstructural features.

Past studies that have addressed the weldability of the AICoCrFeNiz1 eutectic HEA, primarily
concentrated on solid-state welding methods such as rotary and friction stir welding [46,47] and diffusion
joining [48,49]. Moreover, only one work has focused on fusion-based welding [50]. Zhang et al. [50]
used laser beam welding for joining the AICoCrFeNiz1 eutectic HEA, obtaining good mechanical
properties. Although laser welding has significant technical advantages, such as high productivity and
small heat source dimensions, the high initial capital investment required for this technology can be

detrimental for its implementation in industry. In contrast, gas tungsten arc welding, which is based on
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arc-based technology, is a low-cost alternative capable of achieving sound joints with good mechanical
performance and appearance for multiple engineering alloys. Currently, the body of knowledge on the
processability of the eutectic AICoCrFeNiz.1 alloy is missing the understanding of the material weldability
using gas tungsten arc welding, which is a low-cost welding process for multiple industries including in

the aerospace and oil & gas fields.
2.3.4.3 Fe-Mn-Co-Cr-Si HEA system

In order to further overcome the strength-ductility paradigm, TRIP [51,52], TWIP [53,54], or combined
activation of TWIP and TRIP mechanisms have become new concepts in the design of non-equiatomic
HEAs in the recent years [55]. Such HEAs containing TRIP and/or TWIP effects are generally referred
to as metastable HEAs [56]. In addition, such metastable HEAs often introduce auxiliary strengthening
mechanisms such as precipitation strengthening [57,58] and solid solution strengthening [59] which
further increase the material strength.

Li et al. [60] focusing on the the Fe-Mn-Co-Cr system showed that the deformation mechanisms, such
as dislocation slip, TWIP and TRIP were adjustable by varying the Mn content, and that the strain-
induced phase transition from y-f.c.c. to €-h.c.p. could simultaneously improve the strength and plasticity
of the alloy. From their work, resulted a FesoMn30Co010Cri0 metastable HEA with a good strength/ductility
balance. Earlier work reported that the addition of Si promotes the reduction of the stacking fault energy
(SFE) in this HEA system, which is effective in improving the metastability of the y-f.c.c. matrix phase
[61]. Thus, based on this metastable engineering approach, Nene et al. [62] used thermodynamic
simulations to assess the effect of Si addition on the metastability of the matrix y-f.c.c. phase, showing
that the addition of 5 at. % Sileads to a maximum metastability of the y-f.c.c. phase, which corresponded

to a final nominal composition of Fe42Mn28C010Cr15Sis.

So far, studies on the weldability behavior of metastable HEAs have focused on friction stir welding [63—
66], while no work has been performed focusing on fusion-based welding of metastable HEAs. Thus,
studying on the weldability of metastable HEAs based on fusion welding techniques, establishing the
relationship between the microstructural evolution of welded joints and their mechanical properties,

filling this knowledge gap, is an urgent issue needs to be addressed.

2.4 Summary

In conclusion, as detailed from the existing body of knowledge on welding of HEAs, this is a research
topic that is still in its infancy. Nonetheless, the already obtained successful welded joints based on
these materials are promising for structural applications. Thus, weldability studies of HEAs are an urgent

issue to be addressed to further expand the potential applicability of these novel engineering materials.
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3.

EXPERIMENTAL METHODS

3.1 Introduction

The main objective of this thesis is to establish the correlation between the processing conditions,

microstructure evolution and mechanical properties of different arc welded HEAs joints.

To achieve this goal, the microstructure of welded joints was evaluated by OM, SEM coupled with EDS
and EBSD, high energy synchrotron X-ray diffraction and thermodynamic calculations. Meanwhile, the
mechanical behavior of the welded joints, as well as the local mechanical response were investigated
with microhardness mapping measurements and with non-contact DIC during tensile loading to failure.

Thus, this chapter provides a detailed description of the experimental procedures used throughout this

work.

3.2 Materials

In this work, as-rolled CoCrFeMnNi equiatomic HEA, as-cast eutectic AICoCrFeNiz2.1 HEA and as-cast
metastable TWIP/TRIP Fes2Mn2s8C010Cri5Sis HEA were selected as base materials to study their
weldability using different welding processed. The chemical compositions of the starting BMs are
detailed in Table 3-3.

Table 3-1 — Chemical composition of the base materials used in this work (at. % / wt. %).

Material Elemental content (at. %)

Co Cr Fe Mn Ni Al Si
CoCrFeMnNi 20 20 20 20 20 - -
AlCoCrFeNiy1 16.39 16.39 16.39 - 34.44 16.39
Fe42angC010CF155i5 10 15 42 28 - - 5.0

Elemental content (wt. %)

Co Cr Fe Mn Ni Al Si
CoCrFeMnNi 21 18.53 19.9 19.6 21.01 - -
AlCoCrFeNiy 1 18.59 16.40 17.61 - 38.89 8.51 -
Fes2Mn38Co10CrisSis  10.93 14.46 43.49 28.52 - - 2.60

Besides, 308 stainless steel and 410 stainless steel (corresponding to ER308LSi and ER410-NiMo,
respectively) were selected as filler materials for welding the CoCrFeMnNi HEA by GMAW. The filler
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materials chemical compositions are detailed in Table 3-2. For the AICoCrFeNi2: and
Fea2Mn28Co010Cr1sSis HEAs no filler materials were used since the weldability of these material is still
relatively unknown. For these two alloys GTAW was used.

Table 3-2 — Chemical composition of the filler materials used in the welding of CoCrFeMnNi HEA in this work
(at. % / wt. %).

Elemental composition (at. %)

C Mn Si Cr Ni Mo Cu Fe Co
ER 410-NiMo 0.3 0.47 1.87 17.25 2.82 0.38 - 77.18 -
ER308LSi 0.14 1.12 1.62 2194 9.4 0.43 0.65 64.74 -
Elemental composition (wt. %)
C Mn Si Cr Ni Mo Cu Fe Co
ER 410NiMo 0.05 0.6 0.6 13.5 4.5 0.5 - 80.25 -
ER308LSi 0.03 1.12 0.83 20.75 10 0.75 0.75 65.77 -

Before welding, the base materials surface oxidation was removed by mechanical polishing, and then

ethanol and acetone were used to clean the resulting surface.

3.3 Welding experiments

3.3.1 Gas tungsten arc welding procedure for welding
AlICoCrFeNi21 and Fes2Mn28C010Cri5Sis HEAsS

To study the weldability of the as-cast AICoCrFeNiz.1 eutectic HEA and TWIP/TRIP Fe42Mn28C010Cr15Sis
metastable HEA, GTAW was used. It's worth mention here that the machine used for welding is
resembling a welding robot, a laboratory-developed welding platform, rather than a hand welding
machine. To minimize oxidation of the FZ and HAZ, 99.99% pure Ar was selected as the shielding gas.
The gas was injected at both the face and root of the weld to protect both sides of the joint, as

schematically detailed in Figure 3-1. Butt joining was performed using the welding parameters detailed
in Table 3-3.
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Figure 3-1. Schematic representation of the experimental setup used for gas tungsten arc welding.

Table 3-3 — GTAW parameters for the as-cast AICoCrFeNi2.1 eutectic HEA and TWIP/TRIP Fe42Mn28C010Cr15Sis
metastable HEA.

Welded joints Current Voltage Weldingspeed Shielding gas Gas flow rate
[A] V] [mm/min] [L/min]

AlCoCrFeNiz.1 30 8 125 Argon 16

Fes,rM n28CO1oCF155i5 25 8 150 Argon 14

To further investigate the microstructure and mechanical properties of the as-cast AICoCrFeNiz.1
eutectic and Fe42Mn2sC010Cr15Sis metastable HEA after welding, electrical discharge machining (EDM)
was used to prepare specimens, with dimensions shown in Figure 3-2.
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Figure 3-2. Geometry and dimensions of specimens used for uniaxial tensile testing.
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3.3.2 Gas metal arc welding procedure for welding of
CoCrFeMnNi HEAs

Previous work on autogenous welding of the CoCrFeMnNi material revealed good material weldability
[67]. To evaluate if the addition of filler material had a positive effect on the mechanical response of the
CoCrFeMnNi alloy joints, GMAW using various filler materials was performed. Here, the same as
mentioned above, this welding platform resembling a welding robot, it is an independent welding
platform developed by the laboratory. The process schematic is detailed in Figure 3-3. Two types of

solid filler wires were selected and used for this study, all with 1 mm diameter.

Gas metal arc welding machine

Shielding gas cylinder

.//
Welding torch //

Filler wire— L
<—Ar shielding gas

5

Electric arc— ¢

= ‘[' ,,,,,,,, P T el o i s G i el s A
Ar shielding gas

Figure 3-3. Schematic of the GMAW set-up used in this work.

To prevent oxidation of the fusion and heat affected zones the top and bottom surfaces of the specimens
as shielding gas. The selected welding parameters are detailed in Table 3-4. These parameters ensured
full penetration welds with no evident defects. It's worth to note that the stick-out distance used through
all the final trials was 10 mm. This distance was chosen based on tests and visual inspection of the
welding needs.

Table 3-4 — GMAW parameters used in this work.

Welded joints Voltage Torch travel speed  Wire feed speed Gas flow rate
\Y; mm/min mm/min L/min
CoCrFeMnNi with 16.4 220 2000 16

ER410 NiMo filler wire

CoCrFeMnNi with 18 185 2500 16
ER308LS:i filler wire

After welding, EDM was used to obtain samples for microstructure and mechanical characterization as

detailed next, as shown in Figure 3-4. It should be mentioned here that the dog bone dimensions are
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different for those prepared for both GMAW CoCrFeMnNi and GTAW AICoCrFeNiz.1 joint (refer to Figure

3-2 and Figure 3-4).
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Figure 3-4. Geometry and dimensions of gas metal arc welded specimens used for uniaxial tensile testing.

3.4 Microstructure characterization

3.4.1 Optical and scanning electron microscopy

For microstructural characterization, all GMAW and GTAW welded specimens were first placed in epoxy
resin, then ground with 400, 600, 1200, 2500 and 4000-grit SiC papers, and finally with a 3.0 um

diamond polishing paste until a mirror-like surface was obtained. To reveal the material microstructure,

the polished specimens were immersed in different etching solutions at room temperature. The chemical

composition of each etchant used to reveal the microstructure of the different processed materials is

presented in Table 3-5.

Table 3-5 — Etchant composition used to reveal the microstructure of each alloy.

Material Reagent Composition Immersion time
AlCoCrFeNi,.1 . Hydrochloric acid 75ml
BM Aqua regia Nitric acid 25ml 15s
) Ethanol 100ml
él_I_C'&JVCVergimz.l Vilella’s H'yd'roch.loric acid  5ml 3040 s
Picric acid 1g
) CuCl, 5g
E?\jlenngoansSls Kalling’s-2  HCI 5g 40-50 s
C,HsOH 100ml
CoCrFeMnNi GMAW Hydrochloricacid ~ 75ml
L L oo A _Nitric acid 25ml__ BM and HAZ: 90-110's
quareela g 5g FZ: 190-220's
C,HsOH 100ml

To observe the microstructure of the welded joints, a Leica DMI 5000M inverted OM was used for light

optical microscopy. SEM and energy dispersive X-ray spectroscopy (EDS) were used for more detailed

microstructural characterization using a FEI Quanta 200 environmental scanning electron microscope.

In addition, EBSD was employed to study the crystallographic orientation and existing phases on a FEI

68



Nova Nano SEM 230 with EDAX Hikari Super EBSD. TSL OIM Analysis 7.2 software was used to
analyze the raw EBSD data.

3.5 Synchrotron X-ray diffraction

The synchrotron X-ray experiments were performed at the PO7 High Energy Materials Science beamline
of PETRA Il at DESY (Hamburg, Germany). LaB6 powder was used for the calibration of the instrument
parameters, and to determine the sample-to-detector distance. A monochromatic X-ray beam with an
energy of 87 keV, corresponding to a wavelength of 0.14235 A, was used which allowed to perform
diffraction experiments in transmission mode. These transmission mode experiments enabled the

determination of bulk microstructure information during in-situ and ex-situ measurements.

A two-dimensional PerkinElmer fast detector was used to collect the Debbye-Scherrer rings. After the
acquisition of the 2D images, post-processing of the raw data was performed using Fit2D [68], with
HighScore Plus software being used for the phase identification [69], while Rietveld refinement was

performed using Material Analysis Using Diffraction (MAUD) software [70].

3.5.1 In-situ tensile testing using synchrotron X-ray diffraction
analysis for characterization of the eutectic AICoCrFeNi2.1
and metastable Fes2Mn28C010Cr15Sis HEAS

To investigate the deformation behavior of the eutectic AICoCrFeNiz1 and metastable
Fes2Mn28C010Cr15Sis HEAs when subjected to uniaxial tensile testing at room temperature, in-situ high-
energy synchrotron X-ray was performed. The CoCrFeMnNi HEA was not analyzed since this material

was already significantly studied in the literature [71-74].

3.5.1.1 X-ray diffraction methodology used for probing the tensile deformation

mechanisms of an-cast eutectic AICoCrFeNi.1 HEA

The experimental setup for the in-situ high-energy synchrotron X-ray diffraction is depicted in Figure 3-5.
Dog-bone specimens were mounted on a laboratory scale Universal Testing Machine with a maximum
load capacity of 20 kN. The beam size was of 200 x 200 um. The material was loaded to predefined
strains to analyze both the elastic and plastic behaviors of the eutectic alloy. Prior to the in-situ testing,
LaBs was used to determine the peak broadening associated with the beamline and its optics, as well

to determine the sample to detector distance (which was calculated to be 1226 mm).

To understand the orientation dependence on the microstructure evolution during tensile testing, the
diffraction rings were caked into 24 parts, each corresponding to an azimuthal angle of 15°. According
to the laboratorial reference (refer to Figure 3-5), the azimuthal angle ranges from 82.5 to 97.5 © was

used to determine the microstructural evolution along the loading direction (LD), whereas the azimuthal
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range between -7.5 and 7.5 ° corresponded to the transverse direction (TD), i.e., perpendicular to the
tensile loading axis. The caking procedure was performed using Fit2D software [68]. By integrating
along specified azimuthal ranges, the two-dimensional Debye-Scherrer rings can be converted into a

conventional one-dimensional intensity vs 26 diffraction patterns.

The lattice strain and orientation-dependent elastic modulus for different (h k ) planes, as well as the
dislocation density evolution and phase stress partitioning were calculated as further detailed below. A
pseudo-Voigt function was used for single peak fitting to determine key peak parameters such as peak
position, peak intensity and Full Width at Half Maximum (FWHM) using the General Structure Analysis
System (GSASII) software [75]. In addition to this, MAUD [70] software was used to determine the
volume fraction of existing phases via Rietveld refinement as well as for phase identification. From the
Rietveld refinement, the lattice parameters of the existing phases within the as-cast eutectic

AlCoCrFeNi2.1 HEA were also determined.

I Lasie s remmg |

Tensile machine

L-—-) (p=0°

@: Azimuthal angle (°)

Figure 3-5. High-energy in-situ synchrotron XRD experimental set-up.

In the following sub-sections, the definition for the calculation of several microstructural features of
interest are detailed.
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3.5.1.1.1 Lattice strain calculation

To study the evolution of the lattice strain during tensile loading along the LD and TD, individual
reflections of the existing phases are fitted and the d-spacing at each loading step was obtained. Then,

the lattice strain for a given (h k I) plane, €n, can be calculated according to Equation (3-1) [76]:

dpr—d
Enkl = % (x106) (3-1)

where (h k I) refers to a specific lattice plane, dO is the reference d-spacing before loading, neglecting
any initial internal stresses [76], and dhkl is the d-spacing determined at different stress/strain levels.
The dO and dhkl values can be obtained directly from the individual peak fitting procedure.

3.5.1.1.2 Phase stress calculation

To understand the mechanical behavior of the as-cast AICoCrFeNiz.1 eutectic HEA, the (31 1) FCC and
(21 1) BCC B2 planes were chosen as the representative crystallographic planes to calculate the phase
stress evolution. The (3 1 1) plane for an FCC structure and the (2 1 1) plane for a BCC structure are
known to be the least affected by intergranular stresses (since grains with different orientations are
subjected to different stress states), thus enabling the reliable calculation of the stress partitioning during
tensile testing [77—79]. This has been demonstrated by numerical simulations as detailed in [80]. Based
on the lattice strain evolution, the distribution of the applied load between both phases during
deformation can be approximated. Thus, the Von Mises stress (ovm) is employed to quantify the phase

stress partitioning during tensile deformation [78-80]. The Von-Mises stress is defined as,
Oum = 55 [(011 = 022)% + (022 = 033)% + (033 — 1) ?]/2 (3-2)

where,

E v
o =Tt o2 (€114 822 + €33) (3-3)
E vE
O =033 =7 &n t m(&u&z + &33) (3-4)
v=— Etransverse (3_5)

Elongitudianl

Here, €11 is the lattice strain along the LD (obtained from the azimuthal range from 82.5 to 97.5 °), €22 is
the lattice strain in the TD (obtained from the azimuthal range from -7.5 °to 7.5 °). €33 is assumed equal
to €22 [78-81]; v is the Poisson ratio, which is known to vary within 0.35 and 0.39 for the as-cast
AlCoCrFeNi21 HEA studied in this work [82]; E is the orientation-dependent Young's modulus for a
specific (h k I) plane, which can be obtained by fitting the evolution of the lattice strain during elastic
deformation; o11 is the principal stress in the LD, 022 and as3 are the principal stresses in the other two

perpendicular directions. It is worth noting that, since the transverse stress (022) is significantly smaller
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than the o11 longitudinal stresses (with the sample applying for the o33 stress, due to the reduced
thickness of the material [83]), it is assumed here that 022 = 033 = 0 [78-81,83,84].

3.5.1.1.3 Dislocation density evolution

To evaluate the dislocation density during the room temperature tensile testing, the modified Williamson-
Hall method [85,86] was used. The FWHM for a given (h k I) plane obtained from the individual peak
fitting routine is mainly composed by three components: instrumental broadening, grain size broadening
and microstrain broadening, the latter resulting directly for the generation of defects such as dislocations
and stacking fault [87]. After subtracting the instrumental peak broadening, the structural FWHM is

mainly caused by grain size, FWHMsize, and microstrain, FWHMmicrostrain @S shown in Equation (3-6).

FWHM = [(FWHMpeqsurea)®* = (FWHMingprumenta)* 1" (3-6)
FWHM = FWHMg;,e + FWHM i crostrain (3-7)
where,
FWHMyjz0 = —— (3-8)
FWHMyicrostrain = 4€ e (3-9)

The FWHM induced by grain size (FWHMsize) and microstrain (FWHMmicrostrain) are detailed in Equation
(3-8) and Equation (3-9), respectively. Here, A is the wavelength (0.14235 A), L is the average grain

size, k is the Scherrer constant (= 0.9) [88], 0 is half of the diffraction angle of the selected reflection.

Then, (3-10) is obtained by substituting Equation (3-8) and (3-9) into Equation (3-7) and the average
lattice strain, €o, and the crystallite size, L, are respectively the slope and line intercept of the linear
relationship obtained when plotting FWHM x cos (0) against 4 x sin (0) for each of the selected diffraction

peaks at different stress/strain levels [88—91],

FWHM x cos@= % + 4e,sin @ (3-10)

The dislocation density evolution of the two major phases of the eutectic alloy (disordered FCC and
ordered B2 BCC) can be derived from the modified Williamson-Hall method as described by Equation
(3-112) [92],

p =t (3-11)

where p refers to the dislocation density, ¢, corresponds to the lattice strain as defined above, b is the

Burgers vector, considering the {1113}(110) slip systems of the FCC phase and {110}(111) slip systems
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of the B2 BCC phase [93]. The Burgers vector of the FCC phase and B2 BCC phase can be estimated
by using bpcc =V2a/2 and by, scc = V3a/2, respectively, where a is the corresponding lattice
parameter, k is a constant, with the values of k for the FCC and B2 BCC phases being 16.1 and 14.4,
respectively [92].

After plastic deformation of the AlCoCrFeNiz.1 alloy, dislocations are generated, move and accumulate
inside the material. This leads to the hardening behavior of the material upon plastic deformation.
Therefore, in order to further understand the strength contribution resulting from the generation of new
dislocations in both FCC and B2 BCC phases, the Bailey-Hirsch model was used as detailed by
Equation (3-12) [91],

Ao, = MaGhp'/? (3-12)

where Aocp is the contribution due to the dislocations that are generated within each phase, M is the
average Taylor factor, and takes the value of 3.06 for the FCC phase [94] and of 2.8 for the B2 BCC
phase [95], a is a constant, and the value for the FCC and B2 BCC phase is the same, being equal to
0.23 [77], G is the shear modulus for both matrix phases, with the FCC matrix phase having 76.9 GPa
[96] and the B2 BCC phase possessing 80 GPa [97], b is the length of Burgers vector [97], p is the
dislocation density, which was calculated as detailed above. It should be mentioned that there are other
strengthening mechanisms that can contribute to modify the mechanical response of this eutectic HEA.
These include solid solution, grain boundaries, and precipitates [91]. However, in this work the only
microstructural change that is occurring pertains to the dislocation density, while the other features were
constant during deformation. For this reason, the mechanical behavior and strain-hardening behavior of
the studied alloy has been primarily derived from the dislocation density evolution in both phases as it

will be shown in the results and discussion section.

3.5.1.2 X-ray diffraction methods used for the tensile deformation mechanism

analysis of cast eutectic Fes2Mn»3C010Cr15Sis HEA

In-situ high energy synchrotron X-ray diffraction also was used to investigate the deformation behavior
of the metastable Fes2Mn2sC010Cr15Sis HEA during the loading process, including the TRIP and TWIP

effects.

High energy X-rays with a beam size of 700 x 700 um? penetrated the specimen and a Perkin Elmer 2D
detector with a pixel size of 200 x 200 ym? is employed to collect the scattered intensity in the form of
Debye-Scherrer rings at 12 different loading stresses. The setup used is the same as that previously

shown in Figure 3-5.

Figure 3-5 shows the schematic overview of the experimental setup. Here, full integration along the

azimuthal angle was performed to get an overall understanding of the microstructural changes induced
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in the material upon tensile loading. To evaluate the orientation-dependent microstructural evolution of
certain lattice planes of both phases, partial integration along the LD, and TD, was performed. The

integration ranges were set from 85 to 95° for LD and from -5 to 5° for TD.

A single-peak fitting routine was performed on the 1D X-ray diffraction patterns using the structural
analysis software GSAS Il [75], to determine the diffraction peak positions of different lattice planes,
their integrated intensity and FWHM. These microstructure features were then used to calculate the
dislocation density, dislocation strengthening, stacking fault strengthening, and the evolution of the
lattice strain during the tensile process, as it will be described in detail in the next sections.

In addition to this, Rietveld refinement using the MAUD software [70] was used for full spectrum fitting
to determine the evolution of lattice parameters, phase volume fraction, and to support the phase
identification of the acquired diffraction spectra.

Data processing of the synchrotron X-ray diffraction data applied for the Fe42Mn2sCo010Cr15Sis HEA is
similar to that used for the analysis of the tensile deformation evolution of the AICoCrFeNiz.1 eutectic
HEAs. However, due to different microstructure features and deformation behavior that exist when
comparing both samples some different approaches must be followed. The details are as follows.

3.5.1.2.1 Phase volume fraction and transformation volume calculations

The physics-based diffraction models used in MAUD software enable to successfully capture the effects
of variations in crystallographic properties, phase fraction as well as material/phase texture, enabling
guantitative analysis of the microstructural evolution of the material upon mechanical loading. For the
Rietveld refinement procedure used in this work, a polynomial function of degree four was used to
reproduce the pattern background [98], while the Cagliotti PV model was chosen for the instrumental
broadening and the Popa model was selected for anisotropic broadening [99]. The extended Williams-
Imhof-Matthies-Vinel algorithm (E-WIMV) [100] with a cell size of 5° in orientation was used as the
texture model for considering the texture evolution under tensile loading, as described by Wenk et al.
[101]. A triaxial elastic stress model with c11 # 0 and c22 = o33 ~ 0 [102] was used and the ci1, c12 and
c44 single crystal elastic constants for both y-f.c.c. phase and ¢-h.c.p. phase were obtained from [103],
while the mechanical parameters based on the Young’s modulus, E, [104] and Poisson’s ratio, v, can
be derived by the Hill-averaged Voigt and Reuss bound as described by the following Equations.

_ 9BG
T 3B+G

(3-13)

_ 3B-26
~ 2(3B+G)

(3-14)

where,
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{ 5(c11-C12)C44 ,011—C12+3C44}
}
4c44+3(c11—C12) 5

2

G =

(3-15)

B =t (3-16)

here E is the Young’'s modulus, v is the Poisson’s ratio, ci1, c12 and ca4 are the single crystal elastic

constants.

The transformation volume, AV, is determined as follows [105,106],

AV = 2Vs—h.c.p._]/y—f.c.c. (3_17)
Vy—f.c.c.
Vy—f.c.c. = ay—f.c.c.3 (3-18)
V3
Vs—h.c.p. = 7as—h.c.p.2x Ce-h.cp. (3-19)

where Vyfcc, and Vescc, are the volume of the y-f.c.c. and ¢-h.c.p. phases, respectively, with ay-cc. and

ae-hcp. and Ce-hep. being the lattice parameters for the y-f.c.c. and e-h.c.p. phases.
Taking Equation (3-18) and (3-19) into (3-17) gives the following simplified Equation.

2 3
_ (‘/gas—h.c.p. *Cs—h.c.p.)_(ay—f.c.c. )

ay—f.c.c.3

AV (3-20)

3.5.1.2.2 Phase stress partitioning calculation

An in-depth understanding of the deformation behavior of the constituent phases in the metastable
Fe42Mn28Co010Cr15Sis HEA during macroscopic tensile deformation and a quantitative analysis of the
stress/strain relationship between the soft y-f.c.c. phase and the hard e-h.c.p. phase is essential for
gaining an insight into the deformation mechanisms of the material and for the design of new materials.
Therefore, in order to investigate the micromechanical behavior of the currently studied alloy, the von
Mises criterion was introduced to evaluate the stress distribution in both y-f.c.c. and e-h.c.p. phases
[1086].

The phase stress partitioning was calculated considering the (311) lattice plane of the y-f.c.c. phase [77]
and of the (1012) lattice plane of the &-h.c.p. phase [107] since these planes have a relatively low
intergranular strain sensitivity, as demonstrated by crystal plasticity simulations. Thus, by focusing on
these two specific lattice planes, it is possible to obtain a representative stress/strain behavior of the

individual phases that compose the metastable HEA used in this work.

The von Mises stress, ovm, used to calculate the phase stresses is detailed as follows,
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1
Oym = %[(011 — 022)% + (032 — 033)* + (033 — 011)?]2 (3-21)

Here, o1 refers to the principal stress parallel to the LD and o22 and o33 correspond to the principal
stresses perpendicular to the direction of loading (TD). o22 = 633 = 0 is assumed here for a square section
specimen in this study. The value of 611 can be obtained from lattice strain calculations [108] by the

following Equations,

E vE
o =Tt m(fn + &35 + £33) (3-22)

v= —m (3-23)
Here, €11 is the lattice strain along the LD, €22 and €33 are the lattice strains perpendicular to the LD
(assuming e22 = €33 [107]). The azimuthal integration ranges corresponding to the LD and TD were from
85 to 95° and from -5 to 5°, respectively, as previously described. The specific calculation procedure for
determination of the lattice strain has been described in subsection 3.5.1.2.6. E denotes the Young's
modulus of the selected lattice planes, i.e., (311) for y-f.c.c. and (1012) for e-h.c.p. calculated along LD,
which can be determined by linearly fitting the evolution of the lattice strain in the elastic range. The ratio
of the transverse lattice strain, g22, to the longitudinal lattice strain, €11, is the Poisson's ratio, v, as shown
in Equation (3-23).

v=— Etransverse (3_23)
€longtigudinal

Subsequently, the rule-of mixture (ROM) [109], for the mechanical properties of multiphase materials
was used to further investigate the contribution from each constituent phase to the total tensile stress.
The fraction-weighted average stress can be calculated by summing up the contribution stresses of both

y-f.c.c. and ¢-h.c.p. phases [110].

0 =Vy_fcc Oy—fec T Vs—h.c.p. Og—h.cp. (3-24)

where V,_¢..and V,_;, ., correspond to the phase volume fraction of the y-f.c.c. and e-h.c.p. phases

(subsection 3.5.2.2.1 previously detailed this calculation procedure). cy-t.c.c. and cen.c.p. refer to the phase
stresses of the y-f.c.c. and e-h.c.p. phases, which were obtained from the representative lattice planes,

i.e., (311) for y-f.c.c. and (1012} for €-h.c.p., respectively.

3.5.1.2.3 Dislocation density calculations

Increase in dislocation density is a main source of strengthening in most engineering alloys [95], and its
quantitative measurement is essential for understanding its contribution to overall strengthening and

even for making qualitative judgements on the main deformation mechanisms of a material.
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Conventional transmission electron microscopy (TEM) [111] and X-ray diffraction line profile analysis
[111,112] are indirect methods for measuring the dislocation density. However, when the dislocation
density is high enough (> 10%* m-), its determination by TEM is hard [113-115]. This difficulty can be
overcome by using X-rays [116]. In addition, a modified Williamson-Hall model has been shown as a
possible method to correlate the broadening of different diffraction peaks with dislocation density, and

thus derive the dislocation density [117].

In this study, the dislocation density evolution of the metastable Fes2Mn2sC010Cr15Sis HEA during tensile
deformation was calculated by combining the analysis of the FWHM obtained by X-ray line profile
analysis with the modified Williamson-Hall model. The diffraction peaks used here were obtained by
integrating along the full azimuthal angle, as well as along LD and TD. A pseudo-Voigt function in the
GSAS software was used for the single-peak fitting, and the obtained FWHM is hamed FWHMmeasured,
and it consists of three main contributions. One is the instrumental-induced peak broadening [118]
(specified as FWHMinstrumentat) and its value can be obtained from the LaBe standard powder calibration.
The other two components include the peak broadening due to the average microstrain, €o, which is
caused by dislocations, and grain size-induced peak broadening. The peak broadening arising by these
two contributions is termed FWHMnmicrostrain + grain size. Thus, the broadening of a diffraction peak caused

by dislocations and grain size can be obtained from the following Equations [86,117],

1

FWHMmicrostrain+grain size = [(FWHMmeasured )2 - (FWHMinstrumental)z]E (3'25)

FWHMmicrostrain+ grainsize = FWHMmicrostrain + FWHMgrain size (3'26)

Here, FWHMg,4n size Can be estimated from the Scherrer formula, as shown below,

sinf

FWHMicrostrain = 4 €0

(3-27)

cos6

kA

w grain size D cosd

(3-28)

Here, ¢ois the average microstrain [119], 6 is half of the Bragg angle of a selected diffraction peak [120],
D is the average grain size [117], k is a constant, assumed as 0.9 here [90,120], A is the wavelength of
the X-ray beam (0.14235A) [121]. Taking Equation (3-27) and (3-28) into (3-26), Equation (3-22) will be

simplified as follows,

. kA
FWHMpicrostrain+ grain size X €056 = 4sinb x &, + o (3-29)

To derive the average microstrain, o, as well as the grain size, D, Equation (3-29) can be considered

as a linear Equation of one variable as below,
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y=kx+b (3-30)

where y can be treated as FWHMmicrostrain + grain size X €0S (8), while x corresponds to 4 x sin (0), K is the
average microstrain o and b is (k x 1) / D. In this approach, the values of the FWHMmicrostrain + grain size X
cos (0) and 4 x sin (0) were obtained from different diffraction peaks [86]. It is worth noting the definition
of the parameter eo. Although it is usually referred to as "strain" or "lattice strain” in the literature [117],
it does not simply mean the average strain scale (e.g., strain measured by an extensometer upon
loading). Venkateswarlu et al. called it an inhomogeneous strain [122], but its definition remains vague,
and some researchers avoid the definition of this parameter [86,123]. In the current work, we define it

as the average microstrain experienced by each phase during macroscopic loading.

Based on the above calculated microstrain, €o, and grain size, D, the dislocation density, p, can be
estimated by the modified Williamson-Hall method [124,125]. The specific equation is as follows,

_ 23 _
== (3-31)

where b refers to the Burgers vector, and its magnitude depends on the dislocation slip syste. For the

y-f.c.c. phase structure, the magnitude of Burger’s vector changes from g g cc. INtO \/ig arcc [77], due to

the evolution of the [110]{111} perfect dislocation slip system into a [112]{111} Schockley partial
dislocation slip system [96]. a, ... is the lattice parameter of the y-f.c.c. phase. Similarly, for the €-h.c.p.

phase structure, the slip system transforms from a basal slip to a pyramidal slip as plastic deformation

progresses [97]. Correspondingly, the magnitude of the Burgers vector for €-h.c.p. changes from ? to

Viée

- depending on the slip system, with the former corresponding to the basal < a > slip plane, and the

latter to the prismatic < ¢ > and pyramidal < ¢ + a > slip planes [97]. A more detailed description of the
evolution of the slip mechanisms for both the y-f.c.c. and ¢-h.c.p. phases contained in the metastable

Fe12Mn2sC010Cr15Sis HEA during tensile deformation has been provided in the discussion section.

3.5.1.2.4 Strengthening contributions calculations

To further investigate the strengthening contributions arising from the different deformation mechanisms
experienced by the Fes2Mn2sCo010Cr15Sis alloy during tensile deformation, the Bailey-Hirsch model

[43,127,128]was applied to describe the dislocation strengthening effect, Acp, in the material,
Aogp = MaGbp% (3-32)

where M is the Taylor factor, a is a proportionality factor [129], G is the sear modulus, b is the burgers

vector, and p is the dislocation density [130].
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In this work, the following parameters were used: i) for the g-h.c.p. phase, M is 3.06 [124,131], the value
of ais 1.16 [130,132] in the < C + a > slip system, which is larger than that in the basal-basal interaction
[129] while in the < @ > slip system is assumed as 0.2 [129] and G is 78 GPa [132]; ii) for the y-f.c.c.
phase, M is 3.06 [133], a.is 0.36 [134] and G is 76 GPa [96]. The selection of the Burgers vectors, b, for

the different deformation stages of both y-f.c.c. and €-h.c.p. phases, as well as the dislocation densities

obtained by the Williamson-Hall model, have been described previously in section 2.4.1.2.2.

In addition to the dislocation density strengthening mechanism, the strain induced transformation from
y-f.c.c. to e-h.c.p. is another primary deformation mechanism [135]. However, the transition from y-f.c.c.
to e-h.c.p. requires the presence of large number of stacking faults in the y-f.c.c. phase [53]. In other
words, stacking faults are the core of the g-h.c.p. phase formation. Specifically, the quantitative study of
stacking fault strengthening, ost, can be achieved by tracking the changes in the stacking faults
interspacing, Ls, which impedes dislocation movement during deformation, and the probability of

forming stacking faults, Ps.

Holden et al. [136] using neutron diffraction experiments, reported that the difference in the diffraction
peaks in the (111) and (222) y-f.c.c. lattice planes may not be caused by elastic strain but by structural
factors in the stacking faults among the y-f.c.c. phase. Jeong et al. [137] achieved a similar conclusion
using synchrotron radiation. Since the (111) and (222) y-f.c.c. lattice planes have equivalent
crystallographic orientations, the occurrence of stacking faults can lead to differences in lattice strain in
these reflections [138]. Based on these literature studies, the shifts of the diffraction peaks of the y-f.c.c
(111) and (222) lattice planes obtained by full azimuthal integration were chosen to be used in this study
to evaluate the evolution of the stacking faults interspacing, Lst, stacking fault probability, Ps, and hence

the stacking fault strengthening, ost, contribution of the Fes2Mn28C010Cr15Sis HEA.

The lattice strain, ena of the y-f.c.c. (111) and (222) planes, which was obtained using the previously
described peak fitting routine using the GSAS software, consists of the elastic lattice strain, €, and
the lattice strain induced by staking faults, 5%, [139,140]. Since the (111) and (222) y-f.c.c. planes are
equivalent in terms crystallographic orientation, the elastic lattice strains of y-f.c.c. (111) and (222)

planes are equal (¢5,, = £7,,). The detailed derivation is detailed as follows.
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— sf _ dna=dhi _
g(hkl) = g(hkl) + g(hkl) = d}‘ikl (3 33)
e — o€
€222 = €111 (3-34)
_ _ (o€ SfF Y _ (e SF\ _ oSf _ Sf _ d22—d3y,  di1—dly
€220 — €111 = (522 + €325) — (11 + &011) = €335 — 111 = al,, s, (3-35)

where dna is the hkl-specific lattice spacing obtained at different loading steps, and df, is the
corresponding stress-free lattice spacing. The stacking faults and hkl-dependent lattice strain en can

be correlated with the experimentally measured lattice strain via the following Equation [139],

_ \/§ Eb(i’Lo) P. (3'36)

el = ——
hkl 41 h2(u+b) sf

In Equation (3-36), u, b, h and Lo in % are crystal structure-related parameters [141], with values
0

of +1/4 and -1/8 being reported [139] for the (111) and (222) y-f.c.c. orientations, respectively; u and b
correspond to the non-broadened and broadened components due to the stacking faults, respectively
[140,142]. This leads to the following simplified Equations for the lattice strain g111, €222 and stacking
faults probability, Pst [140],

V3 1
£222 = =32 (—3) Py = 0.0173P; (3-37)
V3 (1
e = =2 (3) Py = —0.0344P, (3-38)
€222 — €111 = 0.0173P5; — (—0.0344P;;) = 0.0517Pf (3-39)
dzzzo—dgzz_ﬁno—dgn
__ E222—&111 __ _ dzp; di1q _
Por =057 = 0.0517 (3-40)

Then, the interspacing between stacking faults, Lst, can be obtained from di11 and Pst [143], and is given
by the following relation [128,143],

digg
Lsf = P_sf (3-41)

where di11 and Pst refer to the (111) d-spacing (obtained from full azimuthal integration) and stacking

faults probability, respectively.

Based on the results obtained from the above calculations, the stacking faults strengthening, csf, can

be obtained by the following Equation [143],
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KS
O = L—f (3-42)

where Lstis the interspacing between stacking faults, which can be obtained from Eq. 3-41, K is the
strengthening coefficient, and the following formula can be used to calculate this parameter,

1

Oyield = Og T+ st L_sf (3-43)

Kst is the slope of the linear fit between 1/Lst (corresponding to the x-axis) and the yield strength, ocyield,
(corresponding to the y-axis) [128,143], which can be interpreted as the extra energy consumed by
dislocations to cut through stacking faults when dislocations are impinged at them [128,143]. Additional
details for determining Kst can also found in [128]. ca is the total strength contributed by various
strengthening mechanisms other than stacking faults [144]. The Kst value calculated in this work is 2610

MPa.nm indicating for this material that the stacking faults act as a strong barrier against dislocation slip.

3.5.1.2.5 c/aratio calculations

The c/a ratio is a key structural parameter of the h.c.p. phase that can be directly related to the lattice
spacing [145], and is also closely related to the structural plane features that control the activation of
the structural slip systems in this phase [105,145]. The ideal value of the c/a ratio is 1.633, although this
value can be adjustable in magnitude [105]. On one hand, the c/a ratio depends on the alloy composition
and the addition of ¢-h.c.p. phase stabilizers (such as Co, Mn, Si) can increase the c/a ratio but the
addition of y-f.c.c. phase stabilizers (Cu, Al) can decrease it. On the other hand, thermomechanical
processing and deformation is another way of changing the c/a ratio due to the dependence of the lattice
parameters on the microstructure and stress state, but it is necessary to exclude the conventional ¢-
h.c.p. phase metals (e.g. Mg and Ti) as these materials have c/a ratios that depend on the alloy
composition but remain almost constant during processing or deformation [105]. Bu et al. had
determined the a and c lattice parameters in the €-h.c.p. phase among different regions in a friction stir
processed FesoMn30C010Cri0 HEA by X-ray diffraction. The c/a ratio for BM and stir region were of 1.622
and 1.616, respectively [145]. This small change in this structural parameter allows to infer that different
slip systems can be activated, for example the non-basal slip system, and thus affect the ductility of the
e-h.c.p. phase [146].

The Rietveld refinement methodology previous described was used to determine the c/a ratio change

during tensile loading. The formula used to calculate the c/a ratio is as follows,

Ce—h.cpph
¢/ Aratio = ——o (3-44)
Q@ g—h.c.p.phase

Where C e-h.c.p. phase @Nd @ e-h.c.p. phase refer to the lattice constants of the €-h.c.p. phase.
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3.5.1.2.6 Lattice strain calculations

The response of different lattice planes to the applied load during deformation of a material is important
for understanding the alloy micromechanical behavior. In this study, the lattice strain evolution of the y-
f.c.c. and e-h.c.p. phases in the metastable Fes2Mn2s8C010Cri15Sis HEA was calculated along the LD and
TD. Specifically, the (111), (200) and (311) lattice planes of the y-f.c.c. phase, and the (1010), (1011),
(1012) and (1013) planes of the e-h.c.p. phase have been chosen. Each diffraction peak was fitted
individually using the GSAS software and the lattice strain, enk, for a selected (h k I) plane was calculated

as,

e = 2 5 1076 (3-45)
T

where dna and df, represent the interplanar spacings for a certain (h k I) plane under loading and in the

stress-free condition, respectively.

3.5.2 Synchrotron X-ray diffraction for characterization of the
welded joints

High energy synchrotron X-ray diffraction was used to probe the phase structure evolution throughout
all the welded joints. A beam with a size of 200 x 200 um?2, started to scan the welded joints in the BM,
passing through the HAZ and FZ, until it reaches the BM on the opposite side of the weld. A schematic
representation of the setup used is shown in Figure 3-6.
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Figure 3-6. Synchrotron X-ray diffraction setup (not to scale).

3.6 Thermodynamic calculations

3.6.1 Thermodynamic calculations used for gas tungsten arc
welded joints

Thermodynamic calculations based on the CalPhaD method were used to predict how the weld thermal
cycle affected the phase evolution and elemental partitioning in the FZ. Owing to the non-equilibrium
solidification conditions experienced by the FZ, the Scheil-Gulliver model was used in ThermoCalc with
the TCHEA 5.1 HEA database. The experimental data was then compared with the predicted results for
analyzing the reliability of the thermodynamic calculations, and for providing reference for further

improvements on currently existing thermodynamic databases.

3.6.2 Thermodynamic calculations used for gas metal arc
welded joints

To evaluate the effect of the filler wires on the potential compositional heterogeneity of the fusion-based
welded joints (i.e., mixing ratio of BM and filler wire) Scheil-Gulliver calculations with 1 or 10% dilution
steps (depending on the welded joint) were implemented. These calculations were also used to predict
the number of phases and solidification temperature range. During non-equilibrium thermodynamic
calculations using the Scheil-Guliver model, certain elements can be set as fast diffusers, as theycan
greatly influence the solidification path experienced by the material. For steels and related alloys, carbon
is usually set as fast diffuser [147]. Here, calculations were made with and without carbon selected as
a fast diffuser to evaluate the impact on this element on the solidification microstructure. The TCHEA5S.1
database of ThermoCalc was used for these calculations. Owing to the large number of potential
compositions probed, a python-based routine was implemented in Thermocalc using the TCHEA 5.1
database.
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3.7 Microhardness mapping and tensile testing

Microhardness mapping across all the welded joints was performed on a Mitutoyo HM-112 Hardness
Testing Machine with a load of 300 N, duration of 10 s, and a distance of 200 um between consecutive
indentations. This allowed to obtained hardness maps that enable the visualization of the hardnening

and softening effects induced by the microstructure changed within the welded joints.

Uniaxial tensile testing was performed along with DIC on a Shimadzu tensile machine equipped with a
50 kN load cell (refer to Figure 3-7). The dimensions of the dog-bone specimens are the same as those
detailed in Figure 3-2 and Figure 3-4). Tensile tests were performed at room temperature, at a strain
rate of 1 x 10 s1, with the loading direction being perpendicular to the welding direction. In order to
evaluate the variability of tensile properties, three welded samples were tested. Before testing, the
specimens were prepared for DIC by applying a random black speckle pattern over a previously painted
matt white surface. Data analysis was performed using Vic-2D software. At least three specimens were
used to assess the reproducibility of the tensile properties after welding. After tensile testing, a Hitachi
SU3800 scanning electron microscope was used to observe the fracture morphology of the welded

specimens.

e

Camera

Computer

Shimadzu tensile machine

Figure 3-7. Schematic diagram of tensile test with DIC.

3.8 Summary
In this section the welding parameters and all characterization techniques, both for microstructure and
mechanical assessment, were described in detail. GMAW was used to join the CoCrFeMnNi HEA using

four different filler materials (308 and 410 stainless steels). GTAW was used to join the eutectic
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AICoCrFeNiz1 and metastable Fes2Mn2sC010Cri1sSis HEA in similar combinations. The welding
parameters and subsequent microstructure (OM, SEM, as well as synchrotron X-ray diffraction) and
mechanical characterization, coupled with thermodynamic calculations were described in this section.
The multiscale correlative microstructure and properties characterization will enable to obtain a
correlation between the welding process, microstructure, and mechanical properties as detailed in the
next chapters.

In the next chapter the results and discussion pertaining to all the welded joints obtained is detailed.
First focus is given to the role of different filler materials during GMAW of the CoCrFeMnNi HEA. Then,
the effect of GTAW of the eutectic AICoCrFeNiz1and metastable Fes2Mn2sC010Cri15Sis HEAS is detailed,
including the in-situ characterization performed on these two BM.
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4.

MICROSTRUCTURE AND MECHANICAL
PROPERTIES OF GAS METAL ARC
WELDED COCRFEMNNI JOINTS USING
DIFFERENT FILLER MATERIALS

4.1 Introduction

Traditionally alloy design concepts are focused on using one principal element and then improving the
desired properties with relatively minor alloying additions. Cantor et al. [148] and Yeh et al. [2]
independently proposed a new alloy design strategy which broke the design barriers of traditional alloys.
Nowadays, HEAs are attracting significant interest owing to their attractive and unique properties

including strength, thermal stability, wear and oxidation resistance [149-154].

One of the most widely studied HEAs is the FCC single phase CoCrFeMnNi [148,155,156], being
considered a potential structural material due to its remarkable mechanical properties over a wide range
of temperatures [157].

Welding, as one of the most important metal processing methods for structural materials, is virtually
used in any structural engineering application. Thus, coupling the development of new materials and

determining their weldability is essential to promote them as engineering solutions.

So far, researchers focused on the weldability of CoCrFeMnNi HEAs with fusion-based welding
processes, including laser beam welding [19-21], electron beam welding [18,22] and GTAW [158].
Although well performing joints have been obtained, they are mainly limited to similar welding
combinations. Based on the state of art presented in chapter 2.3.4.1, as well as the current section,
furthering expanding the applications prospects CoCrFeMnNi HEAs in nuclear and aerospace sectors,
joining them to other BMs or the addition of filler materials to adjust the composition and modify the

material microstructure is required.

The use of filler materials during fusion-based welding processes is widely used to regulate and modify
the composition of the welded joints aiming at producing a desired microstructure and/or achieving an
improvement in its mechanical performance. Welding of HEAs is still a new topic and the impact of

different filler materials on the microstructure and mechanical properties is yet unknown.
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Thus, this chapter the role of different filler materials (308 and 410 stainless steel) during GMAW of the
CoCrFeMnNi HEA is assessed.

In order to achieve the goal of establishing a correlation between the weld thermal cycle, microstructure
evolution and resulting mechanical properties and provide a wider basis for promoting the applications
of GMAW of HEAs for industrial application. The microstructural evolution of welded joints was
evaluated by OM, SEM aided by EBSD, high energy synchrotron X-ray diffraction and thermodynamic
calculations. Meanwhile, the mechanical behavior of the welded joint, as well as the local mechanical
response were investigated with microhardness mapping measurements and with non-contact DIC
during tensile loading to failure. The role of the filler material in the solidification path experienced by
the FZ was evaluated using Scheil-Gulliver calculations. Moreover, the Scheil-Gulliver model was also
used considering dilution steps to investigate the effect of dilution of the filler materials on the

solidification phases and solidification temperatures range.

A comprehensive analysis of the microstructure and mechanical properties for each of the welded joints
obtained with different filler wires is first performed. Then, a summary and comparison of the
microstructural characteristics and mechanical properties of the four different welded joints is provided

in order to clarify the role of each filler wire and its suitability for different structural applications.

4.1 Starting material

In this work, an equiatomic CoCrFeMnNi HEA with a thickness of 3 mm was prepared by vacuum
induced melting as described in [159]. Following cold rolling at room temperature, a thickness of 1.5 mm
was obtained. Before welding, the as-rolled material was cut by machining into 60 x 60 mm squares for
butt joining. The faying edges were polished and cleaned with acetone and alcohol to remove any

contaminants that could be harmful to the welded joint.
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4.2 Results and discussions

4.2.1 Gas metal arc welded CoCrFeMnNi joints using a 410
stainless steel filler metal

Microstructure evolution Figure 4-1 a) details a macroscopic overview of the cross-section of the gas
metal arc welded joint. No welding defects are observed. Figure 4-1 b), ¢) and d) detail the light OM
images of the BM, HAZ and FZ, respectively. The fusion boundaries, marked with white dashed lines in
Figure 4-1, delimitate the FZ. As typically for welded joints obtained with filler material, there is the
formation of a reinforcement on the face and root of the weld, as marked in Figure 4-1 a), owing to the
extra material coming from the filler wire. The face reinforcement is formed upon the addition of the
molten filler wire and protrudes slightly as the wire moves forward during welding. The root reinforcement
on the bottom surface of the joint is more obvious due to the surface tension of the melted wire during
solidification [160]. From Figure 4-1 b), ¢) and d), it can be broadly seen the evolution of the grain size
and microstructure across the welded joint. The BM region (Figure 4-1 b)) has the smallest grain size
due to the cold rolling imposed prior to welding. The grain size increases when entering in the HAZ
(Figure 4-1 c)). Before reaching the HAZ/FZ boundary, within the partially melted zone, there is evidence
of partial liquation of the existing grains (refer to Figure 4-1 d)). At the HAZ/FZ interface, a typical
solidification structure composed by dendrites is observed. Within the center of the FZ (Figure 4-1 e)),

coarse columnar grains grew owing to the highly directional solidification conditions experienced.
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Figure 4-1: Light OM of the gas metal arc welded CoCrFeMnNi joint obtained with ERNiMo-410 filler wire: a)
overview of the cross-section of the welded joint; b) BM; ¢) HAZ and HAZ/FZ boundary; d) magnified HAZ and
HAZ/FZ interface; e) FZ.

To further evaluate the microstructure evolution, EBSD was used. The EBSD map of the welded joint is
depicted in Figure 4-2. Due to the large size of the as-welded sample, the as-rolled CoCrFeMnNi BM is
not included in the EBSD map shown in Figure 4-2. At this instance, focus is mainly given to the HAZ
and FZ regions, since the as-rolled BM was already significantly studied in the literature [67,161]. In
Figure 4-2, the white dashed lines represent the HAZ/FZ interface. Combined with the macroscopic
overview of welded joint previously shown in Figure 4-1, it can be clearly seen that there are no
macroscopic defects such as porosity or cracks, indicating that a reliable metallurgical mixing between
the CoCrFeMnNi alloy and the ERNiMo0-410 stainless steel occurred. This also confirms that the
selected welding parameters enabled to obtain a full penetration and defect-free joint.
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Figure 4-2. EBSD map of the gas metal arc welded CoCrFeMnNi HEA with ERNiMo-410 filler wire.

The grain size evolution across the joint reproduces the impact of the weld thermal cycle on the
recrystallization and growth behaviors, as it will be shown when a more detailed analysis of each region
of the joint is presented. For now, and only considering the EBSD map of Figure 4-2, it can be observed
that the grain size increases towards the HAZ/FZ interface, which is due to the increased local peak
temperature and permanence time at high temperatures. The higher the temperature and/or

permanence time at critical temperatures, the easier is the growth of the previously recrystallized grains.

At the edge of the FZ, the grain structure is significantly refined due to the presence of the cold HAZ.
However, moving away from the HAZ/FZ boundary towards the weld centerline, there is a reduction of
the thermal gradient while the temperature experienced by the material is higher which enabled to the
development of large columnar grains. It should also be mentioned that the evolution and growth of
these grains is also dependent on competitive growth mechanisms experienced by the material, where
grains more favorably oriented will have their growth facilitated. These microstructure observations of
the HAZ and FZ regions are in good agreement with the light optical micrographs previously shown in
Figure 4-1 c). For further visualization and analysis of the microstructural features in different regions of
the welded joint, attention is now given to representative EBSD maps obtained in four distinct regions:
BM, HAZ 1, HAZ2 and HAZ/FZ interface. Figure 4-3 a) and b) details the Inverse Pole Figure (IPF) and
the Kernel Average Misorientation (KAM) maps for the as-rolled CoCrFeMnNi BM. As observed in
Figure 4-3 a), the grains are elongated along the rolling direction (RD), forming a refined, pancake-like
grain structure with a width of about 2 um. This grain morphology is common in rolled CoCrFeMnNi
HEAs [67]. In addition, considering the IPF map of Figure 4-3, it is evident that the rolled BM is primarily
oriented along the (1 1 1) direction. This is due to the fact that the (1 1 1) plane is the main slip plane
for FCC materials. When the material is plastically deformed, dislocations tend to pile up along the

primary slip system, forming slip bands parallel to the (1 1 1) close-packed plane [162,163].
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KAM maps detail the local misorientation of grains within the surrounding microstructure with point-to-
point measurements. This can be used to evaluate the relationship between plastic deformation and
microstructural misorientation. High KAM values correlate with high a dislocation density and/or with a
region with high local strain. It can be seen from Figure 4-3 b) that the KAM values preferentially lie
between 4 and 5° (red color) in most areas of the BM (61.4%), implying a high dislocation density, which

is associated to the large plastic deformation imposed during cold rolling of the CoCrFeMnNi HEA.

—RD

Total

Min Max Fraction
0 1 0.098
1 2 0.191
2 3 0.069
3 4 0.024
4 5 0.614

Figure 4-3. EBSD maps of the as-rolled CoCrFeMnNi BM: a) IPF map; b) KAM map.

When entering in the HAZ, microstructural changes induced by the weld thermal cycle start to be clearly
noticed. Figure 4-4 a) details the IPF EBSD map obtained in the HAZ1 region, which corresponds to the
low temperature HAZ region, i.e., further away from the weld centerline. The pancaked-shaped and
highly deformed grains that previously existed are replaced by equiaxed ones, which is typical of
recrystallized microstructures. The BM in the rolled condition possesses a large amount of stored strain
energy due to the previously imposed plastic deformation. Owing to the relatively low temperature
experienced by the HAZ1 region during welding, grains will experience recovery, recrystallisation and
(eventually) minor grain growth. As a result, aside from evolving into an equiaxed morphology, there
was also a minor increase of the grain size in this region, growing from = 2.0 pm (in the BM) to = 8.5

pum. It should be mentioned here that the main driving forces for recrystallisation and grain growth are
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related to the process heat input, but also with the stored strain energy in the material. Comparing the
distribution of the KAM values in the BM and HAZ1 regions, corresponding to Figure 4-3 b) and Figure
4-4 b), respectively, it can be found that the strain energy stored in the grains within the HAZ1 is
significantly reduced compared to the BM. This can be attributed to the low temperature annealing-like
treatment produced in this region during welding. This relatively low temperature cycle is usually
associated with stress relaxation and can lead to grain growth, if higher temperatures and/or
permanence times are imposed on the material [164]. In other words, the release of the previously
stored strain energy contributes to the development of solid-state transformations triggered by the weld
thermal cycle. These solid-state transformations include recovery, recrystallisation and minor grain
growth, which then translates into reduced dislocation density. Figure 4-4 c) details the EBSD phase
map in the HAZ1 region. This region consists primarily of FCC phase and a small amount (= 2.7%) of
BCC phase. As it will be shown after, when combining both EDS and synchrotron X-ray diffraction data
(Figure 4-8 and Figure 4-9, respectively), this BCC phase can be assigned to the presence of Cr-Mn-
based oxides. The presence of a large number of annealing twins was detected in the HAZ1 region,
with multiple >3 twin boundaries being observed, as identified by the red solid lines of Figure 4-4 d).
The driving force for the formation of these >.3 twins is the high strain energy (dislocation density) stored
in the material and sufficiently high temperature. Generally, annealing twins are produced in
recrystallized grains, and their density is proportional to the twin boundary fraction. From the X3 twin
boundary map shown in Figure 4-4 d), the fraction of >3 twins are approximately ~ 40.5%, uncovering
that the weld thermal cycle, with a low peak welding temperature in the HAZ1 region, can induce the

formation these >3 twins in the previously cold worked material.
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Figure 4-4. EBSD maps of the HAZ1 region: a) IPF map; b) KAM map; c) Phase diagram; d)>3 twin boundaries
map.

Attention is now given to the HAZ2 region Figure 4-5 details the EBSD maps at this location, which
correspond to the high temperature HAZ region. Here, the grains become significantly coarser
increasing from = 8.5 um, in the low temperature HAZ, to ~ 32.5 um (refer to Figure 4-4 a) and Figure
4-5 a), respectively). This significant increase indicates a dominance of a grain growth mechanism over
recrystallization. Solid state phenomena such as those observed in this work, i.e., recovery,
recrystallization and grain growth, are intimately related to the starting material condition and distance
to the welding heat source. Specifically, regarding the HAZ1 and the HAZ2 regions, the former
experienced a lower peak temperature than the latter, which would be similar to a short low-temperature
annealing, in which recrystallization and minor grain growth occurred. However, for the HAZ2 region,
there is evidence of significant grain growth, since higher peak temperatures are experienced at this
location. This would resemble the effect of a short and high temperature heat treatment where grain
growth is favored. The essence of grain growth is the migration of grain boundaries in the material,
which promotes mutual engulfment and subsequent growth of preexisting grains. The main driving
forces for this process originate from the difference in the energy stored in adjacent grains or in the
decrease of the grain interfacial energy, i. e., as the grain growth behavior occurs, its stored energy per
unit volume of grain boundary area decreases. Comparing the KAM maps of the low and high
temperature HAZ regions, refer to Figure 4-4 b) and Figure 4-6 b), respectively, reveals a significant
increase in the fraction of KAM values between 0 and 0.4 ° for the high temperature HAZ (74.6 to 82.7%),
with a decrease in the 0.4 to 0.8° range (22.3 to 16.4%). This change evidences the effect of high

temperature in the promotion of a reduced dislocation density of the previously highly deformed BM.
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Moreover, owing to the dependence of the consumption of stored energy with temperature, it is also
clear that high temperatures and/or permanence times are conducive to a more significant reduction in
the material stored energy. Despite the higher temperature experienced by the HAZ2 region, there was
no change in the phase content, with the microstructure being dominated by the FCC phase (= 97.5%)
with trace amounts of BCC Cr-Mn-based oxides (= 2.5%), as shown in Figure 4-5 c). The fraction of >.3
twin boundaries decrease to ~29.8% in the HAZ2 region (refer to Figure 4-5 d) and Figure 4-5 d)). This
is again attributed to the high temperature experienced by this region of the welded joint. In fact, the
reduction in the fraction of >3 boundaries is related to the grain growth process, where grains collide
with each other, causing a reduction in the mobility of the grain boundaries. Besides, the rapid movement
of adjacent grain boundaries or twins can easily consume preexisting twin boundaries during grain
growth, resulting in the partial or full annihilation of the previously existing annealing twin boundaries,
which ultimately leads to a reduction in the number of annealing twins as grain growth proceeds. Finally,
when the grain growth process is finished, large grains will exist, while stable twins can be kept in the
material microstructure. This assessment has been previously confirmed in [165,166], where it was
shown that annealing twins can gradually disappear through migration of grain boundaries or twin
boundaries during grain growth. It should be noted that, in this work, annealing twins were only observed
in the HAZ of the welded joint.

111 Total mm FCC 97.5% 23 twin

a0 o5 racion  mm BCC 2.5% boundary
== 0.4 08 0164 —_—
0.8 1.2 0.006
w= 12 16 0.000
001 101  m=m 16 2.0 0003

Figure 4-5. EBSD maps of the HAZ2 region: a) IPF map; b) KAM map; c) phase diagram map; d) >3 twin
boundaries map.

Figure 4-6 details the EBSD data obtained at the HAZ/FZ interface which can be used to elucidate on
the epitaxial growth phenomenon experienced in the FZ. When entering the FZ, small equiaxed and

columnar grains nucleate from the cold substrate. Here, the temperature gradient is maximum, which
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enables to obtain a refined grain structure compared to the bulk of the FZ. Moreover, at the FZ boundary,
there is no evidence of preferred orientation (refer to Figure 4-6 a). While progressing away from the
HAZ/FZ interface toward the weld centerline, there is a decrease on both the temperature gradient and
cooling rate, and the tendency for a refined grain structure to be formed significantly decreases. In fact,
columnar-like grains start to be predominant roughly 30 um away from the FZ boundary. These coarser
columnar grains will grow in the opposite direction to the heat flow extraction and nearly perpendicular
to the FZ boundary. Grains that have their preferential growth direction aligned with the heat flow

extraction will have their growth facilitated.

Quantification of the average KAM values shown in Figure 4-6 b) revealed that the peak of residual
strain occurs on the boundary line of HAZ/FZ interface within the refined grain structure that exists at
this location. This can be attributed to thermally induced strains derived from the large heat input of arc-
based processes. In the presence of the cold substrate, the cooling rate is significantly more abrupt
preventing the material to freely accommodate these thermal strains upon cooling and subsequent
solidification. Towards the bulk of the FZ, the thermal conditions are not as severe, since the thermal
gradient is reduced, which allows the material to more easily accommodate the thermal strains.
Nonetheless, it should be mentioned that the KAM values obtained at this location are, in magnitude,
lower than those in the BM, implying that despite the occurrence of thermal strains due to the weld

thermal cycle, these are not as severe as those imposed by the cold rolling of the BM.

The EBSD phase map shown in Figure 4-6 c) details that the phase constituents near the HAZ/FZ
interface are again the FCC phase (97.5%) and the BCC phase (2.5%). Thus, even though the peak
temperatures are maximum at this location, while staying below the CoCrFeMnNi BM melting point,
there was no significant influence on the existing phases and their volumetric fraction. Interestingly, the
2.3 annealing twins observed in the HAZ region (refer to Figure 4-4 d) and Figure 4-5 d)) disappear
when crossing the HAZ/FZ interface towards the FZ (refer to Figure 4-6 d)). This is related to the fact
that upon melting any previous thermomechanical processing is lost. Thus, the effect of rolling followed
by permanence times at relatively high temperatures is not preserved, with the resulting material

microstructure resembling that of the material in the as-cast state.
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Figure 4-6. EBSD analysis of the HAZ/FZ interface: a) IPF map; b) KAM map; c) phase diagram map; d)>3 twin
boundaries map.

Within the center of the FZ, the previously fine equiaxed and columnar grains transform into coarse
columnar grains that preferentially grew perpendicular to the fusion boundary (refer to Figure 4-2). Most
grains at the edge of the FZ are oriented along the <0 0 1> and <1 0 1> preferred growth orientations,
suggesting that grain growth in the <1 1 1> orientation is inhibited, this being attributed to the competitive
grain growth mechanism occurring during solidification [167]. The evolution of the microstructure within
the FZ is in line with the solidification theory of fusion welding [168], i.e., the larger cooling rate at the
boundary of HAZ/ FZ, which is determined by the thermal gradient and growth rate product, promoted
the formation of a small grain structure, which eventually turned into coarse columnar grains when the

temperature gradient was reduced towards the weld centerline.

Although the FZ is again predominantly composed of FCC phase (= 96.0 %), a small amount of the
previously reported BCC phase was also detected, as detailed in Figure 4-6 c). Although not detected
by EBSD owing to the small volume fraction, it should be mentioned that o phase was detected upon
the use of synchrotron X-ray diffraction. The formation of o phase within the FZ will be described

together with the synchrotron X-ray diffraction data detailed in Figure 4-9 d).

No evidence of twins was observed in the bulk of the FZ (as depicted in Figure 4-2 and Figure 4-6 d)),
due to the remelting and fast solidification experienced by the material, which would promote the
development of a microstructure similar to that of casting processes [169]. Besides, it is worth
mentioning that in the FZ, there is no driving force for annealing twins to be formed, since the thermal

stresses resulting from the welding procedure are not conducive to the formation of these features.

96



Figure 4-7 a) to e) detail a large-scale EDS map performed across the FZ of the joint for the main
elements (Co, Cr, Fe, Mn and Ni) that compose it. Figure 4-7 f) details the analyzed area, while the
white dashed lines delimitate the HAZ/FZ interface, and the black dashed line corresponds to the local
of the EDS line scan detailed in Figure 4-7 g). During fusion-based welding, elemental redistribution is
a typical feature within the FZ. The molten pool behavior is dominated by complex patterns that derive
from the Marangoni currents which depend, among other things, on the local temperature, composition
and density. Moreover, the poor mixing between the base and filler materials can also lead to the

formation of complex patterns across the FZ.

Overall, the EDS mapping results show a good mixture of different elements that compose both the
CoCrFeMnNi BM and the ER-410 filler material, with a relatively uniform distribution of elements and no
evidence of macrosegregation. The EDS line scan detailed in Figure 4-7 g), shows a significant Fe
enrichment within the FZ compared to the BM. This was already expected owing to the fact that the ER-
410 filler material is Fe-rich. The amount of Cr within the FZ is kept approximately the same compared
to the BM, while the remaining elements evidence a decrease upon the dissolution of the filler material
within the melt pool. The high temperatures experienced by the melt pool during welding can also aid in
the preferential loss of certain elements. Mn loss can be favored due to its low melting and boiling points,

as well as higher vapor pressure.
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Figure 4-7. a) — e) EDS mapping of the welded joint; g) EDS line scanning across the weld along the black line of

f).

As detailed when presenting the EBSD data, across the joint it was identified the presence of a
secondary phase. To promote its identification EDS analysis was also performed. The morphology and
composition maps obtained in representative regions of the BM, HAZ and FZ are detailed in Figure 4-8
a), b) and c), respectively. This data confirms the presence of Cr-Mn-rich oxides. In fact, the detection
of such Cr-Mn-rich oxide particles in the CoCrFeMnNi HEA is common [170,171], which is mainly

attributed to the potential contamination of the raw material, as well as oxidation occurring during the
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casting procedure. Although both the top and bottom surfaces of the welded specimens were protected
during the welding process using argon, this still did not avoid the formation of this phase in the FZ zone.
This is common in arc-based processes, and is related to the high heat source dimensions and potential
turbulent flow of the gas during the process. Previously, Kim et al. [172] investigated the high
temperature oxidation behavior (between 900 and 1100 °C) of the CoCrFeMnNi HEA, and found that at
high temperatures, Cr-Mn-based oxides are easily formed owing to the high affinity of these two
elements with oxygen at those temperatures. The presence of such oxide particles detected in the FZ
prove that at high temperatures, and even with the use of inert shielding gas, it is difficult to avoid the
formation of such oxides in this HEA system. It should be mentioned that the presence of these oxide
particles are not always detrimental to the mechanical properties of the material, as their volume fraction

will play a role on the resulting mechanical performance [173].
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Figure 4-8. SEM images and corresponding EDS mapping of Cr-Mn-based oxides: a) BM; b) HAZ; c) FZ.

4.2.1.1 High energy synchrotron X-ray diffraction

Figure 4-9 a) depicts the superimposition of the X-ray diffraction patterns obtained at room temperature
across the welded joint. To better understand the microstructural changes between the different regions,
typical representative diffraction patterns for each region (BM, HAZ and FZ) are detailed in Figure 4-9
b) — d). The phase volume fractions, as obtained by Rietveld refinement, are depicted in Table 4-1. The
effects of the weld thermal cycle on the existing phases and their volume fraction over welded joint are

explored next in combination with the previous electron microscopy characterization data.

Overall, Figure 4-9 a) reveals minor microstructure variation among the BM and the HAZ regions, with
evident changes occurring in the FZ. Considering the representative individual diffraction patterns
depicted in Figure 4-9 b) - d) it is possible to observe the presence of Cr-Mn oxides in all three regions.
Although the phase volume fraction of these Cr-Mn oxide particles increases slightly when determined
using the diffraction data (1.3, 1.8 and 2.5 % in the BM, HAZ and FZ, respectively), it is expected that
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these volume fractions do not have a detrimental effect on the mechanical performance of the welded
joint [173]. Besides, the slightly higher volume fraction of these oxides in the FZ can be related to (minor)

oxygen pick up during welding.

Besides the Cr-Mn oxide particles, only a disordered FCC phase was identified in the BM and HAZ
regions, which is the typical microstructure of this material when it undergoes rolling or short to medium
time heat treatments [174]. Interestingly, more phases formed in the FZ upon the addition and mixing of
the ERNiMo-410 filler wire. In addition to the FCC matrix phase (~ 96.3%) and the Cr-Mn oxides, it was
identified the presence of another BCC phase (» 2.3%), as well as of o phase (~ 0.7%). The appearance
of these two phases (BCC and o) is the result of compositional differences caused by the dilution of the
ER410-NiMo stainless steel filler wire with the BM, which translates into a different solidification behavior.
Qin et al. [175] have studied the effect of the addition of Mo on the microstructure evolution of
CoCrFeMnNi HEAs, and showed that the addition of this element can facilitate the formation of o phase.
Moreover, the addition of Cr, which exists in FZ coming from both the BM and filler wire, can aid in the
formation of o phase. Previous work by Zaddach et al., [176,177] have shown that when the Cr to Ni
ratio increases, as it occurs in the bulk of the FZ zone, the formation of ¢ phase is enabled by the
reduction of the material SFE. It is worth mentioning that the o phase is not detected by EBSD due to
its small volume fraction (= 0.7 %), showcasing the potential for high energy synchrotron X-ray diffraction
to fine probe complex microstructures even for phases with residual volume fractions. The effect of the
dilution rate of the ER410-NiMo martensitic stainless steel filler wire on the microstructure of the FZ will

be discussed further in the thermodynamic calculations section.
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Figure 4-9. 3D plot and phase identification of existing phases within the welded joint using high energy
synchrotron X-ray diffraction: a) superimposition of diffraction patterns across the welded joint; b), c) and d) are
representative diffraction patterns from the BM, HAZ and FZ, respectively. The blue boxes highlight the inserts of
a), b) and c) diffraction patterns.
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Table 4-1 — Volume fraction evolution of the FCC, Cr-Mn oxide, BCC and ¢ phases across the welded joint as
obtained by Rietveld refinement.

Phase volume fraction [%]

Disordered FCC Cr-Mn oxide Disordered BCC o
Region BM ~98.7% ~1.3% - -
HAZ ~98.2% ~1.8% - -

Fz ~94.5% ~2.5% ~2.3% ~0.7%

Since the FWHM of X-ray diffraction peaks is typically sensitive to both microstrain and grain size effects,
the analysis of the FWHM of selected diffraction peaks along the welded joint can help to trace the
effects of the weld thermal cycle on microstructural evolution [178]. Here, focus is given on the (2 2 0)
and (3 1 1) diffraction peaks. The former was selected due to its relatively high intensity and lack of
neighboring peaks that could interfere with the single peak fitting routine, while the latter was selected
due to its insensitivity to intergranular stresses [80]. Moreover, taking advantage of the 2D diffraction
images obtained during the synchrotron radiation diffraction measurements, it is possible to analyze the
orientation dependence of certain microstructure features within the laboratorial reference frame. Thus,
the raw data was integrated along the 0 and 90 ° azimuthal angles, which correspond to the parallel and
perpendicular directions of the welded joint, respectively, as previously indicated in Figure 3-7. Figure
4-10 details the variation of the FWHM along both directions and it can be observed that both have the
same pattern, although the magnitude of the observed changes is distinct. The largest FWHM values
are observed in the BM region, which confirms that the BM possesses high plastic strain arising from
the rolling process. Moreover, it can be inferred that this region of the BM has a high dislocation density,
since heavily deformed regions tend to show relatively broader diffraction profiles [179]. When entering
in the HAZ, a significant reduction in FWHM is observed. Here, it is important to mention that the main
factors contributing to a reduction of FWHM are coarse grain sizes, as well as decreased microstrain
and dislocation density. Evidently, in the HAZ, recovery, recrystallisation and grain growth reduce the
dislocation density and release the strain energy stored in the BM, which is predicted to induce a
softening behavior at this location, except if strengthening phases are formed due to the weld thermal
cycle. Interestingly, in the FZ, no diffraction peaks are observed in some regions, which is related to the
large and highly oriented columnar grains which do not diffract for certain azimuthal orientations. This is
referred to as a textural effect, which is a typical feature of the non-equilibrium solidification conditions

experienced by FZ [67].
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As it will be discussed later, the evolutionary trend of the FWHM and the hardness distribution
(presented in Figure 4-10 and Figure 4-13) have almost the same profile. However, closer inspection
reveals that the HAZ extension, as captured through the FWHM analysis, is slightly larger than that
captured using microhardness mapping. This is related to the effect of the weld thermal cycle, which, in
the low temperature HAZ, promotes the occurrence of recovery thus translating into less structural
defects in the material, although without any appreciable change in the material microhardness [67].
Based on this and combining the distribution of hardness (Figure 4-13) and the evolution of the FWHM
(Figure 4-10), the width of the HAZ is of * 6mm (half of each side of the joint). Within the HAZ, the
regions where recovery, recrystallization and significant grain growth occur have an extension of ~ 1, »
3.5 and = 1.5 mm, respectively.
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Figure 4-10. Evolution of the FWHM for the CoCrFeMnNi gas metal arc welded joints considering the (2 0 0)
(Figure 4-10 a) and b)) and (3 1 1) (Figure 4-10 c) and d)) diffraction peaks integrated along the 0 and
90° azimuthal angles.

4.2.1.2 Thermodynamic calculations

To predict the effect of different dilution ratios (mixing ratio between the BM and filler material) on the
solidification path experienced by the FZ, thermodynamic calculations were performed based on the
Scheil-Gulliver model considering 10 % dilution steps. Here, 0 % dilution represents the FZ containing

only ER410-NiMo stainless steel filler wire, while 100 % dilution corresponds to the FZ consisting only
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of the CoCrFeMnNi HEA. As detailed in the experimental procedure, the role of C as a fast diffuser was
also evaluated.

The potential solidification paths considering C as a fast diffuser are detailed in Figure 4-11 and it is
clear that the solidification path is closely related to the dilution ratio of the ER410-NiMo filler wire.
Nonetheless, regardless of the dilution considered, the FCC phase is always present. When the dilution
ranges between 0 and 40%, i.e., when the ER410-NiMo stainless steel filler wire is predominant in the
FZ, the phase structure formed by rapid solidification will include a BCC phase. When the dilution ratio
varies between 40 and 60 %, ¢ phase formation is favored. Above these ratios, o phase formation is
inhibited.
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Figure 4-11. Scheil-Gulliver calculations for the CoCrFeMnNi HEA with ER410-NiMo filler wire welded joint
considering different dilution conditions using C as a fast diffuser. 0% dilution rate corresponds to the ER410-
NiMo martensitic stainless steel, while 100% dilution corresponds to the CoCrFeMnNi HEA.

As can be seen from Figure 4-12, the solidification path still varies with the variation of the dilution ratio.
However, comparing withFigure 4-11, it can be noticed that the phases formed with and without C being
selected as fast diffuser are different under the same dilution ratio. For example, for a 10 % dilution ratio,
when C is selected as fast diffuser, the solidification path is Liquid — Liquid + BCC — Liquid + BCC +
FCC (refer to Figure 4-11), but when C is not considered as a fast diffuser, the solidification path
obtained is Liquid — Liquid + BCC — Liquid + BCC + FCC — Liquid + FCC + M7Cs. Evidently, the

dilution ratio of ERNiMo0-410 filler wire and the diffusion rate of C are both influential factors for the phase
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formation in the FZ. Nevertheless, when both conditions varied, the first phase to form (and that is kept
during solidification) is the FCC. The BCC phase only appears for a dilution range between 0 and 40 %,
suggesting that BCC phase was also independent of the C diffusion rate (refer to Figure 4-11 and Figure
4-12). Removing C as a fast diffuser, only enables the formation of the ¢ phase for 40 to 50 % dilution
ratios, while only a single FCC phase is formed when the dilution ratio is above 50 %, which is slightly
different from the results predicted when C was set as fast diffuser. The most significant difference is
the predicted formation of M7Cs carbides for a wide dilution ratio range (0 to 50 %) when C was not
selected a fast diffuser. When this element was imposed a fast diffuser no carbides where
thermodynamically predicted. It is worth mention here that thermodynamic calculations predict that the
o phase that is formed in the FZ will be Fe-Cr- or Cr-Mn-rich. EDS mapping near one particle of this
phase, detailed in Figure 4-13, shows an enrichment in both Cr and Mn, which further validates these
thermodynamic calculations.
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Figure 4-12. Scheil-Gulliver calculations for the CoCrFeMnNi HEA with ERNiMo-410 filler wire welded joint
considering different dilution conditions without C as a fast diffuser. 0% dilution rate corresponds to the ERNiMo-
410 martensitic stainless steel, while 100% dilution corresponds to the CoCrFeMnNi HEA. The grey box details a

close-up view of the solidification paths for mole fraction values above 0.98.
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Figure 4-13. SEM images and corresponding EDS mapping near one patrticle of ¢ phase.

Importantly, coupling of the synchrotron X-ray diffraction data (shown in Figure 4-9 d)) enables to confirm
that the most likely solidification path is that obtained when considering C as a fast diffuser. In fact, no
evidence of M7Cs across the FZ was observed. Thus, the predicted phases using the Scheil-Gulliver
model with C set as a fast diffuser are in good agreement with the high resolution diffraction data

obtained.
4.2.1.3 Mechanical behavior

Microhardness mapping was performed on the welded joints to further investigate the relationship
between the microstructure and local strength across the welded material. Figure 4-14 a) details the 2D
microhardness map of the whole welded joint, identifying the three regions of the joint (BM, HAZ and
FZ). The results show that the hardness values of the BM, HAZ and the FZ differ significantly, with a U-
shaped distribution trend.

The BM has the highest hardness of about ~ 400 HVO0.5, which is due to the strain hardening imposed
by cold rolling. Here, it is worth mentioning that the hardness of the BM used in this work is slightly
higher than that reported in [161], which is related to the location from where the BM sheets were
removed after rolling [180]. When entering the HAZ, the material starts to exhibit a softening behavior,
and the hardness decays from ~ 400 to ~ 150 HVO0.5. This reduction in hardness is attributed to the
thermal cycle experienced by the HAZ, which promotes an annealing-like heat treatment promoting both
grain recrystallization and growth. However, the extent of these two solid state transformations differs
depending on distance to the heat source. Thus, closer to the BM, the prevalence of recrystallization
with associated minor grain growth leads to a reduced decrease in the material hardness, within the 250
to 350 HVO0.5 range, whereas closer to the FZ grain growth overturns recrystallization as the main solid
state transformation leading to an abrupt decrease in hardness down to 150 HV0.5. However, the lowest
hardness across the joint (= 125 HV0.5) occurs in the FZ. The average hardness across the FZ is similar
to that of as-cast CoCrFeMnNi HEAs [155]. This suggests that the different composition induced by the
mixing of the filler material within the FZ is not conducive to an evident solution strengthening. It should

be stated that the large grain size of the FZ also aids in the development of low hardness at this location,
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as known from the Hall-Petch effect. In addition, small fluctuations in microhardness were observed in
the FZ, which may be related to complex composition changes induced by the chaotic fluid flow typical
of fusion-based welding processes. Based on the above analysis, it can be concluded that the variation
in the hardness distribution in the welded joints is closely related to the homogeneity of the

microstructure, degree of recrystallization and grain size evolution, as well as dislocation density.
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Figure 4-14. a) Microhardness map across the welded joint; b) microhardness profiles obtained at the middle of
the joint (black dashed line across the hardness map of a)).

To evaluate the effect of the addition of the ER410-NiMo filler wire on the joint mechanical properties,
the stress-strain curves of the gas metal arc welded joints obtained with the ER410-NiMo filler wire were
benchmarked against gas tungsten arc welded joints obtained without addition of filler wire (with the
latter welds being done by the present research team as detailed in [67]), as depicted in Figure 4-15.
The solid line represents the engineering strain-stress curves. A summary of the mechanical properties
(vield strength, ultimate tensile strength and ductility) is shown in Table 4-2. Comparing the tensile

mechanical behavior of the two welded joints, it can be seen that the welded joint with the addition of
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filler wire is clearly superior to the tungsten inert gas welded joint in terms of both yield strength (355 vs
284 MPa) and ultimate tensile strength (641 vs 519 MPa). This is mainly attributed to the excess weld
metal introduced by the added filler wire (refer to Figure 4-2) [181], which increases the cross-sectional
area of the FZ, resulting in a location where the stress per unit area under the same tensile external
load is significantly lower than that imparted in the BM and HAZ. Thus, the presence of weld face/root
reinforcement promotes an overall increase in both the yield and tensile strength of the gas metal arc
welded welded joint compared to the filler-free welded material. Although, the face and root
reinforcements can aid in increasing the stress imparted by the material, it can also promote stress
concentrations, especially at the weld toe. This can make crack initiation and propagation at those
locations easier thus accelerating joint fracture. This can be the reason for the reduced fracture strain
of the joint. Nonetheless, the gas metal arc welded joint still exhibits a relative higher fracture strain with
potential to be considered for structural applications. It should be mentioned here that, due to the scarcity
of samples, no comparative study of the mechanical properties of the joints after removal of the face/root
reinforcement was carried out. Therefore, studies in this direction were not included in this work.
However, in the future, further studies will be carried out on this. Also, the Young modulus shown from
the tensile strain-stress curve is not accurate because of the aging problem of the tensile machine used,

thus the young modulus for both BM and as-welded joints will not discussed here.
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Figure 4-15. Representative stress-strain curves of a gas tungsten arc welded CoCrFeMnNi (obtained from [67])
and gas metal arc welded CoCrFeMnNi with ER410-NiMo filler material.

Table 4-2 — Summary of tensile properties of BM, gas tungsten arc welded CoCrFeMnNi (obtained from [67]) and
gas metal arc welded CoCrFeMnNi with ER410-NiMo filler material.

Sample Yield strength Ultimate tensile Elongation
[MPa] strength [MPa] [%0]
BM (from [67]) 587 + 7 943+ 6 95+0.2

Gas tungsten arc welded joint with no
284 +4 519+ 3 8.4+04

filler wire (from [67])

Gas metal arc welded joint with ER410-
355+ 10 641+7 7.3+0.2

NiMo filler wire

Figure 4-16 a), b), ¢) and d) detail DIC snapshots taken at different stages of deformation, namely during
elastic deformation, macroscopic yielding, uniform plastic deformation and right before fracture,

respectively, showing the strain distribution along the joint. During the elastic deformation stage (refer

109



to Figure 4-16 a)), the deformation is uniform over the welded joint and the maximum local strain is
small. When macroscopic material yielding occurs (refer to Figure 4-16 b)), there is a significant increase
in the maximum strain, (¢ = 1.1%), but the differentiation between the BM, HAZ and FZ is not obvious.
When entering the uniform plastic deformation regime (refer to Figure 4-16 c)), significant stress
concentration at the HAZ/FZ interface is observed, where a maximum local strain of 5 % is reached.
Prior to fracture of the material (refer to Figure 4-16 d)), the BM, HAZ and FZ regions of the welded joint
can be clearly distinguished, as the strain concentration at the HAZ/FZ interface is now significant. By
combining this mechanical response information with the previous microstructure characterization, it
can be inferred that the stress concentration observed in the strain map prior to failure is due to the joint
reinforcement (refer to Figure 4-16 a)). Failure initiated at the weld toe propagating along the HAZ/FZ
interface. Thus, the one reason for fracture occurring at this location is related to a stress concentration
effect caused by the excess of material in the FZ. Although not discussed due to lack of available
material, it is possible to further tune the welding process parameters to obtain smoother reinforcement
profiles, which can then help to alleviate the stress concentration issues and aid in obtaining improved
mechanical properties of the joint, especially in what concerns its ductility. Another responsible cause
is the microstructural changes, this can be inferred from the hardness measurement results, to be more
specific, after enter the HAZ, the material shows a tendency to soften until it reaches the minimum value
of hardness. These softening effects cause the material to transfer the loading to these softened regions
first during the deformation process until failure. Combined with the geometrical defects as mentioned

above, the interaction of the two main reasons leads to the fracture eventually occurring at the weld toe.
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Figure 4-16. DIC snapshots obtained at different loading steps during: a) macroscopic elastic deformation; b)
macroscopic yielding; c) uniform plastic deformation; and d) before joint fracture.

To gain a more detailed understanding of the mechanical behavior of the different regions over the
welded joint during tensile testing, the raw DIC data was further processed to determine the stress-strain
curves of the BM, HAZ, weld toe (fracture initiation location) and FZ. These results are shown in Figure
4-17, where the black, pink, red and blue lines represent the local tensile stress-strain curves for each
of these four regions.

Each region shows different mechanical behavior, which is mainly caused by two factors. The first is
due to changes in microstructure caused by the weld thermal cycle. The second is attributed to the
shape-related defects due to the face/root reinforcement in the FZ which favors the occurrence of

preferential stress concentrations.

Considering the total deformation imparted by each region, it is observed that the BM only deformed by
~ 1.8% before joint failure occurred. This is related to the strain hardening experienced by the material
prior to welding. Hence, the onset for plastic deformation to occur is delayed compared to the remaining
softer regions of the joint. This means that there is a load partitioning effect, where the low hardness
regions will be preferentially deformed during loading of the welded joint. Despite being the softer region,
the strain in the FZ is only around 4.8 %. This significantly contrasts with the strains measured in the

HAZ region (up to 16.8 %) and near the weld toe (32.0 %) where failure occurred. This is an apparent
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contradiction when considering the local hardness and the likely stress distribution during mechanical
loading. In fact, this is not surprised, since this is related to the addition of the ER410-NiMo filler metal
which increases the effective cross-sectional area in the FZ (refer to Figure 4-16 a)) by comparison with
welding processes without addition of filler material. Looking at the cross-sectional area of the FZ, it is
observed that this region is almost three times larger than in the remaining joint, leading to a smaller
force per unit area imparted by the FZ under the same external tensile loading. Consequently, the plastic
deformation over the whole FZ region will be reduced, causing the amount of deformation in the softer
FZ region to be lower than that in the HAZ region and near the weld toe site. However, the amount of
deformation in the FZ region is still slightly higher than that of the BM (4.7 vs 1.8 %), which suggests
that the significantly higher hardness in the BM (400 vs 125 HV0.5) prevails in resisting to plastic
deformation. Conversely, the amount of deformation at the weld toe site reaches its maximum at fracture,
approximately 32.0%, as a result of the stress concentration acting on the smaller cross section area

and relatively softer region (compared to the BM).

Based on the stress-strain curves of the different regions of the joint shown in Figure 4-17, the load
transfer behavior can also be predicted. Specifically, at the onset of deformation, the FZ is the softest
region and takes on more load. When it starts to yield, the FZ and the weld toe site also consecutively
yield, while the BM region is still only being elastically deformed due to the previous strain hardening.
Theoretically, with further deformation, the load should be transferred to the BM, owing to the strain
hardening occurring at the remaining regions. However, due to the presence of face and root
reinforcement in the welded joint, stress concentration points are easily enabled thus promoting the
preferential local deformation at the weld toe as shown in Figure 4-17. In addition, the microstructural
changes as we can infer from the hardness distribution (refer to Figure 4-14) in the HAZ, weld toe and
FZ, suggesting that the material in these regions are much softer than in the BM. Therefore, after the

FZ, HAZ and weld toe have yielded, there is not a significant load transfer to the BM region.
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Figure 4-17. Tensile curves obtained from the DIC measurements for different regions across the joint: BM (black
line), HAZ (pink line), weld toe (red line) and FZ (blue line). The light blue region is zoomed in the insert.

Figure 4-18 details a SEM image of fracture surface of the welded joint. It is well know that dimples are
the primary feature associated to ductile fracture in polycrystalline metals in [182]. Here, a large number
of dimples with various diameters were observed, which agrees well with the good plasticity of the
welded joint, as detailed by the tensile and DIC data. Minor particles are observed sparsely distributed.

These particles correspond to the previously identified Cr-Mn-based oxides [31].
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Figure 4-18. Fracture surface of the CoCrFeMnNi gas metal arc welded joint with ER410-NiMo filler.

4.2.1.4 Conclusions

In this work, GMAW of CoCrFeMnNi HEA using ER410-NiMo stainless steel filler wire was performed.
By combining advanced material characterization, thermodynamic calculations, X-ray synchrotron
diffraction and mechanical testing, a connection between the microstructure and mechanical properties

of welded joints is established. The following main conclusions were drawn:

1) A gas metal arc welded joint of CoCrFeMnNi HEA using ER410-NiMo stainless steel filler wire was

obtained eventually without welding defects.

2) The thermal cycle influenced the recrystallization and grain growth phenomena experienced in the
HAZ, promoting different softening effects (in terms of magnitude). Particularly, in the low temperature
HAZ there was only a moderate decrease in hardness, whereas in the high temperature HAZ an abrupt
decay was observed. The composition change of the FZ was not conducive to a solid solution

strengthening effect.

3) High energy synchrotron X-ray diffraction was used to determine the phase constituents within the
FZ, while thermodynamic simulations were employed to predict the effect of different dilution ratios. A

good agreement was obtained when considering C as a fast diffuser in the Scheil-Gulliver calculations.

4) Analysis of the FWHM evolution analysis along the joints revealed that the actual extension of the
HAZ is slightly larger than that obtained considering both electron microscopy and microhardness
measurements. This is due to recovery of the heavily cold rolled BM which occurs in the low temperature
HAZ.
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5) The gas metal arc welded CoCrFeMnNi joints with ER410-NiMo filler wire exhibited an increase in
tensile strength (641 vs 519 MPa) but a slight decrease in elongation (7.3 vs 9.5 %) compared to gas
tungsten arc welded CoCrFeMnNi joints without the addition of filler wire. The good strength and ductility
of these joints open the door for the potential application of GMAW of CoCrFeMnNi HEAs for industrial-

oriented applications.

6) Non-contact DIC was used to obtain local stress-strain curves for different regions of the joint,
confirming the existence of preferential strain concentrations at the weld toe interface site where fracture
initiates. The local mechanical response is in good agreement with microstructure features observed

across the welded joint.

4.2.2 Gas metal arc welded CoCrFeMnNi joints with a 308
stainless steel

4.2.2.1 Microstructure evolution

Figure 4-19 a) depicts the EBSD map of the joint cross section, detailing a defect-free and full
penetration joint. Distinctive microstructural features are observed across the joint, and these are
discussed next. The BM experienced cold rolling prior to welding, and the grain structure is composed
of pancake-like grains with a width of approximately 2 um, as previously shown in [67]. Entering the
HAZ (refer to Figure 4-19 b)), the pancake-like grains are replaced by equiaxed grains and the grain
size increases to = 15 um (in the low temperature HAZ) and to = 53 um (in the high temperature HAZ).
The above changes in microstructure and the coarsening of the grain structure are related to the weld
thermal cycle, which resembles the effect of a low and high temperature heat treatment for a short time
period. Closer to the BM, i.e., in the low temperature HAZ, recovery and recrystallization phenomena
are predominant and justify the small equiaxed grains observed at this location. Closer to the FZ, i.e.,
in the high temperature HAZ, recrystallization but especially grain growth are the predominant solid-
state phenomena, thus in good agreement with the larger grain size observed when approaching the

fusion boundary.

Several >3 twins were observed in the low temperature HAZ (refer to Figure 4-19 b) (middle)), which
was induced by a combination the high prestored strain energy within the BM and the heat imposed to
this region of the material during welding. Approaching the fusion boundary, the grain boundaries and
annealing twin boundaries move rapidly during the grain growth process, which engulfs the original twin
boundaries, leading to a gradual reduction in the fraction of >3 twins until they fully disappear upon
entering in the FZ. Here, fine equiaxed and columnar grains nucleate from the cold substrate (at the
HAZ/FZ interface) with competitive growth towards the weld centerline. Moving away from the cold
substrate toward the weld centerline there is preferential formation of coarse columnar grains (refer to
Figure 4-19 a)), due to the reduction of the temperature gradient, G, to growth rate, R, product. Figure
4-19 b) (bottom) reproduces the evolution of KAM of the joint, while Figure 4-19 c¢) and d) detail the KAM
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and Geometrically Necessary Dislocation (GND) values for different regions across the joint. The BM
possesses the highest KAM and GND values due to the large plastic deformation resulting from the
previously imposed cold rolling. However, upon the introduction of heat during welding, the stored strain
energy arising from the cold rolling will aid on the solid-state transformations that were previously
mentioned (recovery, recrystallization and grain growth), with the amount of necessary heat for these

transformations to occur being lower with higher stored strain energy.
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Figure 4-19. a) EBSD map of the gas metal arc welded CoCrFeMnNi joints with ER308LSi filler material; b) IPF,
>3 boundaries and KAM (top, middle and bottom, respectively) EBSD maps of the HAZ1 up to the interface with
the FZ; ¢) and d) variation of KAM and GND values with respect to the different regions of the joint, respectively.

4.2.2.2 High energy synchrotron X-ray diffraction

To further understand the impact of the welding process on the existing phases, high energy synchrotron
X-ray diffraction was used to scan the sample. Representative X-ray diffraction patterns of the BM, heat
affected and fusion zones are depicted in Figure 4-20. Most of the low intensity diffraction peaks
correspond to Cr-Mn-based oxides and are observed all along the joint. These oxides are easily formed

in the Co-Cr-Fe-Mn-Ni system due to potential contamination of the raw material and oxidation during
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the casting process of the BM, as detailed in [170]. In the FZ, the higher temperatures experienced by
the material further exacerbate the potential for oxidation to occur, which is aided by the strong affinity
of both Cr and Mn with O [172], which explains the presence of these oxides at this location of the joint.
Rietveld refinement of the diffraction data revealed that the oxides volume fraction in both the BM and
HAZ is = 2.5%, while in the FZ reaches = 3.1%, with this increase justified by the extremely high
temperatures developed in the FZ. In both the BM and HAZ (refer to Figure 4-20 a) and Figure 4-20 b),
respectively) aside from the Cr-Mn oxides, these regions are composed by a disordered FCC phase, as
typical of this material. In the FZ, the composition change induced by the addition of the 308 stainless
steel filler material leads to present of other phases. In fact, aside from the previously identified
disordered FCC phase and oxides, the FZ shows evidence of a disordered BCC (= 2.17%) and ¢ phases
(= 0.77%).
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Figure 4-20. Representative diffraction patterns from the: a) BM; b) HAZ; d) FZ. The yellow boxes highlight the
inserts used to detail the low intensity peaks captured.

118



4.2.2.3 Thermodynamic calculations

To further investigate the effect of dilution of the filler material on the solidification phases and
solidification temperatures range, the Scheil-Gulliver model was used considering dilution steps of 1%.

These results are detailed in Figure 4-21.

— 200 —— —
5 3
o,
o "~

1904 ™
S ~ 2
o ~ 2
2 180 N £
© e -
S ] "~ -2 ©
S ot o)
"a_'J 170- ~. n | -g
5 = | E
O Z
3 160 -
=
T
©
w 150_ .| —1

0O 10 20 30 40 50 60 70 80 90 100
Dilution ratio [%]

Figure 4-21. Thermodynamic calculations performed using the Scheil-Guliver model considering different dilution
conditions as a function of number of existing phases at the end of solidification (blue lines) and solidification
temperature range (black dots). A 0% dilution ratio corresponds to the 308 stainless steel filler, while a 100%

dilution ratio corresponds to the CoCrFeMnNi BM.

When the dilution ratio ranges between 0 to 18% and 35 to 61%, the predicted solidification paths are
Liquid + FCC — Liquid + BCC + FCC and Liquid + FCC — Liquid + FCC + o, respectively. Thus, for
these ranges of dilution, two phases are predicted to be formed. For the 19 to 34% range, FCC, BCC
and c phases are predicted, but equally contain two different solidification paths, Liquid + FCC — Liquid
+ BCC + FCC — Liquid + FCC + ¢ and Liquid + FCC — Liquid + BCC + FCC — Liquid + BCC + FCC +
o — Liquid + FCC + o. When the dilution is above 60%, only FCC phase is predicted and the
solidification path is Liquid — FCC. It is thus evident that the formation of c and BCC phases are closely
related to the dilution ratio: when the 308 filler is dominant, two (FCC and BCC) or three phases (FCC,
BCC and o) are expected in the FZ.

Although not shown here, the BCC phase is Fe- and Cr-rich, with its molar content ranging between
36.63 to 50.10% and 34.84 to 35.54%, respectively, depending on the dilution ratio. Since these
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elements are predominant in the filler material, it is thus clear the role of dilution on the potential
formation of the BCC phase. The formed o phase will be rich in both Cr (37.41 to 42.29 at. %) and Fe
(28.70 to 37.13 at. %), as well as in Mn (9.01 to 18.37 at. %), again, depending on the FZ dilution.

Attention must also be paid to Mo, which composes the 308 filler material. Mo can promote the
transformation from a single FCC phase structure to a mixture of FCC and BCC phases, while favoring
the formation of c phase in the Co-Cr-Fe-Mn-Ni system [175,183]. From our thermodynamic calculations,
molar percentages of 1.81 to 1.87% and 2.81 to 3.07% of Mo can promote the formation of BCC and o
phases, respectively. These thermodynamic predictions are validated by the diffraction data previously
presented.

The solidification temperature range of fusion-based welded joints has a significant effect on the
cracking susceptibility. As can be seen in Figure 4-21, the solidification temperature ranges from 154 to
171 °C. Although mixing of the BM and 308 filler wire changes the solidification temperature range of
the molten pool, it does not vary considerably. Nevertheless, it still has a clear correlation with the
number of phases being formed. In the relatively high solidification temperature range, only FCC or FCC

+ BCC is predicted, while FCC + ¢ are predicted in the lower solidification temperature range.
4.2.2.4 Mechanical behavior

Figure 4-22 a) and b) depict the hardness mapping of the welded joint and a line scan obtained at the
middle height, respectively. Figure 4-22 c) presents the average grain size variation in the BM, HAZ and
FZ.
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Figure 4-22. a) Microhardness map across the welded joint; b) microhardness profile obtained at the middle
height of the joint (black dashed line in a); c) average grain size evolution across the joint.

The as-rolled BM has the highest hardness, averaging 408 HVO0.5 (region 1). Upon entering the HAZ, a

continuous decrease in hardness is observed when progressing toward the FZ interface. While in the
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low temperature HAZ the hardness decreases to 408 HV0.5, in the high temperature side the drop is
more significant to 151 HVO0.5. This decrease in hardness is related to the effect of the weld thermal
cycles on the microstructure condition, where recrystallization and grain growth promote to a decrease
in hardness. Evidence of grain growth within the HAZ towards the fusion boundary is further evidenced
in Figure 4-22 c) and is in good agreement with the hardness evolution detailed in Figure 4-22 a) and
b). Upon entering in the FZ (region 3), the hardness reaches its lowest value at = 142 HVO0.5, which is
similar to that commonly observed in cast CoCrFeMnNi alloys [155]. Thus, although BCC and o are
formed in this region, with o typically being a strengthening phase [184], its low volume fraction (= 0.77%)
and very large grain structure of the FCC phase is not conducive to an evident increase in hardness.
Moreover, the modification of the chemical composition of the fusion, via dilution, is not strong enough

to induce solid solution strengthening compared to the equiatomic CoCrFeMnNi HEA.

Figure 4-23 details the engineering stress-strain curve for the CoCrFeMnNi joints, and different DIC
strain maps obtained at different stress/strain conditions. The yield strength, ultimate tensile strength
and elongation of the welded joint were 225 MPa, 517 MPa and 8.4 %, respectively. While the elongation
of the welded joint is only slightly lower than that of the BM [67] (= 8.4 vs = 9.4 %), the tensile strength
significantly decreases (= 517 vs = 945 MPa).The relatively poorer mechanical performance of the
welded joint compared to the BM, while still being able to be considered for structural applications, is
explained considering both the microstructure features and DIC maps obtained: the FZ, with its lower
hardness and extremely large grain size, will promote significant strain concentration, while in the non-
welded material the load is more uniformly distributed. Owing to this strain concentration in the FZ, the
remaining parts of the joint are less strained and the overall deformation sustained is lower than in the
original BM. Nonetheless, the local strain experienced by the FZ can reach up to = 75% suggesting that
this region is highly ductile. Future work will first understand the mechanical behavior for the filler
material alone, then remove the face/root refinement and compare the mechanical properties with and
without refinement, and finally assess how different post-weld heat treatments can be used to improve

the mechanical response of these welded joints.
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Figure 4-23. Engineering stress-strain curve of the gas metal arc welded CoCrFeMnNi joints with ER308LSi filler
material, with DIC snapshots obtained at different loading steps during loading until failure.

4.2.2.5 Conclusions

This work combined advanced material characterization, thermodynamic simulations and mechanical
testing to provide a comprehensive analysis of the microstructure evolution and mechanical properties
of GMAW CoCrFeMnNi joints obtained with ER308LSi filler material. The results show that the prestored
strain energy in the as-rolled BM and the weld thermal cycle are the main driving forces for
recrystallisation and grain growth occurring in the HAZ, and in turn, such solid-state transformations are
the direct causes for the hardness drop in this region. A chemical composition gradient caused by the
dilution of the filler material is closely related to the phase structure that is formed in the FZ. Mechanical
testing detailed that the joints can be considered for structural application, despite fracture occurred in

the FZ region.
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4.3 Benchmark of the effect of different filler
materials on the microstructure features and
mechanical properties of gas metal arc welded
CoCrFeMnNi HEA

In this section a comparison between the microstructure features and mechanical properties detailed in
chapters 4.2.1 to 4.2.2 will be summarized and compared to elucidate on the role of each filler material

and its suitability for different structural applications.

From the perspective of microstructure, the chemical composition gradient caused by the dilution of the
filler material is closely related to the phase structure that is formed in the FZ. And either the addition of
ER308LS:i stainless steel or ER410-NiMo stainless steel filler materials, the composition changes in
both different FZ are not conducive to a solid solution strengthening. From the aspect of mechanical
properties, gas metal arc welded CoCrFeMnNi joints with ER410-NiMo/ER308LSi filler wire exhibited
an increase strength but a slight decrease in fracture strain compared to gas tungsten arc welded
CoCrFeMnNi joints without the addiction of filler wire. Further comparing, the welded joint with ER410-
NiMo filler wire shows lager ultimate strength (641 vs 520 MPa) and comparable fracture strain (7.5 vs
7.3%). Overall, the good strength and ductility of these joints open the door for the potential application
for the potential applications of GMAW of CoCrFeMnNi HEAs for industrial-oriented application.
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MICROSTRUCTURE AND MECHANICAL
PROPERTIES OF GAS TUNGSTEN ARC
WELDED ALCOCRFENI2 1 JOINTS

5.1 Deformation mechanism of an eutectic
AlICoCrFeNi2.1 high entropy alloy probed by in-

situ synchrotron X-ray diffraction

5.1.1 Introduction

HEAs, also known as multi-principal alloys, have attracted widespread interest in the field of materials
science for their good thermal stability [185-187], high ductility and strength [188—-191], and excellent
corrosion resistance [192,193], since they were first proposed by Cantor et al. [1] and Yeh et al. [2] in
2004. Despite its complex composition, containing typically at least five principal elements [188], HEAs

often exhibit simple crystal structures, with FCC and BCC being the most prevalent ones.

For single-phase HEAs with FCC structure, such as the equiatomic CoCrFeMnNi [194],
FeaoMn2sNi2zCosCrz [195] and FesoMnaoCo10Crio [196], the yield strength is almost always below 400
MPa (except if previous plastic deformation has been applied), although they reach elongations of more
than 50%. For single BCC HEAs compositions, such as equiatomic NbMoTaW and VnbMoTaWw [186],
the yield strength can be above 1000 MPa, but the alloy plasticity is significantly reduced as compared
to single FCC HEAs. In addition, the casting properties and compositional segregation of HEAs can

further limit their practical applications [197,198].

One of the most sought-after challenges in metallurgical research concerns the ability to develop alloys
with a good balance of strength and plasticity. This trade-off seems of be absent in single phase HEAs
[149,199]. In order to solve this challenge and achieve simultaneous high strength and ductility, Lu et
al. first proposed the concept of eutectic HEAs [200]. In their seminal work, an AICoCrFeNi2.1 HEA
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consisting of soft and hard phases within a lamellar microstructure was developed. Subsequently, other
eutectic HEAs such as Fe20Co20Nia1Al19 [201], AICrFeNiMoo.2 [202] and Nb2sScasTizsZrzs [203] have
emerged. However, among all currently available eutectic HEAs, the most studied is still the
AICoCrFeNiz1 composition. Of special relevance in this composition are its good thermophysical
properties, including reduced solidification temperature range arising from the isothermal transition of

the eutectic reaction of the alloy in its as-cast condition [202].

The potential for as-cast AICoCrFeNiz21 eutectic HEAs as an engineering material for structural
application has been studied by different research groups primarily focusing on two main aspects: the
effect of thermomechanical treatments on the microstructure evolution and resulting properties [204—
213]; dependence of the mechanical properties under service conditions [200,205,214-219]. In 2016,
Wani et al. [220] performed for the first time thermomechanical processing on the AlICoCrFeNiz.1 alloy,
which included significant cold-rolling followed by multiple annealing treatments. It was shown, by
electron microscopy characterization, that the as-cast microstructure was composed of a lamellar B2
BCC + L12 FCC microstructure. After thermomechanical processing, the ordered L1> become
disordered, whereas no microstructural changes in the B2 BCC phase were observed. Bhattacharjee et
al. [214] investigated the effect of low temperature tensile testing (from room temperature to 77 K) on
the mechanical properties of an as-cast AICoCrFeNiz.1 alloy. Again, disordering of the L1 phase and
subsequent transformation to a simple FCC phase was reported, whereas the B2 BCC phase remained
unchanged. Moreover, the fracture strains were seen to be practically constant with decreasing testing
temperature, while the tensile strength increased by = 300 Mpa. Zhang et al. [219] performed high-
temperature tensile tests on an as-cast AICoCrFeNiz.1 eutectic HEA composed of L12 FCC and B2 BCC
phases, which exhibited good strength and high plasticity at high temperatures due to the simultaneous
hardening and dynamic recrystallization during deformation. In addition to this, Guo et al. [217] studied,
in-situ, the deformation response of a similar alloy over a wide temperature range (from 77 to 676 K)
using neutron diffraction, highlighting the microstructural evolution of both phases. Finally, Lu et al. [221]
investigated the mechanical behavior and microstructural evolution of both the FCC and B2 BCC phases

at room and low temperatures.

It is worth noting that phase identification of the as-cast eutectic AICoCrFeNi21 HEA is predominantly
performed by transmission electron microscopy (TEM). Moreover, several researchers have identified
different phases in the as-cast AICoCrFeNiz1 HEA. Some authors have identified disordered FCC and
ordered B2 BCC phases [222—-226], while others have identified ordered L1> FCC and B2 BCC phases
[217,227-232], while some have simultaneously identified FCC, L1> FCC, B2 BCC and tetragonal o
phases [233]. Additionally, studies on the as-cast AICoCrFeNiz1 eutectic HEA have been primarily
focused on qualitatively exploring the mechanical properties of the alloy under different deformation
conditions (e.g., low temperature [205,207,214,217] vs room [190,217,218] vs high temperature
[209,217,219,220,227,229,232,234], and fatigue [235]). A comprehensive quantitative study of the

deformation mechanisms of the different phases that exist in this alloy and their impact on the
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macroscopic mechanical response is yet lacking, thus hampering full understanding of

microstructure/properties relationships.

Here, we use in-situ high energy synchrotron X-ray diffraction to evaluate the micromechanical behavior
and microstructure evolution of an as-cast AICoCrFeNiz.1 eutectic HEA during tensile deformation until
failure. Aside from quantifying for the first time all phases that co-exist in the material, the contribution
of each phase towards the mechanical strength of the alloy is determined and rationalized not only
based on the dislocation density evolution but also on the impact of the lamellar structure. We also
highlight the possibility to tune the strength/ductility response of eutectic HEAs by modifying the volume
fractions of existing phases. Lattice strain measurements reveal the impact of the as-cast texture on the

preferential deformation behavior of specific (h k I) planes.

5.1.2 Starting material

In this work, the previously described AICoCrFeNiz.1 eutectic HEA in the as-cast condition was used.

The chemical composition of the material was detailed before in Table 3-1.

5.1.3 Results and discussion
5.1.3.1 Microstructural characterization and phase identification

Figure 5-1 shows the microstructure of the AICoCrFeNiz.1 eutectic high-entropy alloy in the as-cast state,
(a) before tensile deformation, and (b) after the tensile test. Previous reports in the literature [233]
indicate that the microstructure corresponding to the bright (light contrast) and dark (dark contrast)
corresponds to the FCC and B2 BCC phases, respectively. Macroscopic measurements of the average
interlamellar distances reveal subtle changes before and after deformation. Prior to mechanical loading,
the average interlamellar distance of the FCC and B2 BCC phases were 2.41 + 0.39 and 1.99 £ 0.34
pum respectively, which then changes to 2.97+ 0.41 and 2.40 + 0.21 um. This corresponds to change of
roughly 20 to 23 % for each phase, suggesting that the overall deformation is homogenous. The reason
for this is related to the distinct mechanical behavior of both phases and to constraint effects induced
by the hard B2 BCC phase over the soft FCC one, as it will be shown latter. It should be emphasized
that these measurements were obtained at multiple distinct orientations to get an overall understanding

of the interlamellar distance variation upon tensile testing.

127



Figure 5-1. OM images of as-cast AICoCrFeNi2.1 eutectic HEA: a) before tensile loading; b) after fracture. The
inserts detail a close-up view of the lamellar structure.

Figure 5-2 details a superimposition of the synchrotron diffraction patterns obtained by full integration
along the azimuthal angle for different stress/strain levels during tensile testing. The phase identification
detailed in Figure 5-2 depicts that the as-cast AICoCrFeNiz.1 HEA is composed by a B2 BCC phase, a
disordered FCC structure, an ordered FCC phase with L1 structure and also tetragonal phase, named
as o0 phase. The existing phases in the as-cast alloy are in excellent agreement with previous
microstructural characterization performed using transmission electron microscopy on a similar alloy
reported by Choudhuri et al. [233].

Of novelty within this work is the volume fraction quantification of the existing phases and determination
of their lattice parameters. These results are detailed in Table 5-1. The volume fraction of the FCC phase
is 65.5 % and within it exists the L1> FCC phase with a volume fraction of 0.7 %. As for the B2 BCC

phase, a volume fraction of 32.7 % was determined and the ¢ phase, that is known to precipitate in the
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B2 BCC matrix upon solidification of the alloy [233], has a volume fraction of 1.1 %. The measured
lattice parameters for the two major phases that compose this eutectic alloy (disordered FCC and B2

BCC) are in good agreement with the work of Xiong et al. [236].
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Figure 5-2. Superimposition of the diffraction patterns obtained after integration of the Debye-Scherrer rings along
the full azimuthal angle. * Marks the superlattice reflection of (1 0 0) L12 FCC phase.
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Table 5-1 — Refined lattice parameters and volume fraction of the existing phases in the as-cast AICoCrFeNi2.1

HEA.
Phases a[A] b [A] cfA] al’l B[l vy[] Spacegroup Vo.Iume
fraction [%]
FCC 3.56232 a=b=c a=b=c 90 90 90 Fm-3m 65.5
B2 BCC 2.85168 a=b=c a=b=c 90 90 90 Pm-3m 32.7
L1, FCC 3.56219 a=b=c a=b=c 90 90 90 Pm-3m 0.7
o 8.1768 a=b 5.0185 90 90 90 P42/mnm 1.1

Confirmation of the presence of the L1> FCC phase is aided by the presence of a superlattice reflection
of the (1 0 0) plane [237] (refer to Figure 5-2). Previously, o phase was identified (but not quantified) in
AICoCrFeNiz2.1 HEAs [233,238,239] and this phase was also observed in an AlosCoCrFeMnNi alloy [240].
The ability to detect and quantify, for the first time, such low fraction phases (L12 FCC and o phases) is
related to the high signal-to-noise ratio enabled by high energy synchrotron X-ray diffraction. It should
be noted that the lattice parameters of the g phase present in the eutectic alloy are similar to those
reported for a related phase that can form in equiatomic CoCrFeMnNi HEA [241].

5.1.3.2 Macroscopic mechanical behavior, stress partitioning and dislocation

density evolution

Figure 5-3 details the engineering and true stress-strain curves (black and red lines, respectively), as
well as the strain-hardening rate response (blue line) of the eutectic alloy. These results highlight that
the AlICoCrFeNiz1 HEA in the as-cast condition has a combination of high strength and ductility. A tensile
strength of 980 Mpa and an elongation to fracture of 13.1 % (true values) were measured.
Macroscopically, the as-cast AICoCrFeNiz2.1 HEA also exhibits extraordinary work-hardening behaviour

by comparison with NiAl-based alloys [242] and with other conventional engineering alloys [243].
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Figure 5-3. Tensile strain-stress curves and strain hardening behavior of the as-cast AICoCrFeNiz.1 HEA.

To clarify the contributions of the two major phases in the alloy towards the work hardening behavior,
the stress partitioning between the disordered FCC and ordered B2 BCC phases during macroscopic
loading was determined, as previously detailed in the experimental section. These results are depicted
in Figure 5-4 and were obtained from the full azimuthal integrated data to evaluate the macroscopic
mechanical response of both phases. From this data, it is evident that the macroscopic yield point of the
material (= 333 Mpa and 1.5 % strain) corresponds to an abrupt point after which there is a significant
stress redistribution between the FCC and B2 BCC phases. Comparing the individual stress-strain
responses of the FCC and B2 BCC phases, it is perceptible that, within the elastic deformation regime,
the FCC phase has a lower Young’s modulus than the B2 BCC phase. The difference in elastic modulus

between the hard B2 BCC and soft FCC phases (Es2 scc > Ercc) makes the FCC phase subjected to

experience higher deformations for the same externally applied stress during macroscopic elastic
deformation. Upon the initial yielding of the material, the stress partitioned to the B2 BCC phase (red
line in Figure 5-4) presents a steep and continuous rise, while the stress imparted on by FCC phase
only increases by = 150 Mpa up until fracture, while for the B2 BCC phase the stress difference between

the yielding start and fracture is of nearly = 1600 Mpa.

Further analysis of Figure 5-4 suggests that yielding of the hard B2 BCC phase only starts to occur for
a macroscopic strain of 3.5 %, after which a non-linear elastic response is observed. This behavior is
also observed in the lattice strain evolution (refer to Figure 5-7 and subsequent discussion. Furthermore,

a distinctive behavior between both phases is evident: the softer FCC phase has an almost negligible
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work hardening behavior since after the onset for plastic deformation its phase stress remains almost
unchanged. The same does not occur for the B2 BCC phase, where significant work hardening exists
right after the end of the elastic deformation region. Therefore, it can be concluded that the macroscopic
work hardening behavior of the as-cast AICoCrFeNiz.1 eutectic HEA is predominantly arising from the
B2 BCC phase. It should be noticed that these phase stress calculations were made considering the (3
1 1) FCC and (2 1 1) B2 BCC planes, as these are less affected by intergranular stresses and can
provide a more precise understanding of the load partitioning experienced by the material. Although
significant differences between the FCC and B2 BCC phases are observed during plastic deformation,

the same does not occur during macroscopic elastic loading where there is no evident load partitioning.

Another interesting point arising from the phase partitioning data concerns the possibility to tune the
mechanical response of eutectic HEAs based on the volume fraction of both FCC and BCC phases.
From this data, it clearly results that higher strength levels can be achieved by a material with higher
volume fraction of the B2 BCC phase, whereas if lower strength but increased ductility is required then
the volume fraction of the FCC phase must increase. The load partition and the higher stresses that are
transferred to the B2 BCC phase also highlight that this is the strengthening phase for the present
eutectic HEA. When considering the stress transferred to each phase and the respective volume fraction,
the resulting curve (green line in Figure 5-4) is in good agreement with the macroscopic tensile

behaviour of the alloy (black line in Figure 5-4).

To showcase the strengthening effect of the B2 BCC phase as a function of different volume fraction
contents, Figure 5-5 was developed to further highlight the relative importance of each phase for the
overall material strength. It should be emphasized that these calculations can only be used to evaluate

the potential strength of the alloy and not its ductility.
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Figure 5-4. Stress partitioning of B2 BCC phase and disordered FCC phase during in-situ synchrotron tensile
loading.
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Figure 5-5. Calculated effect of different volume fractions of disordered FCC and ordered B2 BCC on the
mechanical response of the eutectic HEA.

The dynamic evolution of the dislocation density in both disordered FCC and ordered B2 BCC phases

is qualitatively analysed next. Figure 5-6 (a) depicts the average lattice strain as a function of
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engineering strain for both FCC and B2 BCC phases, while Figure 5-6 (b) illustrates the dislocation
density evolution. Figure 5-6 (c) details the strengthening effect promoted by the dislocation density
evolution in both FCC and B2 BCC phases. From Figure 5-6 (a), it can be perceived the slightly higher
ductility of the FCC phase when compared to the B2 BCC phase. These results, in combination with the
stress partitioning data (Figure 5-4), further emphasize that the material strength is primarily controlled

by the volume fraction of the B2 BCC phase, while its ductility can be regulated by the disordered FCC
phase.
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Figure 5-6. Evolution of: a) average lattice strain as a function of engineering strain; b): dislocation density
evolution as a function of engineering strain; c): strengthening effect promoted by the dislocation density
evolution.

In the as-received condition, i.e., prior to any mechanical loading, the dislocation density was similar for
both phases, 5.2 x 10** and 4.1 x 10** m for the FCC and B2 BCC, respectively. These dislocation
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density values are within the order of magnitude for others HEAs, such as CoCrFeNi and CoCrFeMnNi,

in their as-cast state and as-rolled state [244,245].

During the elastic deformation domain, the dislocation densities of both FCC and B2 BCC phases do
not change significantly, but the dislocation density of the B2 BCC phase is always slightly below that
of the FCC phase. This evolution is consistent with a similar variation trend exhibited in the phase stress

partitioning in the elastic region (¢ < 1.5%), as previously shown in Figure 5-4.

When the applied strain increases above 1.5%, the material starts to deform plastically. The dislocation
density of the FCC phase increases significantly to 1.9 x 101®> m-2, while the B2 BCC phase only shows
a moderate increase to 9x 101* m=2. The reason for the difference in the evolution of dislocation density
between these two phases is that under externally applied stresses, the plastic deformation of the
eutectic alloy is activated in the FCC phase first due to the inherent soft nature of this phase
(nanohardness of the FCC and B2 BCC phases of 5.8 + 0.2 Gpa and B2 BCC = 9.7 + 0.3 Gpa,
respectively [214]). Therefore, when plastic deformation in the FCC phase is induced there is
concomitant increase in the amount of dislocations that are formed, thus justifying the increased

dislocation density over that of the BCC phase.

During the macroscopic plastic deformation regime, the dislocation density evolution in both phases
tends to increase almost linearly up until fracture. However, the increased slope of the curve
corresponding to the FCC phase highlights that the strengthening mechanism induced by generation
and movement of dislocations is not as effective in promoting the strain hardening of the alloy. This is
further elucidated in the evolution of the alloy strength induced by the variation of the dislocation density
in both phases, as detailed in Figure 5-6. In fact, it is observed that the increase in alloy strength due to
the dislocation density in the B2 BCC phase is significantly higher (= 100 MPa) of that caused by the
increase in dislocation density in the FCC phase, even though this latter phase has always a higher

dislocation density throughout the tensile test.

Due to the stress incompatibility between the FCC and B2 BCC phases which arises from their distinct
mechanical behaviour (as shown in Figure 5-4), the soft FCC matrix plastically deforms first, leading to
the proliferation and rearrangement of dislocation substructures, resulting in a substantial increase in
dislocation density [204]. Plastic deformation of the hard B2 BCC phase is delayed until effective stress
transfer to this phase occurs. At this time, the plastic deformation experienced by the B2 BCC phase
results in an increase of the dislocation density, as previously shown in Figure 5-6 (c). In reality, plastic
deformation of the soft FCC phase is constrained by the hard B2 BCC. The FCC phase cannot plastically
deform in a free way, because of the lamellar structure of the eutectic phase: the hard B2 BCC acts as
physical barrier to the deformation of the FCC phase. This leads to the formation of strain gradients
across the FCC + B2 BCC eutectic structure [204]. It should be emphasized that such strain gradients
will increase with proceeding deformation because of the distinct mechanical behaviour of the FCC and

B2 BCC phases. In fact, the different mechanical properties of the FCC and B2 BCC phases are known
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to generate a back-stress that can also increase the strength of the alloy [204]. The mechanism that
promotes this back-stress is described next. The deformation of the soft FCC is constrained by the hard
B2 BCC phase, which aids in the formation of strain gradients across both phases. More dislocations
are formed in the FCC phase since this phase will always bear more plastic strain than the B2 BCC one.
This continues to increase the strain gradient across the eutectic microstructure. Directly resulting from
these strain gradients, there is an increase in the GND which then promotes a strength increase by the
resulting back-stresses. Since the FCC phase is significantly more deformed and is also constrained by
the B2 BCC phase during deformation it will necessarily generate more dislocations when macroscopic
deformation is progressing, thus justifying the higher dislocation density across the tensile test. Such
back-stress effects have been exemplified in the literature when developing similar eutectic HEAs
possessing hierarchical microstructures [204]. There is final potential contributing factor to the alloy

strength which is related to an ordering strengthening mechanism induced by the B2 phase.

5.1.3.3 Lattice strain evolution

Figure 5-7 depicts the evolution of the lattice strains for the (2 0 0), (31 1), (2 2 2) planes of FCC, (2 1
1),(110),(310)planes of B2 BCC and (1 0 0) planes of L12 FCC parallel (LD) and perpendicular (TD)
to the LD. When the engineering stress is less than 333 MPa (corresponding to 1.5 % strain) the lattice
strain of all planes has a linear response with the applied stress (refer to Figure 5-7 (a), (b) and (c)).
This shows that up to this point the material in only being elastically deformed, thus in good agreement

with the stress partitioning and tensile response of the eutectic alloy.

Linear fitting of the evolution of the lattice strain with the macroscopic stress for each lattice plane allows
to determine the direction-dependent Young’s modulus. Table 5-2 details the Young’s modulus for all
analyzed planes obtained in the LD, revealing strong elastic anisotropy. For the FCC phase, the (2 2 2)
plane has the largest elastic modulus (265 GPa), whereas the (2 0 0) plane has the lowest with 108
GPa. This means that the (2 0 0) plane is the softest, while the (2 2 2) is the hardest. These results are
in good agreement with previous work by Lu et al. on the AICoCrFeNiz.1 eutectic HEA [190]. As for the
B2 BCC phase, the hardest plane was the (2 1 1), while the (3 1 0) is the softest (191 vs 108 GPa).

Another novelty of this work is the determination of the superlattice (1 0 0) plane elastic modulus for the
L1> FCC phase which was calculated to be 222 GPa. Calculations for other planes were not performed
owing to the extremely low intensity of the diffraction peaks and overlapping, which prevented an

accurate implementation of the peak fitting procedure described in the experiment and methods section.

Attention is now paid to the lattice strain evolution when macroscopic plastic deformation starts to occur.
When the material enters the plastic deformation stage, a nonlinear response for all lattice planes with
increased applied stress gradually becomes more evident. The deviation from linearity, which
corresponds to the onset for macroscopic plastic deformation, has been marked with a dashed
horizontal line in Figure 5-7 a), b) and c) for the FCC, B2 BCC and L12 FCC phases. It has been
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demonstrated that the separation of lattice strains in different phases or different grain families in the
plastic region, indicates the occurrence of stress redistribution between different phases and grain
families [246—248]. This is again in excellent agreement with the phase stress partitioning calculations
previously shown in Figure 5-4. In this case, the internal stress is transferred from the soft phase or the

soft grain family to their hard counterparts after plastic deformation in the soft domain.

Comparing the lattice strain distributions of the FCC and B2 BCC phases along the LD (refer to Figure
5-7 (b) and (d)), it can be observed that the lattice strains of all analyzed planes of the FCC phase start
to deviate from a linear elastic response after the macroscopic yield point (333 MPa), which indicates
that the FCC phase vyields first than the B2 BCC phase as previously shown and discussed considering
the macroscopic response of the alloy detailed in Figure 5-4. Also, the lattice strain of all analyzed planes
of the B2 BCC phase is significantly larger than those of the FCC planes. For example, the maximum
lattice strain of the (h k I) planes of the B2 BCC phase corresponded to the (3 1 0) lattice plane which is
almost 8 times higher than the largest lattice (h k I) strain of FCC phase, which corresponded to the (2
0 0) plane. Quantitatively, this translates to a maximum lattice strain of = 65000 e for the (3 1 0) B2
BCC plane and = 8000 pe for the (2 0 0) FCC plane. As for the TD, larger lattice strains are preferentially
obtained in the analyzed B2 BCC planes. This behavior could indicate that preferential macroscopic
deformation should be expected in the B2 BCC phase, which was not experimentally observed as
previously shown. The reason that justifies the increased lattice strains for the analyzed B2 BCC planes
is related to the preferential deformation in the two analyzed directions, i.e., parallel and perpendicular
to the LD. In fact, this preferential deformation, which is governed by the material texture, depends on
the spatial relationship between a certain (h k I) plane and the azimuthal angle. Although not shown
here, when analyzing other azimuthal angle ranges (30° + 7.5°, 45° + 7.5° and 60Q° + 7.5°) larger lattice
strain deformations in the FCC planes were observed, thus further confirming the dependence of the

lattice deformation with the azimuthal angle.

A closer look at the superlattice reflection of the (1 0 0) plane of the L12 FCC phase (refer to Figure 5-7
e) reveals near mirror-like behavior, with a maximum positive lattice strain of = 8000 pe developing along
the LD and maximum negative lattice strain of = 5000 ye developing in the TD. Further observation of
the lattice strain evolution of the (1 0 0) L12 FCC superlattice plane and the (2 0 0) FCC lattice plane
under tensile loading, revealed that the two planes have similar deformation evolution (as shown in
Figure 5-7 (a) al(e)). L12 FCC phase coherently precipitates within the FCC matrix, thus is it expected
that equivalent crystallographic planes behavior similarly. This is what is observed when directly
comparing the (1 0 0) L12 FCC superlattice plane the (2 0 0) plane of the surrounding matrix. The
interaction mechanism of secondary phases with dislocations usually includes dislocation cutting and
Orowan looping mechanisms [249]. The interaction mechanism of the L1> phase as the secondary
phase with dislocations during deformation is considered as dislocation cutting [219]. The dislocation

cutting mechanism is mainly manifested by the dislocation cutting through the second phase and
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deforming it along with the matrix phase. This explains why the L12 FCC phase has a similar deformation

behavior of that of the FCC matrix phase.
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Figure 5-7. Lattice strain evolution along the LD and transverse direction (TD) as a function of applied stress (a, c,
e) and strain (b, d, f) for FCC (a, b), B2 BCC (c, d) and L12 FCC phases (e, f). The dashed lines represent the
onset for macroscopic plastic deformation.
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Table 5-2 — Elastic modulus for different lattice planes of constituent phases in as-cast AICoCrFeNi21 HEA.

L1, FCC FCC B2 BCC

E100 (GPa) Exo(GPa) Esuii(GPa) E22(GPa) E21(GPa) Eiw0(GPa) Eszi0(GPa)

222 108 221 265 191 175 108

5.1.4 Conclusions

The micromechanical behavior of an as-cast AICoCrFeNiz.1 eutectic HEA during tensile deformation has
been investigated by in-situ tensile testing at room temperature using high energy synchrotron X-ray
diffraction. The phase constitution and respective volume fractions, phase stress partitioning, dislocation
density evolution as well as the lattice strain evolution parallel and perpendicular to the LD were

determined. The following major conclusions can be drawn:

Phase identification of the as-cast eutectic alloy revealed the presence of two FCC phases (one ordered
and one disordered), an ordered BCC phase and tetragonal o phase. These results contradict several
works on the phase identification of the same eutectic alloy, which often misidentify the existing phases.
The lattice parameters of all four phases were determined: i) FCC, a=b =c¢ = 3.56232 A; i) B2 BCC, a
=b=c=2.85168 A;iii)) L1 FCC,a=b=c=3.56219 A;iv)0,a=b=8.1768 A, c = 5.0185 A.

Stress partitioning between the two major matrix phases, FCC and B2 BCC, revealed that upon the
onset of plastic deformation the stress is primarily transferred to the hard B2 BCC phase. Moreover,
plastic deformation of the hard B2 BCC phase is delayed until a macroscopic strain of 3.5% is achieved.
We also highlight the possibility to tune the stress/strain response of eutectic HEAs by changing the

volume fraction of the matrix phases.

The evolution of the dislocation density was seen to occur preferentially in the soft FCC phase.
Nonetheless, the strength contribution resulting from the increase in dislocation density was calculated
to be more significant in the B2 BCC phase, even though this phase has a smaller dislocation density

than the FCC phase throughout the deformation.

Local deformation of the soft FCC phase is constrained by the hard B2 BCC phase, resulting in strain
gradients across the lamellar structure. This strain gradients increase with further deformation resulting
in the preferential generation of GND in the FCC phase, thus justifying the increase dislocation density

despite the low stress partitioned to this phase.

The lattice strain evolution along the parallel and perpendicular directions to the loading in both cases,

revealed that the analyzed (h k |) planes of the B2 BCC phase present a significantly larger lattice strain
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that those of the FCC phase. This is related to the texture of the as-cast material which governs the

deformation response of each (h k I) plane for specific azimuthal angles.

5.2 Gas tungsten arc welding of as-cast

AlCoCrFeNiz.1 eutectic high entropy alloy

5.2.1 Introduction

Based on the literature review presented in chapter 2.3.4.2 the current state of research on the
weldability of AICoCrFeNi2.1 eutectic HEAs still relatively unknown. To bridge the afore-mentioned gap
in literature (refer to chapter 2.3.4.2) in what concerns the weldability of HEAs, the as-cast AICoCrFeNi2.1
eutectic HEA was welded by GTAW for the first time. The microstructural evolution of the welded joints
was investigated using light OM, SEM aided by EBSD, high energy synchrotron X-ray diffraction and
thermodynamic simulations. Additionally, uniaxial tensile testing coupled with DIC and microhardness
mapping were used to evaluate the mechanical properties of the welded joints. The microstructural
evolution and resulting mechanical properties were systematically evaluated, unveiling the correlation

between processing, microstructural and mechanical properties.

5.2.2 Starting material

Commercially pure Al, Co, Cr, Fe, Ni (99.9 wt. % for Al, Co and Ni and 99.5 wt. % for Cr and Fe) were
used to cast the AICoCrFeNiz.1 eutectic HEA BM used in this work. Casting was performed using
vacuum induction melting, with the ingot being remelted multiple times to ensure good chemical

homogeneity. The dimensions of the sheets to be welded were 74 x 25 x 1.5 mm3.
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Figure 5-8. Macrograph of the welded joint (face side), white dimensions of the specimens obtained by EDM.

5.2.3 Results and discussion
5.2.3.1 Optical and electron microscopy

Figure 5-9 a) provides a cross-sectional view of the welded joint, while Figure 5-9 b), ¢) and d) show the
light OM images of the BM, HAZ and FZ, respectively. Figure 5-9 e), f) and g) present detailed higher
magnification electron microscopy images of the same regions. The different regions of the joints, i.e.,
BM, HAZ and FZ, in Figure 5-9 b), c) and d), respectively, can be clearly distinguished due to differences
in microstructure. From Figure 5-9 a), it can be observed that the joint has full penetration without

evidence of welding defects such as pores or solidification cracking.
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Figure 5-9. Light OM micrographs of the as-cast AICoCrFeNi2.1 welded joint: a) overview of the weld cross-
section; b) and e), ¢) and f), d) and g) are close-up views of the BM, HAZ and FZ near the boundary (HAZ/FZ),
and FZ, respectively.

Further observation of the microstructure of the three representative regions is detailed next starting
with the BM (refer to Figure 5-9 b) and e)). This region is mainly composed of ordered B2 BCC phase
as well as of disordered FCC phase, as shown by the arrows marked in Figure 5-9 e). The contrast in
color between the white and dark phases corresponds to the FCC and B2 BCC phases, respectively,
which occurs due to elemental partitioning between both phases as confirmed by numerous researchers
focusing on this alloy system [204,233,250]. In the magnified view (refer to Figure 5-9 e)), it can be

observed that the BM contains both well-aligned and irregularly shaped lamellar structures.

The next region of interest corresponds to the HAZ (detailed in Figure 5-9 c) and f)), which experiences
temperatures high enough to promote solid-state transformations. Compared to the initial eutectic
microstructure in the BM, the FCC and B2 BCC phase structures are still observed. Moreover, the
morphology of the eutectic structure remained unchanged. As documented later, changes induced at
this region by the weld thermal cycle impact the nanoscale precipitates that can form in the
AICoCrFeNiz1 alloy.

The FZ experiences full melting, followed by a relatively fast and non-equilibrium solidification. The
microstructure development in this region will largely depend on the alloy chemistry and how sensitive
the material is to the off-equilibrium conditions of fusion-based welding processes [251,252]. The FZ
microstructure is detailed in Figure 5-9 d) and g), and it can be observed that the lamella thickness of

the FCC and B2 BCC phases shows a significant refinement, i.e., the lamella structure becomes thinner.

142



This difference in the lamellar thickness is related to the solidification conditions experienced during
casting and welding: in casting the cooling rate is slower, which enables the development of relatively
thicker lamellae, while the opposite occurs in arc-welding processes, where the higher cooling rate
allows achieving a refined microstructure. The current observations coincide with the recent work of
Zhang et al. using laser welding on the same alloy [50]. In addition, in the FZ boundary (refer to Figure
5-9 ¢) and f)), a refined grain structure is observed owing to the faster cooling rates enabled by the
colder HAZ that act as a substrate from where solidification progresses toward the weld centerline. This
is in good agreement with the solidification theory of metals [252—-254], where grain growth tends to
occur in an epitaxial mode along the direction opposite to the maximum temperature gradient at the
solid/liquid interface, proceeding to the center of the FZ and having certain preferential orientations

during solidification.

A more detailed crystallographic analysis of the welded joint microstructure was performed using EBSD,
as detailed in Figure 5-10. Owing to the large size of the FZ and taking advantage of the microstructure
symmetry along the weld centerline, the EBSD map was performed only in part of the FZ and only on
one side of the HAZ and BM. From Figure 5-10, it can be determined that during the rapid cooling of the
FZ, the grains of FCC and B2 BCC phase have different preferred growth directions, growing along the
(101) and (001) directions, respectively. This seems inconsistent with the preferential growth along the
(100) direction of cubic materials, but it is widespread in AICoCrFeNiz.1 eutectic HEAs [236,255]. This
can be attributed to the fact that the eutectic HEA does not cross different phase regions during cooling
[234]. Further observations reveal that the FZ is still dominated by a eutectic lamellar structure in the
welded joint (see Figure 5-9 g)), indicating that the solidification rate in the FZ is insufficient to enable
the AICoCrFeNiz.1 eutectic HEA to release itself from the eutectic growth. This is similar to the results
previously reported by Zheng et al. [256] regarding the effect of different cooling rates on the
solidification path of the as-cast AICoCrFeNiz.1 eutectic HEA, where different cooling rates significantly
affect the solidification path. Moreover, depending on the potential composition changes in the FZ, the
solidification microstructure may not be completely lamellar, but composed of FCC primary dendrites
and of an FCC + B2 BCC eutectic structure (refer to Figure 5-9 f), g) and associated insert). The former
is attributed to the competitive grain growth mechanism occurring during solidification [167], while the
latter is attributed to the cooling conditions experienced during welding. This aspect will be further

detailed when analyzing the thermodynamic calculations.
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Figure 5-10. Electron backscattered diffraction images of the AICoCrFeNi2.1 eutectic HEA welded joint.

It should be mentioned here that the above electron microscopy images did not reveal the presence of
any precipitates due to limitation of resolution, although they exist, as it will be shown with the
synchrotron X-ray diffraction data. In other words, the inability to detect these precipitates is related to
their very low volume fraction and size. In addition to this, with EBSD it is not possible to distinguish
between the disordered BCC and ordered B2 BCC phases, as they have the same crystallographic
parameters. However, upon the use of high energy synchrotron X-ray diffraction both phases can be

clearly distinguished, as will be detailed after.

To further elucidate the effect of welding thermal cycle on the thickness of the lamellae in the three
different regions of the welded joint (BM, HAZ and FZ), Nano measurer 1.2 software was used. The

average calculations are listed in Table 5-3.
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Table 5-3 — Average interlamellar thickness evolution of eutectic FCC and B2 BCC phases in the welded joint of
the as-cast AICoCrFeNiz.1 eutectic HEA (BM, HAZ and FZ).

Region Average interlamellar thickness [um]

FCC phase B2 BCC phase
BM 3.27+0.44 1.66 £ 0.57
HAZ 2.85+0.36 1.95+0.22
Fz 0.62 £ 0.18 0.25+0.07

Comparing the eutectic lamellar thickness of the BM, HAZ and FZ, significant changes can only be
observed in the FZ against the other two regions. Wani et al. [220] found that when the as-cast
AlCoCrFeNiz1 eutectic HEA was treated at different annealing temperature between 800 and 1200°C
(heat treatments that would partially correspond to the HAZ of the welded joint), there was no significant
coarsening of the grains after annealing compared to the as-cast specimens due to slow diffusion and
dual phase morphology of the eutectic HEA. Upon entering the FZ, the lamellar thickness of the FCC
phase decreased to 0.62 + 0.18 ym, while for the B2 BCC phase it decreased to 0.25 + 0.07 pm. As
detailed above, this refined grain structure is attributed to the faster cooling rate in the FZ compared to
that experienced by the cast BM [257,258].

To clarify the effect of the weld thermal cycle on the partitioning of elements in the FZ, EDS mapping of
the constituent elements (Al, Co, Cr, Fe and Ni) was performed as shown in Figure 5-11. The nominal
composition of the BM, as well as the average chemical composition of the BM and FZ are further
detailed in Table 5-4. It should be mentioned that the EDS results show that the proportion of the
elements in the BM deviates from the alloy design, especially for Al, this being attributed to its low

melting point and its partial burning during the casting process.

145



50 um

Figure 5-11. EDS mapping of the as-cast AICoCrFeNiz.1 eutectic HEA joint: a) BM; b) across the FZ and HAZ.

Table 5-4 — Chemical composition of the BM and FZ (at. %).

Region Elements (at. %)

Al Co Cr Fe Ni
BM (Nominal) 16.39 16.39 16.39 16.39 34.44
BM (Averaged measured) 11.18 13.02 15.72 18.19 41.89
FZ (Averaged measured) 9.0 19.31 15.08 17.12 39.36

In the BM and HAZ, the FCC phase is mainly enriched in Co, Cr, and Fe, but depleted in Al and Ni. In
opposition, the B2 BCC phase is mainly depleted in Co, Cr, and Fe, but abundant in Al and Ni, which is
in line with previous works as detailed in [204,220]. Since among the constituent elements of the
AICoCrFeNiz1 eutectic HEA, Co, Cr, and Fe have a similar atomic radius and strong chemical
compatibility, they have the tendency to form the disordered FCC phase [259], while the Al-Ni atomic
pair has the largest negative mixing enthalpy, thus preferentially combining to form a Ni-Al type ordered
B2 BCC phase [260]. Comparing the elemental maps obtained in both the HAZ and BM, it can be
concluded that the welding peak temperature and duration in the former region is not enough to promote

significant chemical differences between the major phases that exist in the material.

146



In the FZ, however, some changes exist. According to the theoretical model of Jackson and Hunt for
rapid eutectic growth [261], the rapid solidification rate induced during welding can prevent the elemental
partitioning and thus homogenize the material elemental composition, which is consistent with the recent

work on laser welding of the same AlICoCrFeNiz.1 eutectic HEA [50].

The nominal composition of the BM and that measured by EDS details key differences (refer to Table
5-3). It should be noted that the chemical composition given for the FZ is the average of multiple points
taken across the FZ. The most significant difference concerns the loss of Al in the FZ, which is related
to the significantly lower boiling (2519°C), vapor pressure (100 kPa) and vaporization heat (293 kJ/mol).
It should be also mentioned that preferential loss of Al due to the high temperatures experienced by the
melt pool will also be location-dependent: at the joint centerline, where the temperature is the highest,
an increased Al loss is expected. Resulting from this Al loss in the FZ, there is some chemical
redistribution of the remaining elements leading to an overall increase on the Co and Ni content in the

FZ when compared to the as-cast BM.
5.2.3.2 High energy synchrotron X-ray diffraction

The microstructure of welded joints is strongly dependent on the peak temperature and cooling rate
experienced by the material during welding. Moreover, the peak temperature and cooling rate varies
with the distance to the center of the FZ [262]. To further support the above microstructure
characterization, synchrotron X-ray diffraction was used to comprehensively analyze the phase structure
evolution across the joint, including identification of precipitates and secondary phases. Representative
individual diffraction patterns for each region are detailed in Figure 5-12 a), b), ¢) and d), representing
the BM, HAZ1, HAZ2 and FZ, respectively. The lattice parameters of the different phases identified

across the welded joint are detailed in Table 5-5.
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Figure 5-12. Individual synchrotron X-ray diffraction patterns of the AICoCrFeNi2.1 eutectic HEA joint in: a) BM; b)

HAZ1,; c) HAZ2 and d) FZ.
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Table 5-5 — Refined lattice parameters from BM, HAZ1, HAZ2 and FZ of the gas tungsten arc welded
AlCoCrFeNiz.1 eutectic HEA as obtained from high energy synchrotron X-ray diffraction.

Region Phases

FCC B2 BCC BCC L1 Sigma (o)

BM a=3.5702 A a=2.8594 A a=2.8431 A a=3.5574 A a=b=8.1768 A; c=5.0185A;

C(:B:'Y:9OO

HAZ1 a=3.5705A a=2.8592 A a=2.8430A a=3.5571A a=b=8.1761 A; c=5.0187A;

a=B=y=90°

HAZ2 a=3.5714A a=2.8587A - a=3.5693 A  a=b=8.1683 A; c=5.1702A;
a=B=y=90°

FZ a=3.5701 A  a=2.8593A - a=3.5573 A a=b=8.1771 A; c=5.0179A;
a=B=y=90°

The phase identification from the high energy synchrotron X-ray diffraction data presented in Figure
5-12 a) indicates that the BM consists of the main phases that compose the lamellar (FCC and B2 BCC
phases), as well as nanosized L1. FCC, disordered BCC and o phases, as expected when the material

is in the as-cast state [233].

The BM and HAZ1 possess all the same five phases: the FCC + B2 BCC phases that compose the
eutectic microstructure, as well as nanoscale BCC, L1, FCC and ¢ phases. This is in good agreement
with previous transmission electron microscopy work performed by Choudhuri et al. [233], where all these
phases were identified except the ¢ phase. Although the ¢ phase was not identified in [233], the DFTEM
results indicate that, besides the cluster-like L1 FCC nanosized phase, there still existed speckle-
shaped precipitates in the L12 FCC matrix phase, with Choudhuri et al. not providing a specific phase
identification for these specks. In combination with the results of the synchrotron data phase
identification of the present work, it can be confirmed that these diffusely distributed speckle-like

precipitates can be the now identified as ¢ phase.
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When approaching the HAZ1 towards the FZ (HAZ2), no evidence of the BCC phase was noticed
suggesting its dissolution into the material matrix owing to the higher temperatures experienced by this
region during the welding process. The absence of this phase upon cooling to room temperature
suggests that the cooling rate is not low enough to allow the precipitation of this phase as it occurs in
the as-cast BM. The presence of this hanosized BCC phase in the as-cast AICoCrFeNi2.1 eutectic HEA
is most likely due to the spinodal decomposition originating from compositional modulations in the B2
BCC phase matrix [220,263]. Wani et al. [220] found that water quenching after annealing at 800 °C was
sufficient to completely dissolve the nanosized BCC phase in the B2 BCC matrix while studying the
effect of aging heat treatments on the same AICoCrFeNiz.1 eutectic HEA. This is consistent with the
complete dissolution of the BCC phase observed in the HAZ2 region of the welded joint in the current

work.

In the FZ, the detected phases include the FCC and B2 BCC phases that compose the eutectic
microstructure, as well as L1z and o nanosized phases. The previously observed disordered BCC phase
is now absent, indicating that the solidification and cooling conditions experienced by this region of the

joint prevented this phase to form.

It is important to mention here that the (100) superlattice reflections of the B2 BCC and L12 FCC phases
detected by synchrotron X-ray diffraction data provide clear evidence for the ordered structures of these
FCC and BCC phases. Indeed, these results are in good agreement with previous transmission electron
microscopy work, where the same superlattice reflections were observed [233]. Besides this, there are
additional diffraction peaks such as (110) and (210) in the ordered FCC phase compared to those of the
disordered FCC phase, as marked in Figure 5-12. This is easily identified using synchrotron data, but is

rarely reported in TEM characterization results.

The lattice parameters of the two matrix phases (FCC and B2 BCC) in the BM region obtained by
Rietveld refinement are in good agreement with the data previously reported by Lozinko et al. [264],
while the lattice constants of the nanosized phases (BCC, L1z and o) are detailed for the first time in
this work. Comparing the evolution of the lattice parameters of the FCC and B2 BCC phases, it can be
observed a decrease towards the FZ for the later and the opposite behavior for the former. Since no
distortion of the welded joints was observed, this behavior is the way for the material to accommodate
the thermal strains that occur during welding. In fact, the maximum microstrain calculated for the welded
joint occurs in the HAZ and takes the value of 330 ue. This small microstrain can be attributed to the
relatively slow cooling rate of the joint, owing to the large heat input typical of arc-based welding
processes, which allows for the material to accommodate thermal strains more effectively upon cooling

to room temperature.

Throughout the BM, heat affected and FZ the existing phases may vary. Moreover, to further quantify
the changes in the volume fraction of each phase, Rietveld refinement was performed. The aim is to

determine how the volume fraction of each phase varies across the welded joint. Since the thermal cycle
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is location dependent, the peak temperature and permanence time at temperatures that can promote
solid-state transformations will vary. Table 5-6 summarizes the phase volume fraction of the existing
phases in different regions of the welded joint as determined by Rietveld refinement and by image
processing using ImageJ software. Overall, there are no major deviations in the phase fraction results
obtained from Rietveld refinement or by optical methods. Identification of the nanoscale phases by
imaging methods was hindered by the lack of resolution of the techniques used, thus the need to
complement this microstructure characterization with high energy synchrotron X-ray diffraction
measurements. Synchrotron radiation as a non-destructive testing technique can then be used as a
complementary characterization method alongside the optical aid electron microscopy which are
destructive characterization tools. Moreover, with key advantages such as high photon flux and narrow
beam spot sizes, it is possible to get bulk microstructure information with sufficient statistical significance
for quantitative (and qualitative) characterization. A detailed analysis of the evolution of the phase

volume fraction of the welded joints is presented next.

Table 5-6 — Volume fraction evolution of the FCC, B2 BCC, disordered BCC, L12 FCC and o phases across the
welded joint (BM, HAZ1, HAZ2 and FZ) as obtained by Rietveld refinement and light optical micrographs.

Phase volume fraction [%]

Phases FCC B2 BCC BCC L1, Sigma (o)
Method MAUD ImageJ MAUD ImageJ MAUD Imagel MAUD ImageJ MAUD Imagel
Region  BM 62.69 61.93 33.60 38.07 0.57 - 2.03 - 1.11 -

HAZ 64.40 61.46 34.08 38.54 0.19 - 0.75 - 0.58 -

1

HAZ 57.79 56.47 41.73 4353 - - 0.21 - 0.27 -

2

FzZ 86.62 84.06 12.79 15.94 - - 0.38 - 0.21 -

The BM primarily consists of the eutectic-composing phases with 62.69 and 33.60 % of FCC and B2
BCC phases, respectively, which is consistent with measurements made with TEM by other researchers
[226,233,265]. Due to the small size and scattered distribution of the nanosized phases that may
compose this material, their quantification is difficult by conventional characterization means and, so far,

no quantitative analysis has been reported. However, these nanoscale phases are clearly distinguished
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in the low-noise diffraction data, as previously shown in Figure 5-12 a). The Rietveld refinement data
shows that the volume fractions of the identified nanosized L1, FCC, BCC and ¢ phases were 2.03,

1.11 and 0.57 %, respectively.

Entering the HAZ1 region, the volume fraction of the eutectic phases does not significantly change
compared to the non-affected BM. Moreover, this region still retains all the nanoscale phases identified
in the BM, but there is a clear partial dissolution since the volume fractions of the L1 FCC, BCC and o
phases is reduced to 0.75, 0.19 and 0.58 %, respectively. Going toward the fusion boundary but still in
the HAZ2, the phase volume fraction of the eutectic phases undergoes a subtle change, with the BCC
phase starting to show a slight increase from 34.08 to 41.73 %, with a corresponding decrease in the
volume fraction of the FCC phase from 64.40 to 57.79 %. As it will be shown in the microhardness plots,
this volume fraction increase of the hard B2 BCC phase in the HAZ2 region will correspond to an
increase in hardness (to be further assessed in the microhardness plots of Figure 5-16). Still in HAZ2
region, the higher peak temperatures and permanence time at temperatures where solid-state
transformations can occur, further promotes dissolution of the nanoscale phases, with the BCC phase

dissolving into the B2 BCC matrix (refer to Figure 5-12 c)).

A significant change in the volume fraction of the FCC and B2 BCC eutectic phases in the FZ is noted,
with the volume fraction of the FCC phase increasing from 57.79 to 86.62 %, while the B2 BCC phase
retained only 12.79 % after melting and rapid material solidification. However, from Figure 5-12 d), it
can be observed that the diffraction peaks corresponding to the B2 BCC phase possess high intensity,
which is likely due to the rapid solidification in the FZ promoting strong texture effects in the B2 BCC
phase. The nanosized L1, FCC and o phases formed in the FZ, although their volume fraction was
slightly below than measured in the as-cast BM (0.38 and 0.21 %, respectively). Again, the fast cooling
rate during welding can suppress the formation of these phases upon cooling, thus justifying the
differences observed between the FZ and the as-cast BM.

5.2.3.3 CalPhaD-based calculations

The Scheil-Gulliver model was used to reproduce the solidification behavior and phase evolution of the
FZ in the as-cast AICoCrFeNiz.1 eutectic HEA under non-equilibrium conditions. The high temperature
of the melt pool induces elemental redistribution and promotes preferential loss of some elements due
to evaporation, thus altering the starting nominal composition of the alloy. Therefore, to predict the
solidification behavior more accurately in the FZ, the nominal alloy composition of the AICoCrFeNiz.1
eutectic HEA and the average elemental composition obtained by EDS measurements at multiple points
in the FZ were used in the Scheil-Gulliver model to calculate the potential solidification pathways. It
should be mentioned that the Scheil-Gulliver model simulation has three main assumptions [266]: 1) no
back diffusion is considered in the solid phase; 2) diffusion in the liquid phase is extremely fast so that
the liquid phase always has a homogeneous composition; and 3) phase equilibrium between liquid and

solid phases is achieved at the local interface.
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Figure 5-13 a) details the solidification pathway from the Scheil-Gulliver model using the nominal
composition of the alloy, while Figure 5-13 b) considered the average FZ composition. From Figure 5-13
a), it can be seen that the solidification pathway obtained based on the standard eutectic composition
has only the eutectic reaction, which can be described as Liquid — Liquid + FCC (Disordered) + B2
BCC (Ordered) reaction. However, the solidification pathway shown in Figure 5-13 b) occurs in two
steps as follows: Liquid — Liquid + FCC (Disordered), and then followed by eutectic reaction of the
remaining liquid, i.e., Liquid — Liquid + FCC (Disordered) + B2 BCC (Ordered).
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Figure 5-13. Scheil-Gulliver solidification pathway calculations using ThermoCalc (TCHEA 5.1 database)
considering: a) nominal alloy composition; b) average FZ composition.

As can be seen from the observed dendritic FCC phase in the optical micrographs of the FZ (refer to

Figure 5-91)), the solidification pathway of Figure 5-13 b), which considered the FZ average composition,
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is more compatible with that experienced by this region of the joint. It is obvious that the elemental
distribution in the FZ does deviates from the standard eutectic composition and can be described as a
sub-eutectic FZ. Combined with the microstructural features of the FZ in Figure 5-9 f), it is expected that
when the composition deviates from the standard eutectic composition, solidification of the primary
dendritic FCC phase from the liquid starts at a temperature of 1410 °C, followed by the eutectic reaction
at 1256 °C, producing a mixed lamellar structure of disordered FCC and ordered B2 BCC phases.
Compared to the nominal composition of the alloy used, the solidification pathway changes significantly.
However, based both on the nominal alloy composition (Figure 5-13 a)) and on the average elemental
composition of the FZ measured by EDS (Figure 5-13 b)), the eutectic microstructure predicted by
thermodynamic calculations is composed of disordered FCC and ordered B2 BCC phases, which is in
good agreement with the eutectic phases determined by synchrotron X-ray diffraction measurements
presented above. However, the small amount of nanosized L1 FCC and o phases obtained by
synchrotron X-ray diffraction in the FZ are not predicted by the Scheil calculations. This disagreement
can be likely due to deviations is composition due to the possible presence of minor impurities in the

starting materials used to cast the master alloy, thus promoting the formation of these phases.

The evolution of the elemental redistribution during non-equilibrium solidification is provided in Figure
5-14. Figure 5-14 a) reproduces the redistribution behavior of the elements in the dendritic and
interdendritic FCC phase, as well as in the eutectic lamellar structure (FCC and B2 BCC phases). To
distinguish the elemental partitioning in the FCC and B2 BCC phases among the eutectic lamellar
structure, the evolution of each element in the B2 BCC phase is detailed in Figure 5-14 b), so that the
variation of the elemental content in the eutectic FCC phase can be deduced and compared to the
dendritic FCC phase.
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Figure 5-14. Elemental redistribution obtained from the Scheil-Gulliver calculations for the as-cast AICoCrFeNiz.1
HEA (considering the average FZ composition): a) composition in the liquid phase; b) composition in the B2 BCC
phase.

In Figure 5-14 a), the red solid lines represent the elemental evolution in the dendrites, while the
intersection between the red and blue solid lines correspond to the interdendritic composition. The blue
solid lines denote the elemental partition in the FCC and B2 BCC phases of the eutectic lamellar
structures. For a clearer analysis of the solidification process, the partition coefficient, k, is used to
explain the chemical heterogeneity associated with solidification, being an indication of a given element
to partition during solidification. k is expressed as the Cs/C. ratio, where Cs is a given element content
in the solid and Cv. in the liquidus line. When the partition coefficient is above 1, it reflects the enrichment
of a specific element in the interdendritic region, and conversely, when the partition coefficient is below

1, itindicates an increase in the concentration of that element in the dendritic region. When k approaches

155



1, it represents a homogeneous distribution of that element throughout the microstructure [267]. The
evolution of the red solid line in Figure 5-14 a) shows that the partition coefficients for Al and Ni are
larger than 1, especially for the Al, thus suggesting that the interdendritic region is enriched in these two
elements. Especially due to the higher k of Al, the interdendritic space will be preferentially enriched in
Al. Apart from this, Co, Cr and Fe all possess k values below 1, revealing that the dendritic region will
be enriched in these elements. The predicted redistribution of the elements in the dendritic and
interdendritic regions is consistent with that measured by EDS point scanning, as shown in Figure 5-15
b) and c). A more detailed analyzes and discussion of this EDS data will be given later.

The variation in the elemental composition in the B2 BCC phase is given by the blue solid line in Figure
5-14 b). It can be observed that from the onset of the eutectic reaction, both Ni and Al show a linear
upward trend, while the remaining elements show a downward trend, which suggests that the B2 BCC
phase is enrich in Ni and Al, while the FCC phase will be enriched in Co, Cr and Fe. Combined with the
evolution of the blue solid line in Figure 5-14 a), it can be deduced that the eutectic FCC phase contains
more Co, Cr and Fe than the B2 BCC phase.

To further verify the reliability of the thermodynamic calculations, Figure 5-15 b), c¢), d) and e) detall
representative point compositional results of the dendritic (spot 1) and interdendritic (spot 2) regions,
the FCC phase (spot 3) and the B2 BCC phase (spot 4) in the FZ, respectively, to further investigate
the elemental differences within these different microstructures in the FZ and compare them with the

thermodynamic calculations.
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Figure 5-15. a): SEM micrograph along with the EDS point analysis in different region within the FZ; b to e) are
EDS patterns and the resulting compositions of points 1 to 4, respectively.

Overall, the elemental segregation in the FZ is not significant, but there is still microsegregation. As can
be seen from the thermodynamic calculations (refer to Figure 5-14), the FZ first forms as FCC dendrites,
followed by the eutectic FCC + B2 BCC eutectic structure. A comparison of the results from the EDS
point scans in Figure 5-15 b) and d) shows that, the composition of Co, Cr and Fe in the dendritic region
are higher than that in the interdendritic space. Concomitantly, there is a preferential Al and Ni
enrichment in the interdendritic space. The existence of these different composition domains can be
attributed to microsegregation, which is commonly found in fusion-based welding processes, and
depends heavily on the partition coefficient of each element in the liquid [268]. The obtained EDS
measurements are consistent with the results calculated in this work using Scheil-Gulliver model, as
previously shown and discussed in Figure 5-14. The occurrence of component microsegregation in
dendritic structures obtained during rapid solidification was also observed in work of Giiler et al. [269]
for HEAs of the Al-Co-Cr-Fe-Ni-Ti system. For the eutectic structure, as expected, the FCC phase in the
FZ contains preferentially enriched in Co, Cr and Fe than in the B2 BCC phase, but the opposite occurs
for Ni and Al. This observation is, thus, in good agreement with the elemental distribution evolution
calculated by the Scheil-Gulliver solidification model.
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5.2.3.4 Microhardness and tensile properties

For evaluating the effect of the weld thermal cycle on the local strength of the joint, microhardness
mapping was performed. Figure 5-16 a) details the microhardness mapping of the joint, while Figure

5-16 b) details the microhardness distribution obtained at mid height of the material.
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Figure 5-16. a) Microhardness map across the welded joint; b) Microhardness profile obtained at the mid height of
the welded joint (black dotted line across the hardness map in a)).

Based on the evolution of the microhardness, four distinct regions within the welded joint are identified:
the BM, the HAZ1, the HAZ2 and the FZ.

The BM hardness has a microhardness around 300 HV, which serves as the benchmark for comparison
with the other regions of the joint. When entering in the HAZ (HAZ1 region), a clear downward trend to
242 HV in hardness is observed. From the previous microstructure characterization, it was observed
that this region was similar to the as-cast BM. The only difference was the volume fraction of nanosized
phases that existed in the FCC and B2 BCC eutectic phases (refer to Table 5-6). In fact, the decrease
in the volume fraction of these nanosized phases can justify the decreased hardness of this region.
Obviously, it is clear that the nanosized phases in the FCC and B2 BCC phases act as precipitation
strengtheners, so that their (partial) dissolution will decrease the material strength. Xiong et al. [270]
performed a quantitative analysis of the strengthening induced by the presence of the L1 FCC and

BCC nanosized phases within the lamellar structure FCC and B2 BCC phases of the same material.
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Their results showed that these nanosized phases increase the alloy strengthening while sacrificing
ductility. Therefore, it can be deduced that when their dissolution occurs, this will lead to a reduction in
hardness, which is consistent with the results of the current work. Still proceeding to the HAZ and
approaching the FZ (HAZ2 region), there is a slight increase in hardness which is associated to the
increase in the volume fraction of the hard B2 BCC phase, as previously observed from the synchrotron
X-ray diffraction data.

Interestingly, the FZ shows a significant increase in hardness to 330 HV. This is mainly due to the
considerable reduction in the lamellar thickness on this region over that observed in both the BM and
HAZ (refer to Table 5-3), which is referred to as a grain refinement strengthening mechanism. The
reduction in grain size increases the number of grain boundaries, which act as effective barriers to
dislocation movement, thus increasing the accumulation of dislocations, supporting that grain boundary
strengthening is also an auxiliary factor in this hardness increase. Miao et al. [260] previously reported
that the nanosized phases and lamella thickness were the main factors influencing the hardness of
eutectic HEAs. According to Miao’s work, when the lamella thickness was reduced to 0.51 ym, the
contribution of the phase interface was more important than that due to precipitation strengthening.
Although the solidification conditions in the FZ resulted in a phase volume fraction of only about 10%
for the hard B2 BCC phase, as well as slightly less volume fraction of the nanosized phases, the potential

hardness losses are compensated by the strengthening induced due to grain refinement.

For the purpose of assessing the effect of welding on the mechanical behavior of the as-cast
AlCoCrFeNiz21 eutectic HEA, tensile experiments were also performed. Figure 5-17 details
representative engineering and true stress-strain curves obtained for both the BM (used as benchmark)
and welded joint. The yield strength, ultimate tensile strength and elongation at fracture for each
condition are detailed in Table 5-7.
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Figure 5-17. Representative tensile stress-strain curves of BM and as-welded as-cast AICoCrFeNiz.1 eutectic HEA

at room temperature under the strain rate 10-3 s.

Table 5-7 — Mechanical behavior of the BM and as-welded AlICoCrFeNiz.1 eutectic HEA from tensile testing until

failure.
Reference Yield strength Ultimate tensile strength Fracture strain
[MPa] [MPa] [%0]
AlCoCrFeNiz1 BM 284 +8 10395 20.6 £0.2
Welded joint 372+12 1026 + 10 13.0+0.4

Comparing the tensile test results obtained in both different states, it is evident that the welding process

modifies the mechanical properties of the material. The yield strength increases from ~ 284 MPa in the

as-cast state to ~ 372 MPa in the as-welded material. This increase can be explained considering the

strengthening effect induced by the refined lamellar structure of the FZ. However, compared to the as-

cast material, the plasticity in the as-welded state decreases, with the elongation being reduced from ~

20.6 to ~ 13.0 %. This decrease in ductility is attributed to the composite-like structure of the welded

joint, where the different mechanical behavior of the BM, HAZ and FZ, will promote a different and

160



localized mechanical response across the joint as it will be shown with the DIC data. Fracture of the
welded joints systematically occurred in the non-affected BM. Further analysis of the deformation of
each region of the welded joint is detailed next considering the DIC data acquired. Here, it is worth
mentioning that the properties of the BM used in this work are below those reported for other
AlCoCrFeNiz.1 eutectic HEAs [190], which can be due to the raw materials used, as well as the casting

conditions.

Figure 5-18 was obtained considering the DIC data obtained during tensile testing. Each curve
corresponds to one of the three key regions of any welded joint: BM, HAZ and FZ. From Figure 5-18, it
can be seen that these three regions exhibit different yield strengths, which was already expected due
to the microstructural changes induced by the weld thermal cycle. These results are in good agreement
with what would be expected solely considering the microhardness measurements previously shown in
Figure 5-16.
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Figure 5-18. Tensile curves obtained from the DIC measurements for different regions: BM (blue line), HAZ (black
line) and FZ (red line).

The strain in the FZ when failure of the joint occurred was only 7 %. The increased hardness and refined
microstructure of this region will promote a preferential deformation in the softer regions of the welded
joint, i.e., in the BM and HAZ. However, when the material fractured, the strain reached up to ~ 22.0 and
~ 15.8% in BM and HAZ, respectively, exhibiting a good ductility. The local deformation of the BM region
is in good agreement with the bulk mechanical response of the BM specimen used to benchmark the

mechanical properties against the welded joint. This also justifies why the overall joint ductility is reduced
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as compared to the BM specimens: the composite nature of the welded joint promotes increased strain

concentration at specific regions which eventually fail.

Purely considering the local tensile curves obtained by DIC of the three regions shown in Figure 5-18,
it would be expected that fracture would occur in the softer HAZ, rather than in the BM. The systematic
failure of the welded joints in the BM can be related to the relatively larger volume fraction of nanosized
phases which can acts as stress concentrators. In the BM, there is a larger amount (relative to the HAZ)
of dispersed and hard nanosized L12 FCC, BCC [271] and o phases [272], which can aid in premature

cracking development, ultimately leading to fracture in this region.

It is also possible to speculate on the load transfer behavior across the welded joint. Specifically, in the
early stages of deformation, the HAZ, which is the softest zone, bears more of the loads first, and once
it yields, the load starts to be transferred to the BM. With further deformation, the initially soft HAZ begins
to harden, allowing the initially hard BM zone to accommodate more deformation and eventually fracture

due to the presence of the dispersed nanosized precipitates.

To further clarify the fracture mechanism of the welded joints, post-mortem EBSD analysis was
performed. Figure 5-19 a), b) and c) depict the EBSD KAM maps for the fracture area (BM region), the
HAZ1, the HAZ2 and the FZ, respectively, while Figure 5-19 d) details the KAM values distribution for
these four regions. KAM maps show the local misorientation across grains, which can be used to infer
on the dislocation density: the change in color from blue to red indicates an increase in the KAM values,
which is associated with increased misorientation and strain distortion in the material. The comparison
of the KAM maps of these four regions in the fractured specimen reveals that the KAM values increase
from the FZ to the non-affected BM. This suggests a larger strain imparted by the BM, while the FZ has
accommodated the least amount of plastic deformation during the tensile deformation, owing to its
refined grain structure. The associated higher dislocation density in the fractured region of the BM can
be induced by the presence of preferential stress concentrator sites stress resulting from the presence

of the dispersed and hard nanosized L1> FCC, BCC and o phases contained in the BM.
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Figure 5-19. KAM maps of the fractured specimen considering different location across the joint: a) fracture site
(BM); b) HAZ1 and c) HAZ2, as well as FZ. d) KAM values distribution in the analyzed regions.

The tensile fracture morphology of the gas tungsten arc welded joints of the AICoCrFeNiz.1 eutectic HEA
was observed by SEM, as shown in Figure 5-20. As marked in Figure 5-20 c), the fracture has cleavage
facets, as well as a large number of ductile dimples, disclosing a mixed fracture pattern of ductility and
brittleness, but with significant predominance of the former. Further observations evidence that the
cleavage facets generated by the brittle B2 BCC phase coexist within the dimples of the fracture surface.
It can be inferred that during the tensile loading process, the soft FCC phase is significantly deformed
and gradually thinned at the upward edge, and eventually the hard B2 BCC phase remains at the bottom
of the ductile dimples due to the small amount of deformation sustained by this phase. Thus, the good
strength/ductility synergy of the welded joint is attributed to the joint mechanical behavior of both the

soft FCC and hard B2 BCC phases.
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Figure 5-20. Fracture surface analysis of the as-cast AICoCrFeNiz.1 gas tungsten arc welded joint: a) overview; b)
and c) close-up detailing brittle and ductile features.

5.2.4 Conclusions

This work investigated the effect of GTAW on the microstructure and mechanical properties of an as-
cast AlICoCrFeNiz.1 eutectic HEA combining advanced materials characterization and thermodynamic

calculations. The following main conclusions can be drawn:

1) GTAW was able to successfully produce full penetration and defect-free welded joints, suggesting
the potential of this fusion-based welding process to join these advanced engineering alloys.

2) High energy synchrotron X-ray diffraction was used to determine the existing phases across the joint,

while CalPhaD simulations were used to predict the microstructure evolution.

3) The weld thermal cycle did not change the eutectic structure across the whole joint, although the
volume fraction varied.

4) The HAZ evidenced softening in response to the weld thermal cycle, which is attributed to the partial
dissolution of the nanosized phases that compose the starting alloy.

5) In the FZ, although the volume fraction of the hard B2 BCC phase is only = 12 %, the existence of a

significantly refined microstructure renders an increased hardness compared to the as-cast BM.

164



6) Mechanical testing of the joints showed that the yield strength of the joints was higher than that of the
BM, whilst there was an obvious reduction in ductility. The fracture occurred in the BM, which is mainly

due to the nanosized phases contained in the BM acting as stress concentrators.
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MICROSTRUCTURE AND MECHANICAL
PROPERTIES OF GAS TUNGSTEN ARC
WELDED FE42MN25C010CR15SI15 JOINTS

6.1 Deformation mechanism of a metastable
Fes2Mn2sC010Cr15Sis high entropy alloy probed

in-situ with synchrotron X-ray diffraction

6.1.1 Introduction

HEAs were first discovered independently by Yeh et al. and Cantor et al. in 2004 [1,2]. At the beginning,
focus was devoted to the development of single phase HEAs. However, it is difficult to design single
phase HEAs that simultaneously possess a good combination of strength and plasticity [170,273]. In
order to overcome the strength-ductility paradigm, TRIP [274,275], TWIP [60,276], or the combined
activation of TWIP and TRIP [277] have become new concepts in the design of non-equiatomic HEAs
in the recent years. Such HEAs containing TRIP and/or TWIP effects are generally referred to as
metastable HEAs [278]. In addition, such metastable HEAs often introduce auxiliary strengthening
mechanisms such as precipitation strengthening [57,58] and solid solution strengthening [279] which

further increase the material strength.

The deformation mechanisms of metastable HEAs can be adjusted by the alloy SFE which is
composition- and temperature-dependent [280]. When the SFE is above 45 mJ/m?, the dominant
deformation mode is dislocation slip. With a decrease in the SFE, the dislocation slip-dominated
deformation mechanism gradually changes to TWIP (20 mJ/m? > SFE > 40 mJ/m?) or TRIP (SFE < 15
mJ/m?) [281]. The SFE values for the combined effect of TRIP and TWIP have also been reported to
range between 13 mJ/m?and 18 mJ/m? [282,283]. Moreover, the SFE is key to changing the stability of
the y-f.c.c. matrix phase [62].
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So far, most studies on the mechanical behavior of metastable HEAs have been primarily focused on
advanced electron microscopy characterization [63,284-286], while only a few studies have used
diffraction-based techniques to trace, in real time, the microstructure evolution and deformation
mechanisms activation during deformation [146,287,288]. Specially for the optimized composition of
Fe42Mn28C010Cr15Sis developed by Nene et al. [62] there is still a significant gap on the microstructural
evolution and assessment of the competing deformation mechanisms experienced by the alloy upon
loading. Besides, the stress partitioning behavior, strengthening effects, lattice strain evolution, and the

variation of the stacking fault probability with deformation are yet to be quantified.

In this study, the activation and changes in the deformation mechanisms of an as-cast
Fe42Mn2sC010Cr15Sis metastable HEA during tensile deformation was evaluated in real time for the first
time using high energy synchrotron X-ray diffraction. Stemming from the acquired diffraction data, the
micromechanical behavior of the two main constituent phases of the alloy was determined. The TRIP
and TWIP effects of the current studied material during tensile deformation and the onset for each to
occur have been revealed and discussed. By quantifying the evolution of dislocation density and
stacking faults, the strengthening contributions for the material strength have been elucidated for the
first time. A detailed and comprehensive analysis of the diffraction data determined the relationship
between the microstructure evolution and the alloy mechanical behavior, providing a deeper

understanding of the different deformation mechanisms activated in TRIP/TWIP metastable HEAs.

6.1.2 Starting materials

The material used in this work was an as-cast non-equiatomic metastable Fe42Mn28C010Cr15Sis (at. %)
HEA, which was produced at the Sophisticated Alloys Inc. in Butler, PA, USA, by vacuum induced
melting under an argon atmosphere [289]. The dimensions of the samples used for the in-situ

synchrotron X-ray diffraction measured were detailed in Figure 3-4.

6.1.3 Results
6.1.3.1 Microstructure

Figure 6-1 a) and b) depict the microstructure of the metastable Fe42Mn2sCo010Cr15Sis HEA before and
after tensile deformation, respectively. After etching, a dual y-f.c.c. / €-h.c.p. microstructure is evidenced
in both conditions. The bright and dark contrasting colors are related to the microstructural features of

both phases.
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Figure 6-1. OM of the metastable Fe42Mn2s8C010Cr15Sis HEA: a) before deformation and b) after fracture.

In order to compare changes on the average grain size of the y-f.c.c. phase before and after deformation,
Nano Measurer 1.2 software [290] was used. The y-f.c.c. grain size decreases with increasing strain,
from = 184 to = 150 ym (= 18 % reduction), indicating that imposed strain rate does not significantly
refine the grain in the Fe42Mn28C010Cr1sSis HEA. This behavior is unlike that observed for a
FesoMn30Co010Cri0 HEA [62], suggesting the improved grain stability during mechanical behavior upon
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the addition of Si. Qualitatively, it is also observed that the fraction of €-h.c.p. phase in the fractured
samples increased when compared to the as-received condition.

Figure 6-2 a) and b) depict the superimposition of the X-ray diffraction patterns of the metastable
Fes2Mn2sC010Cr15Sis HEA during tensile deformation and the corresponding contour plots, respectively.
The phases identified from these diffraction patterns are: y-f.c.c., e-h.c.p. as well as a tetragonal
structure known as o phase. This phase identification is in good agreement with the existing literature
[291]. Further observation of the superimposed diffraction spectra in Figure 6-2 a), details that no new
phases are formed upon loading until fracture.
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Figure 6-2. a) Superimposition of the 1D diffraction patterns, b) contour plots of specific diffraction ranges.

Figure 6-2 b) reveals the intensity evolution of different lattice planes of the y-f.c.c. and ¢-h.c.p. phases

during tensile loading. Although the analysis of the superimposed diffraction patterns of Figure 6-2 a)
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has led to the conclusion that no new phases were detected in the metastable Fe42Mn28C010Cr15Sis HEA
during deformation (refer to Figure 6-2 a), there are obvious changes in the diffracted intensity, indicating
that transformation from y-f.c.c. to €-h.c.p. is occurring due to the TRIP effect [62]. Further observation
of the evolution of the diffracted intensity of the y-f.c.c. (400) and (222) peaks show a decrease in their
intensity with increasing strain, while the intensity of the ¢-h.c.p. (1010) and (2022) diffraction peaks
increase significantly. This qualitative observation further suggests the increase in the volume fraction
of the e-h.c.p. phase during deformation at the expense of the y-f.c.c. phase. The quantitative analysis
of the evolution of the phase fractions of both y-f.c.c. and €-h.c.p. phases has been presented in the
following section 5.1.3.2. The lattice parameters of the y-f.c.c., e-h.c.p. and o phases before and after
deformation, as obtained by Rietveld refinement, are shown in Table 6-1. The results of the lattice
parameters of the y-f.c.c. and g-h.c.p. phases prior to loading are in good agreement with those reported
by Sittiho et al. [289]. Regarding the o phase, its lattice parameters are consistent with those previously

determined using neutron diffraction in a Fe42Mn2zsC010Cr15Sis alloy [291].

Table 6-1 — Refined lattice parameters of the €-h.c.p., y-f.c.c. and o phases in the as-cast metastable
Fe42Mn2sC010Cr15Sis HEA as obtained by Rietveld refinement.

Phases e-h.c.p. phase y-f.c.c. phase o phase
(Hexagonal: P63/mmc) (FCC: Fm/3m)  (Tetragonal P42/mnm)
as-hep. (A) Cehcp. (A)  claratio aytec. (A) ao (A) co (R)
Initial 2.525 4.102 1.625 3.578 8.831 4.800
Fracture 2.533 4.076 1.608 3.582 - -

The c/a ratio before and after loading was also determined (refer to Table 6-1). Prior to loading, the as-
cast Fes2Mn28C010Cr15Sis HEA has a c/a ratio of approximately = 1.625, which is significantly lower than
the ideal value of = 1.633 [105], but very close to that of the as-cast Fe4soMn20C020Cr15Sis HEA (= 1.625)
[105] and as-rolled Fes2Mn2sC010Cr15Sis (= 1.622) [289]. As expected, the c/a ratio in the present alloy
is slightly higher than that reported by Bu et al. (= 1.616) for a duplex FesoMnz0C010Cri0 HEA [145]. This
is related to the addition of Si, which is a €-h.c.p. phase stabilizer, which promotes the increase of the
c/a ratio, while the concomitant decrease of Mn, a y-f.c.c. phase stabilizer, can decrease it. However,
Si has a stronger effect (roughly 22 times higher) that that of Mn on the c/a ratio [105,106,292], thus

justifying the change in the c/a ratio determined in this work.

Compared to the intrinsic c/a ratio of metals such as Ti or Mg that practically do not change during

deformation [128], the c/a ratio of the metastable Fe42Mn2sC010Cr15Sis HEA decreases from = 1.625 in
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the initial state to = 1.609 upon fracture, indicating that the ¢-h.c.p. phase expands in the a-axis and

compresses in the c-axis, revealing that the (c+a) slip system has a strong strain adaptation capability.

This reduction in the c/a ratio during tensile deformation is also present in several other TRIP HEAs.
However, there are variations in the magnitude of this decrease. For example, in a friction stir processed
Fe4oMn20Cr15C020Sis alloy there was a change from = 1.619 to = 1.588 in the fine grained region [146],
while for a FesoMn20CrisC020Sis alloy prepared by laser powder bed fusion it decreased from = 1.633 to
=~ 1.593 [293]. The variation of the c/a ratio of the ¢-h.c.p. phase in TRIP HEAs is essentially a
dependence of the lattice parameter on the texture and stress state caused by the variation of its volume.
It is a function of the dislocation density and the volume of the €-h.c.p. phase, which in turn indirectly
affects the activation of the different slip systems of the ¢-h.c.p. phase [105]. This mechanistic analysis

has been discussed in detail in the Discussion section.

Table 6-2 details that the phase fractions of both y-f.c.c., e-h.c.p. and o phases in the metastable
Fe42Mn28C010Cr15Sis HEA before deformation were = 71%, = 28% and = 1%, respectively. After tensile
fracture of the material, the y-f.c.c. phase decreases to = 17%, the €-h.c.p. phase increases to = 82%,

while the o volume fraction remained constant.

Before deformation, the existence of = 28% of ¢-h.c.p. phase is attributed to the addition of Si, which
effectively increases the metastability of the y-f.c.c. matrix phase, as Si is an ¢-h.c.p. phase stabilizer
[279,294,295]. Moreover, it has been suggested that maximum metastability of the y-f.c.c. phase is
obtained when 5 at. % Si is added [60], as also verified by thermodynamic calculations [62]. Specifically,
the higher metastability of the y-f.c.c. phase, the lower the value of the Gibbs free energy for the y-f.c.c.
to g-h.c.p. transformation (AGy_¢c.c- e-h.cp.) t0 OCCUr, thus causing a greater driving force for the y-f.c.c.
to e-h.c.p. transition, which ultimately corresponds to a reduction in the y-f.c.c. phase fraction upon

cooling to room temperature after casting.

In the current study the phase fraction volume transition which is defined as (fy”_f_c_c_ - fya_f.c.c.)/fyb_f_c,c_,
with fy“_f_c_c_ corresponding to phase volume fraction of y-f.c.c. phase after (superscript a) tensile
deformation and fyb_f_c_c_ to the volume fraction of y-f.c.c. phase before (superscript b) deformation, was
also calculated. The phase volume fraction transition of the y-f.c.c. matrix phase before deformation and
after fracture is = 75%, which is consistent with the findings of a high phase fraction transition for an as-
cast Fes2Mn2s8C010Cr15Sis HEA reported by Nene et al. using TEM [62]. In addition, it was previously
reported that the conversion rate of the y-f.c.c. phase in TRIP HEAs during tensile deformation is
proportional to the work hardening rate [62]. As it will be shown later, the work hardening rate of the
material studied in this work is significantly higher than that measured for a FesoMnz0Co010Cri0 HEA [62],

which naturally justifies the existence of a higher phase volume fraction conversion.

It is worth mentioning that the evolution of the phase volume fraction, lattice constants and c/a ratio in

the metastable Fes2Mn2sC010Cr1sSis HEA during deformation have not been reported so far. By
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combining high energy synchrotron X-ray radiation and refinement methods it is possible to quantify the
micromechanical behavior of the HEA used in this work for the first time.

Table 6-2 — Volume fractions of €-h.c.p. phase, y-f.c.c. phase and o phase in the as-cast metastable
Fe42Mn2s8C010Cr15Sis, as obtained by Rietveld refinement.

Volume fraction

Phases e-h.c.p. phase y-f.c.c. phase o phase
Initial 28% 71% 1%
Fracture 82% 17% 1%

6.1.3.2 In-situ synchrotron tensile test

The engineering and true stress-strain curves (black and red lines, respectively) as well as the strain-
hardening rate curve (blue line) during deformation of the metastable Fes2Mn28C010Cr10Sis HEA are
given in Figure 6-3. Based on the activation of a preferred deformation mode these curves can be
divided into four stages, each one marked in Figure 6-3 with the letters A, B, C and D. Each region
represents a qualitative change in the deformation mechanism based on the measured diffraction data.
Here, it should be noted that the TRIP and TWIP effects mentioned below have been further assessed

in the Discussion section.
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Figure 6-3. Engineering and true strain-stress curves and strain hardening rate of the as-cast metastable
Fe42Mn28C010Cr15Sis HEA tested at room temperature at a strain rate of 1 x 103 s1.

The uniform strain distribution between the metastable y-f.c.c. phase and the resultant e-h.c.p. phase in
the Fes2Mn2sCo010Cr15Sis HEA [62] resulted in a total elongation of =12% and an yield strength of = 284
MPa. The observed elongation is related to the large number of deformation twins that appear during
tensile deformation, as previously shown by TEM [289]. The large number of parallel twins generated
during deformation can provide sufficient twinning interfaces in the high strain region (corresponding to
stages C and D, as it has been described after), thus increasing the resistance to plastic deformation,
and delaying the onset of necking. Similarly, TRIP, as a key deformation mechanism of the y-f.c.c. phase,
is primarily responsible for regulating the mechanical properties of the material through the associated
phase transformation. When the y-f.c.c. to ¢-h.c.p. phase transformation occurs, there is a
corresponding transformation strain which releases the stress concentration on the interface between
the two phases, thus delaying the appearance of cracks [296,297]. In addition, the activated pyramidal
< c+a>and < a > slip systems [145,298] and the c/a ratio change [146] in the ¢-h.c.p. phase should

also be responsible for the ductile behavior exhibited by the material.

Meanwhile, compared with the FesoMn30Co10Cri0 TRIP HEA [288], the yield strength is increased by
nearly 100 MPa in the alloy used in this work. However, the elongation is only one third of that of the

FesoMn30C010Cri0 counterpart. This is attributed to the fact that the metastability of the matrix y-f.c.c.
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phase in the Fes2Mn2sCo10Cr1sSis alloy is higher than that of FesoMn30Co010Cri0 HEA due to the addition
of Si. The SFE is significantly reduced, which in turn increases the transformation rate from the soft y-
f.c.c. matrix phase to the hard ¢-h.c.p. phase, thus increasing the yield strength of the material while
sacrificing its ductility. With the emergence of the TRIP and TWIP effects, more slip systems and
dislocations are activated and the interaction between dislocations provides a greater work-hardening
capacity for the macroscopic deformation of the material. In addition, the existence of numerous grains
and phase boundaries (as previously shown in Figure 6-1) impede and difficult dislocation movement
and enhance the strain accommodation capacity, thus justifying the high degree of work hardening in
this HEA.

Here, the material exhibits a higher sustained work-hardening behavior related to the higher
metastability of the y-f.c.c. matrix phase on one hand, and to the appearance of deformation twins on
the other hand [62,299,300]. The high metastability can promote the phase transformation of y-f.c.c. to
e-h.c.p., as well as the twinning of the ¢-h.c.p. phase during deformation, which are called TRIP and
TWIP effects, respectively. In addition to the fact that the e-h.c.p. phase is significantly harder than the
y-f.c.c. phase [24,62,279,294,295,301,302], the formation of plasticity-induced twinning of the ¢-h.c.p.
phase further helps to accommodate more strain, which has a significant effect on the work hardening.
In order to investigate the nature of the TRIP effect on the strain-hardening behavior, Nene et al. [275]
compared two HEAs with and without Si added (Fes0oMn20C020CrisSis and FessMn20C020Cr1s,
respectively). Their results showed that the addition of Si (which increases the instability of the matrix
y-f.c.c. phase) not only increased the yield strength and improved the ductility of the material, but also
improved the material work-hardening. At the same time, the TWIP effect produces deformation twins
that act as barriers to dislocation movement and, to some extent, provide the material with a continuous

work-hardening capacity.

Overall, the high strength, ductility and work-hardening behavior exhibited by the metastable
Fe42Mn28C010Cr15Sis HEA studied in this study is mainly attributed to the y-f.c.c. to ¢-h.c.p. phase
transformation and to deformation twinning initiated in the €-h.c.p. phase due to the large deformation
experienced, which is also observed in FeMns3oCo010CrioCos [279], FeaoMnipCo010Crio [196],
Alo3CoCrFeNi and Alo.7CoCrFeNi HEAs [303-305].

The strain-hardening rate curve (blue line) shows a different slope variation (unevenness) during
macroscopic deformation. This slope variation is attributed to the superiority of TRIP or TWIP dominated
deformation in the material over conventional dislocation plasticity [60,62,299,300,306—308]. In the case
of materials where the deformation mechanism is by dislocation slip only, the strain hardening rate
sharply drops after the onset of plastic deformation and remains almost constant with increasing strain
[309-311], while for TWIP/TRIP dominated deformation there are observable variations in the strain
hardening rate after the onset of plastic deformation. Thus, in other words, this change in slope during
tensile testing is associated with a shift from a dislocation-dominated to a multi-mechanism-dominated

deformation condition. Indeed, this multi-stage work-hardening behavior is common in low SFE alloys
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that exhibit secondary deformation mechanisms [62,275,285,286]. Based on the evolution of the
deformation mechanisms in the material during loading, the strain hardening rate is divided into four

stages, labelled with the letters A, B, C, and D, which has been discussed in detail in section 6.1.4.
6.1.3.3 Phase stress partitioning

To further investigate the influence of the constituent phases in the metastable Fes2Mn2sC010Cr1sSis
HEA on the continuous work-hardening behavior exhibited by the material, synchrotron X-ray was used
to trace in real-time the dynamic stress distribution between the two dominant constituent phases: y-
f.c.c. and e-h.c.p. The detailed procedure for the calculation was previously described in section
3.5.1.2.2 and the results are shown in Figure 6-4. The stress imparted by y-f.c.c. and ¢-h.c.p. phases
varies dynamically at different stages of deformation (as shown by the markings A, B, C and D in Figure
6-4). The solid blue curve is the true stress-strain curve of the HEA studied in this work; the dashed blue
line is the theoretical stress-strain curve of the material, which was calculated using the mixing law for
multiphase materials [312], using the phase volume fractions of the y-f.c.c. and ¢-h.c.p. phases obtained
at different loading steps. The black and red dashed lines are used as the representative stresses
imparted by y-f.c.c and ¢-h.c.p. phases due to the load partitioning, which was obtained from the (311)
and (1012) lattice planes of y-f.c.c. and e-h.c.p. phases, respectively, using the von Mises criterion. The
orange and green overlays refer to the range of stresses partitioned between the y-f.c.c. and ¢-h.c.p.
phases during loading process. The upper and lower limits for each phase correspond to the stiffest and
softest lattice planes, respectively, which were determined based on the elastic modulus of each lattice

plane analyzed.

In this work, for the y-f.c.c. phase structure, the Youngs modulus of the (111), (211) and (311) planes
follow the order Ei111 > Es11 > E211 (further information will be detailed in section 6.1.5 corresponding to
the lattice strain evolution). Thus, the upper and lower limits of the green area that make up the y-f.c.c.
phase stress range were calculated using the (111) and (211) y-f.c.c. planes, respectively. Similarly, for
the e-h.c.p. phases structure we have Eqo11) > E@o-12) > E10-13), which also coincides with observations
done in [146]. The upper and lower limits of the corresponding €-h.c.p. phase stress range (orange

region) were then calculated from the (1011) and (1013) e-h.c.p. planes, respectively.

Two key features are worth mentioning from the results depicted in Figure 6-4: i) the e-h.c.p. phase
bears significantly more stress than the y-f.c.c. phase, and ii) macroscopic yielding and phase yielding
do not coincide. In fact, macroscopic yielding of the alloy occurs at 287 MPa, whereas the y-f.c.c. phase
yields prematurely at 261 MPa, which contrasts to the 367 MPa for yielding of the €-h.c.p. phase. These
aspects will be detailed and clarified in the Discussion section. It should be noted that, unless otherwise

stated, all stress values detailed in the text correspond to true stress values.
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Figure 6-4. Stress partitioning between y-f.c.c. and €-h.c.p. phases as a function of applied strain in the as-cast
metastable Fes2Mn2sC010Cri1sSis HEA.

6.1.3.4 Volume fraction and transformation volume evolution

The results depicted in Figure 6-4 in combination with the qualitative evolution of the diffraction patterns
of Figure 6-2 a) suggest the importance of the phase change in the dynamic stress partitioning process.
To further explore the phase transformation and its kinetics, the real-time evolution of the y-f.c.c. (black
line) and e-h.c.p. (red line) phase fractions as well as associated transformation volume changes were

determined (refer to Figure 6-5 a) and b), respectively).
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Figure 6-5. Evolution of a) y-f.c.c. and e-h.c.p. phase volume fractions in the as-cast metastable

Fe42Mn28Co010Cr15Sis HEA, and b) evolution of the transformation volume.

Except for stage A, which corresponds to the macroscopic elastic deformation, it can be perceived that

transformation of y-f.c.c. to €-h.c.p. phase is occurring throughout the entire tensile test until failure.
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However, the conversation rate in each stage changes owing to the different predominant deformation
mechanisms. This will be further highlighted and detailed in the Discussion section. As for the evolution
of the transformation volume, an overall decrease is observed during tensile loading. Again, the
magnitude of the transformation volume change is dependent on the primary deformation mechanism

experience by the material as it will be evidenced.

6.1.3.5 Average microstrain, dislocation density, stacking faults probability and

stacking faults interspacing evolution

Figure 6-6 reproduces in detail the dynamic evolution of the average microstrain (o) and dislocation
density of the as-cast Fes2Mn28Co010Cr15Sis metastable HEA along the LD, TD, as obtained from full
azimuthal integration. Comparing the average microstrain obtained from the two principal directions
(refer to Figure 6-6 a and c)), it can be found that the average microstrain is only slightly larger along
LD than along TD, which suggests the homogeneity of the deformation in the material during the loading
process. Also, regardless of the orientation considered (LD, TD or full azimuthal), the average
microstrain of the €-h.c.p. phase starts to exceed that of the y-f.c.c. phase after the TWIP effect has
been triggered (stage C). Interestingly, the dislocation density of the y-f.c.c. phase in the analyzed
orientations is significantly larger than that in the €-h.c.p. phase, as shown in Figure 6-6 b), c) and f). It
is worth mentioning that the average microstrain (refer to Figure 6-6 €)) and the dislocation density (refer
to Figure 6-6 f)) obtained by full azimuthal integration can be treated as an average distribution over the
whole material. For this reason, focus is given on the average microstrain and dislocation density
obtained from full azimuthal integration to investigate the dynamic evolution of these in the cast

Fe42Mn2sC010Cr15Sis metastable HEA during the loading process.

The dynamic evolution of both the average strain and dislocation density obtained from the full azimuthal
integrations for both y-f.c.c. to e-h.c.p. phases during tensile deformation are detailed in Figure 6-6 e
and f), respectively. As can be seen from Figure 6-6 €), the average microstrain in both the y-f.c.c. and
e-h.c.p. phases (red and black dotted lines, respectively) in the metastable Fes2Mn2sC010Cri15Sis HEA
increases with the increasing tensile stress. The higher the average lattice strain, the more plastic
deformation is imparted by each phase. As-cast Al-containing and Cu-containing HEAs
(Fe3aMn20C020Cr15SisAlr and  FesssMn20C020Cr15SisCuis) experienced a similar phenomenon of
increase of the average lattice strain with deformation [105]. Overall, a similarity can be perceived in the
evolution profile of the average lattice strain between the two phases, although the change in magnitude
for each phase is different. An interesting finding is the difference in the average lattice strain evolution
between the two phases: the average lattice strain in the “hard” €-h.c.p. phase starts to exceed that of
the “soft” y-f.c.c. phase from stage C. This is related to the activation of non-basal plane < c + a > slip
and deformation twinning modes in the e-h.c.p. phase, both of which are essential for strain

accommodation in the material [105,313,314].
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From Figure 6-6 f), it can be found that the dislocation density evolution in the y-f.c.c. and €-h.c.p. phases
during the tensile process is also dependent on the deformation mechanism (stages A to D) experienced
by the material. The dislocation density shows an increasing trend with increasing tensile loading in both
the y-f.c.c. and ¢-h.c.p. phases, which is similar with the results of the dislocation density evolution
measured in a friction stir processed FesMn20Co020CrisSisAli HEA [105]. Moreover, the dislocation
density in the y-f.c.c. phase is always above that in the ¢-h.c.p. phase. This is fundamental for the TRIP
effect to be activated and proceed during continuous material deformation and will be further detailed in

the Discussion section.
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Figure 6-6. a), ¢) and e) Evolution of the average microstrain, €o, as a function of true engineering strain along LD,
TD, and full azimuthal integration, respectively; b), d) and e) dislocation density as a function of engineering strain
along LD, TD, and full azimuthal integration, respectively.

The introduction of nanoscale stacking faults provide a barrier to dislocation movement and increase

the strength of the material without sacrificing plasticity, thus making stacking faults highly attractive for

improving the mechanical properties of the metastable HEA. Therefore, to further investigate the
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dynamic evolution response of staking faults during tensile deformation, the contribution of these
microstructural features to the material work-hardening behavior and the origin of macroscopic strength
and ductility needs to be properly understood. Figure 6-7 reproduces the evolution of the stacking faults
interspacing, Lst, and stacking faults probability, Pst, the latter being a measure of deformation faulting
which is defined as the probability of finding a deformation fault between any two layers in the y-f.c.c.

stacking sequence, with tensile strain.
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Figure 6-7. Evolution of stacking faults probability, Psf, and stacking faults interspacing, Lsf.

The strengthening contributions arising from dislocations in both phases as well as due to the stacking
faults in the y-f.c.c. phase were calculated as detailed in section 6.1.3.9 and these results are detailed

in section 6.1.4.2.
6.1.3.6 Intensity evolution

Gharghouri et al. [315] reported that in-situ neutron diffraction can be used to study the propagation of
deformation twinning, by tracing the characteristic intensity variations of certain (hkl) diffraction
reflections corresponding to the "parent grains” (i.e., grains undergoing deformation twinning) and the
"twinned" (i.e., twinned parent grains) crystal families. Synchrotron X-ray diffraction can be used for the

same purpose, and this was used to further investigate the deformation mechanisms within the -h.c.p.
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phase of the as-cast Fes2Mn2sC010Cr1sSis HEA. Specifically, the variation in the diffracted intensity of
certain g-h.c.p. planes along the longitudinal and traverse directions, LD and TD, during tensile loading
was used to demonstrate the onset of TWIP as well as the evolution and transition of single-twinning

(by tensile twinning) to multi-twinning (with the onset of compression twinning).

In terms of the microscopic mechanisms of twinning, three factors affect the type of twinning in the ¢-
h.c.p. phase, i) c/a ratio, ii) type of loading, and iii) crystal orientation [316]. The c/a ratio must be below
the ideal value of 1.633 for twinning to occur. The type of loading is related to the imposition of tensile
or compression, or in more complex cases, with multiaxial loadings. Evaluation of different crystal
orientations enables to determine if the twinning deformation is tensile or compressive in nature. In fact,
the (1012) plane can be used to evaluate the onset of tensile twinning, while (1013) and (1011) planes
can be used to record compression twinning. €-h.c.p. grains are difficult to compress along the c-axis,
thus the orientation of the c-axis with respect to the LD determines the type of twinning, which is
activated within a single family of grains, especially the type of twinning modes, i.e., tensile, or

compressive, and its range.

Here, we use synchrotron X-ray diffraction to reveal the onset and range of TWIP in the metastable
Fe42Mn28C010Cr15Sis HEAs by quantitatively analyzing the diffraction intensity evolution of several
differently oriented ¢-h.c.p. grains. Figure 6-8 a), c), €) and g) depict the normalized diffracted intensities
of the (1011), (1012) and (1013) e-h.c.p. planes along the LD and TD during tensile loading as a function
of the true stress. Figure 6-8 b), d), f) and h) show the above-mentioned diffraction intensities of the
same ¢-h.c.p. grains as a function of true tensile strain along the LD and TD during tensile deformation.
Note that the initial value of the normalized diffracted intensity, lo, corresponds to the peak intensity of
the analyzed with no load imposed. It is clear that within stages A and B there are no evident changes,
in opposition to what occurs in stages C and D. As it will be shown in section 6.1.4.2.3, this is related to

the activation of tensile and compression twinning.
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Figure 6-8. Normalized diffraction intensity evolution of the different ¢-h.c.p. planes along LD and TD as a function
of, a) true stress, and b) true strain.
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6.1.3.7 Lattice strain evolution

Evaluating the lattice strain evolution along different directions during macroscopic loading can provide
insights into the micromechanical behavior and load-dependent response of the phases that constitute
the metastable Fes2Mn2sCo010Cr15Sis HEA. Moreover, the (hkl)-dependent behavior can provide
information on the load partitioning between different lattice planes and how this is affected by both
TWIP and TRIP effects. Figure 6-9 a) and b) depict the evolution of lattice strain as a function of true
stress (refer to Figure 6-9 a)) and true strain (refer to Figure 6-9 b)) for the (111), (200) and (311) y-f.c.c.
planes along the LD and TD. Similarly, Figure 6-9 c) and d) display the mechanical response of the
(1010), (1011), (1012) and (1013) e-h.c.p. planes along the LD and TD in relation to the true stress (refer
to Figure 6-9 c)) and the true strain (refer to Figure 6-9 d)). The lattice strain evolution in each plane was
divided into the same A, B, C, and D stages which mark different predominant deformation modes

experienced by the material, as described in detail in section 6.1.4.2.2.

For both phases a positive lattice strain developed along LD and a negative lattice strain developed
along TD, the latter being due to the Poisson effect. It is also observed that the soft planes for the y-
f.c.c. and e-h.c.p. phases are the (200) and (1010), respectively, while the stiffest are the (111) and the
(1013). Moreover, it can be observed that the lattice strain evolution experiences significant changes
when transitioning from one stage to another in both phases. This is related to deformation slip, TRIP
and/or TWIP being the main deformation mechanisms occurring at a given loading step, as it will be

discussed in section 6.1.4.2.2.
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Figure 6-9. Lattice strain evolution along the LD and TD as a function of applied true stress (a, ¢) and true strain
(b, d) for y-f.c.c. (a, b) and e-h.c.p. phases (c, d).

6.1.3.8 c/aratio evolution

To explore the various deformation modes in the e¢-h.c.p. phase of the currently studied
Fea2Mn2sC010Cr15Sis metastable HEA, the changes in the e-h.c.p. phase lattice parameters, ae-hcp. and
Ce-hep., during the tensile deformation are shown in Figure 6-10 a). Figure 6-10 b) provides details on
the variation of the e-h.c.p. c/a ratio with increasing applied tensile loading. During tensile deformation
at room temperature and a fixed strain rate, the decrease in the e-h.c.p. c/a ratio with applied tensile
loading is attributed to lattice expansion along the a-axis and compression along the c-axis. This is
reflected in the lattice constants evolution, where the ¢-h.c.p. phase lattice parameter a and ¢ tend to
increase (from 2.525 A to 2.533 A) and decrease (from 4.104 A to 4.078 A), respectively, as shown in
Figure 6-10 a). Frank et al. [146] performed in-situ neutron diffraction analysis of a Fe4oMn20Cr15C020Sis
HEA under tensile deformation, and found that the ¢-h.c.p. c/a ratio decreased from 1.619 to 1.588 with
increasing strain, reporting that this decrease was due to the activation of the non-basal pyramidal < c
+ a > slip system and to deformation twinning that can accommodate strain along the c-axis at larger

strain levels. The processing and deformation dependence of the ¢-h.c.p. c/a ratio in TRIP HEAs was
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also observed in our metastable Fes2Mn2sC010Cr1sSis HEA, where a reduction in the €-h.c.p. c/a ratio
from 1.625 to 1.609 was observed (refer to Figure 6-10 b). Depending on the c/a ratio, the €-h.c.p. phase
can deform not only via basal slip, but also on a number of non-basal slip carriers, which will help to
accommodate more strain, and also enable to overcome the strength-ductility paradigm. This is
completely different from most conventional €-h.c.p. structural alloys such as Mg, where their €-h.c.p.
phase c/a ratio remains almost constant during deformation, and thus only pure basal < a > slip occurs

[128,317], which is one of the reasons why these alloys are prone to possess lower plasticity.

Bu et al. [145] revealed that there were three types of slip planes in a FesoMnz0Co10Cri0 HEA during
tensile deformation using in-situ TEM tensile experiments. These included basal < a > slip, prismatic <
¢ > slip and pyramidal < ¢ + a > slip. Sinha et al. [105] studied the ¢-h.c.p. c/a ratios by comparing five
HEASs, (FesMn2sC010Cri15Si3, Fes2Mn28C010Cr1sSis, Fe4oMn20C020Cr1sSis, FezasMn20Co20CrisSisAlr and
FesssMn20C020Cr1sSisCuis), showing that the influence of the e-h.c.p. c/a ratio is attributed to a
combination of chemistry, responsive phase evolution, elastoplastic deformation characteristics and
transformation volume change.
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Figure 6-10. a) Evolution of a and c lattice parameters in the €-h.c.p. phase as a function of true strain, and b)
deformation induced decrease in the c/a ratio of the €-h.c.p. phase in the metastable Fes2Mn28C010Cr15Sis HEA.

Figure 6-11 shows the evolution of the lattice parameter a of the y-f.c.c. phase during tensile loading.

These data were mainly used to calculate the volume transition generated by the phase transformation
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of y-f.c.c. to €-h.c.p. phase, whose results are shown in Figure 6-5 b). The evolution of the y-f.c.c. lattice
shows varying degrees of growth with increased tensile loading. It is within stage C, where the phase
transformation rate is the highest (refer to Figure 6-5 a)), that there is a more pronounced increase. The

different trends within each deformation stage will be detailed in the Discussion section 6.2.3.4.
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Figure 6-11. Evolution of lattice parameter a of the y-f.c.c. phase with the true strain in the metastable
Fe42Mn2sCo10Cr15Sis HEA.

6.1.3.9 Strengthening contributions

In Figure 6-12, the black, red, and blue dotted lines represent the dislocation strengthening of the ¢-
h.c.p. (cehcp. bis) and y-f.c.c. (oy-icc pis) phases, as well as the stacking faults strengthening of the y-
f.c.c. phase (Oytcc. sF), respectively. The dashed and solid orange lines detail the calculated
strengthening contribution (ccac) and the macroscopic tensile stress-strain response (omacro),
respectively. It should be mentioned that the orange dashed line is the linear summation of all the
strengthening contributions. Moreover, the difference between Gmacro and Ocarc, is defined here as Oexra
which represents the strengthening contributions arising from, i) solid solution strengthening, ii)

precipitation strengthening due to the presence of o phase, and iii) the Hall-Petch strengthening
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resulting from changes in the interface spacing. These contributions are not quantified as these are

expected to remain constant during tensile deformation of the metastable HEA.

Since the dislocation density in both y-f.c.c. and ¢-h.c.p. phases, and the amount of stacking faults in
the y-f.c.c. phase vary significantly during deformation (refer to Figure 6-6 b and Figure 6-7 b), it is
possible to define the calculated stress, ocar, in the currently studied Fes2Mn2sCo010Cr15Sis HEA as

follows,

Ocalc = Oy—fcc DIS T Oe—hcp. DIS T Oy—fcc. SEr (6-1)

where cy-f.c.c. pis and oencp. Dis are the strengthening contributions in both the y-f.c.c. and e-h.c.p. due to
dislocations, while oy-c.c. sF is the contribution of the stacking faults generated in the y-f.c.c. phase. The
difference between the macroscopic stress imparted by the alloy, omacro, and ccaic is defined by Oexra as
detailed in Equation (6-2) and encompasses the other strengthening contributions that are kept constant

during tensile loading of the alloy,

Ogxtra = OMacro — Ocalc- (6'2)

Overall, the evolution of the three major strengthening contributions (cy-.c.c. pis, Ge-h.cp. bis and Oy-f.c.c. SF)
that change during loading exhibit all a continuous increase with increasing deformation. However,
depending on the deformation mechanism that is predominant at a given time (stages A to D) will modify
the magnitude of each strengthening contribution. These aspects will be further detailed in section
6.1.4.2. In terms of the magnitude of the strengthening contribution, the dislocation strengthening
contribution of the y-f.c.c. phase is the highest. The strengthening effect induced by dislocations and

stacking faults within the €-h.c.p. phase are of similar magnitude with one another.
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Figure 6-12. Evolution of the strengthening contributions of y-f.c.c. and ¢-h.c.p. phases as a function of true strain.

6.1.3.10 Fracture surface analysis

Fractography was performed on the as-cast Fe42Mn2sC010Cr1sSis HEA to evaluate the fracture surface

morphology, which is shown Figure 6-13. The overview image in Figure 6-13 a) details both ductile and

brittle features, although the former predominated. Figure 6-13 b) details a ductile-like fracture

morphology with high density of dimples corroborating the good degree of plastic deformation that the

alloy was able to sustain. In opposition Figure 6-13 c) details a cleavage-like fracture morphology

indicative of brittle failure in this region.

191



!

SU3800 25.0kV 7.2mm L-x200 SE 400pm

ISU3800 25.0kV 7 1mm-L-x1.00k SE i SU3800 25.0kV 7.3mm L-x850 SE

Figure 6-13. Fracture surface of the metastable Fes2Mn2sC010Cr15Sis HEA: a): an overview of fracture surface of
welded joint; b) and c) close-up detailing the ductile and brittle characteristics.

6.1.4 Discussion

Leveraged on the results and descriptions presented in the previous section, we now focus on detailing
and discussing the microstructure evolution of the metastable Fes2Mn28C010Cr15Sis HEA. A full section
is devoted to the analysis of the four deformation stages (A to D) to clearly highlight the predominant

deformation mechanism during each loading step.
6.1.4.1 Microstructure characterization and phase identification

As observed in Figure 6-1, the y-f.c.c. grains are divided by laths of €-h.c.p. in various directions. Further
observation of the microstructural features presented in Figure 6-1, show that these lath morphologies
are limited to a single grain and no cross-over to other grains occurs. This will generate y-f.c.c. / e-h.c.p.
boundaries (shown by black arrows), which combined with the y-f.c.c. / y-f.c.c. grain boundaries (shown
by pink arrows) and ¢-h.c.p. / €-h.c.p. boundaries (pointed by yellow arrows) can improve the material
work-hardening by pilling up of dislocations and staking faults. The ¢-h.c.p. / €-h.c.p. boundaries are
formed by pairs of ¢-h.c.p. laths that intersect each other. Moreover, some of the €-h.c.p. laths do not
fully cross a y-f.c.c. single grain where they originate from, as shown by the purple arrow, indicating that

incomplete growth of certain laths occurred.
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The coexistence of multiple boundaries in the microstructure of the metastable Fes2Mn28C010Crissis alloy
is observed prior and after tensile loading. To the thermally stable €-h.c.p. phase that exists in the
material prior to loading (refer to Figure 6-1 a)), it is observed the massive formation of strain-induced
e-h.c.p. phase due to TRIP, which generated significantly more interfaces during tensile loading (refer
to Figure 6-1 b)). Concomitant with the larger amount of €-h.c.p. phase being formed due to TRIP, there
is also a dramatic decrease in the lath spacing, which is also aided by TWIP [24,64,279,295,318].

Further observation from the superimposed diffraction spectra in Figure 6-2 a), details that no new
phases other than the y-f.c.c., €-h.c.p. and o phases are formed upon loading until fracture. The y-f.c.c.
and e-h.c.p. phases are the dominant structures, with a volume fraction prior to loading of 71% and 28%,
respectively, which is consistent with the phase constitution measured via EBSD by Nene et al. [62] and
with X-ray diffraction by Sittiho et al. [289]. In HEAs of the Fe-Mn-Co-Cr system, the addition of Si and
Crincreases the tendency for o phase to precipitate [275,319]. Nene et al. detected the presence of Fe-
and Cr-rich o with a tetragonal structure in a rolled Fes2Mn2sC010Cr15Sis HEA [291], which is consistent

with the current phase identification.

The phase fraction measured at the end of the tensile loading (refer to Table 6-2) revealed a significant
increase of e-h.c.p. (up to 82 %) at the expense of y-f.c.c. (decreasing to 17 %), which is indicative of
the TRIP effect and in good agreement with the qualitative evaluation of the superimposed diffraction
data of Figure 6-2 and OM analysis of Figure 6-1. The dynamic evolution of the phase fraction during

tensile loading will be discussed in section 6.1.4.2.2.
6.1.4.2 Deformation mechanisms

Based on the changes of the deformation mechanisms in the as-cast Fe42Mn2sC010Cri15Sis HEA during
tensile loading it is possible to identify four distinct deformation regimes. These were marked by the
letters A (€ < 1.0%), B (1.0% < € < 3.0%), C (3.0% < € < 7.7%) and D (¢ > 7.7 %), matching to the various
trigger stress points for the onset of distinct deformation mechanisms. The trigger stress points for each
stage are 0, 287, 407 and 557 MPa, for stages A to D, respectively, and in each the following deformation
mechanisms are active, stage A) elastic deformation and dislocation slip in the y-f.c.c. phase, stage B)
dislocation slip + TRIP, stage C) dislocation slip + TRIP + TWIP (single twinning mode), and stage D)
dislocation slip + TRIP + TWIP (multiple twinning modes). A detailed discussion for each stage is

presented next.

6.1.4.2.1 Stage A — macroscopic elastic deformation

Stage A, corresponding to low strain regime in Figure 6-3 (¢ < 1.0 %), encompasses the macroscopic
elastic deformation of the material. During stage A, there is almost no divergence in the load distribution
of the main constituent phases of the Fes2Mn2sC010Cr15Sis HEA, as shown in Figure 6-4. The stress
imparted by both y-f.c.c. and e-h.c.p. phases grow linearly with increasing load. A closer look shows that

the y-f.c.c. phase structure yields first at about 261 MPa (lower than the macroscopic material yield point
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284 MPa), while the e-h.c.p. phase showed no signs of yielding at stage A. One thing that is important
to note is that the yielding stresses of different lattice planes will necessarily vary, as it will be discussed
in detail in section 6.1.3.7. Here, we are only analyzing the phase-dependent macroscopic response,
as shown by the red and black dotted lines of Figure 6-4. Therefore, when there is macroscopic evidence
of material yielding, the y-f.c.c. phase has already yielded, while the ¢-h.c.p. phase is still in the elastic
deformation stage, and part of the load begins to be transferred from the soft y-f.c.c. phase to the hard
e-h.c.p. phase. 284 MPa not only corresponds to the macroscopic yield point of the HEA, but also marks
the onset for the y-f.c.c. = ¢-h.c.p. phase transformation (refer to Figure 6-5), which will be analyzed in
the next section. This changes the stress-strain response of the material, which are consistent with the
basic features of the TRIP deformation mechanism [320], promotes significant stress redistribution after
the yield point. Therefore, besides the soft and hard behaviors of the y-f.c.c and e-h.c.p. phases, which
influence the stress partitioning, the formation of the plastically-induced ¢-h.c.p. phase from the
metastable y-f.c.c. also requires continuous stress increase to promote plastic deformation and continue
the TRIP effect, thus ensuring intergranular and interphase stress coordination in the microstructure

[321,322], which is also the reason why the ¢-h.c.p. phase can maintain continuous hardening [323].

Stage A is dominated by perfect dislocation slip due to the y-f.c.c. phase premature yielding. In fact, as
it was shown in section 6.1.3.5, resulting for the early yielding of the y-f.c.c. phase in stage A, there is a
concomitant increase in the dislocation density (from 7.3x10%3 to 3.7 x 10* m-2). On the other hand,
since the g-h.c.p. phase is only elastically deformed (its yielding occurs at 287 MPa), there is no change
in the dislocation density of this phase (which is kept at 3.8x1013 m-2). The increase in dislocation density
in the y-f.c.c. phase can help in the nucleation of the ¢-h.c.p. phase upon the imposition of macroscopic
plastic deformation [324,325]. This stage is also controlled by the evolution of dislocation density without
formation of twins. In fact, dislocation entanglement and twinning do not occur, but perfect dislocation

slip and overlapping stacking faults often appear [326].

In stage A, the stacking faults probability increases from ~ 0.17 to = 0.52% during macroscopic elastic
deformation and a significant reduction in the stacking faults interspace was determined. As the strain
increases, the Lst decreases sharply from = 1199 to =~ 411 nm, which in combination with the increase
in stacking faults probability serves to demonstrate that stacking faults are being formed during
macroscopic elastic deformation of the material. More importantly, the presence of stacking faults and
the reduction in their interspacing can reduce the free path for dislocation movement. Therefore, the
increase of stacking faults probability and decrease of stacking faults interspacing will facilitate the
effective accumulation of dislocations in the y-f.c.c. phase [309,327] leading to an increase in the
dislocation density within the macroscopic elastic regime, which will eventually facilitate the TRIP effect.
Thus, it can be stated that stage A is mainly controlled by the perfect dislocation slip of the y-f.c.c. phase,
as well as overlapping of stacking faults without occurrence of twinning [326] The fact that TRIP does

not occur upon vyielding of the macroscopic material is related to the need for the accumulation of
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stacking faults during stage A, which will act as nuclei for the strain-induced transformation that will take

place in stage B.

The onset for macroscopic plastic deformation and entry in stage B is the trigger point for the TRIP effect
to occur. Prior to that, the transformation of f.c.c. and ¢-h.c.p. does not occur, as also evidenced by the
constant volume fraction of both phases in this stage (refer to Figure 6-5 a). The phase transformation
kinetics of y-f.c.c. to €-h.c.p. is mainly determined by the applied stress and by the existence (or not) of
plastic deformation. Moreover, it is well known that the nucleation and growth of the €-h.c.p. phase is

accomplished by a large number of stacking faults [328,329].

In the Fe42Mn2sC010Cr15Sis HEA, the y-f.c.c. phase acts as the soft phase regulating the ductility of the
material. Considering the average microstrain evolution of both phases (refer to Figure 6-6 €), it can be
observed that deformation is primarily accommodated by the y-f.c.c. phase, with a negligible change in
the g-h.c.p. phase which can be justified by the soft and hard nature of both phases, respectively. Before
effective load transfer to the hard e-h.c.p. phase occurs, the deformation is primarily being

accommodated by the y-f.c.c. phase, promoting the formation of stacking faults and dislocations.

The normalized diffraction intensity of the €-h.c.p. phase along both the LD and TD in stage A details no
changes for the selected diffraction planes (refer to Figure 6-8), which is related to the pure elastic
deformation and perfect dislocation slip of this phase in stage A. The non-splitting of diffracted intensity
in both the TD and LD reveals that no twinning of the €-h.c.p. grains occurs in the stage A. These findings
provide a basis for exploring the slip mechanisms of the €-h.c.p. phase based on the c/a ratio which is

discussed next.

The ¢-h.c.p. c/a ratio is almost practically constant (1.625 vs 1.624) in stage A as seen in Figure 6-10.
It is well known that the €-h.c.p. c/a ratio is closely related to the slip system [330]. When the ¢-h.c.p. c/a
ratio is greater than the ideal value of 1.633, mainly basal < a > slip is the dominant in plastic deformation
mechanism. In contrast, when the c/a ratio is lower than the ideal value of 1.633, the probability for the
non-basal pyramidal < ¢ + a > slip being dominant is higher. Moreover, c/a ratios below the ideal value
also aids in the development of twinning as a deformation mechanism. Throughout this stage, although
the e-h.c.p. phase c/a ratio is lower than ideal value, the basal < a > slip and non-basal pyramidal < ¢ +
a > slip have not been activated at this stage. Such is related to the pure elastic deformation experienced
by the ¢-h.c.p. in stage A and explains the low increase in the average microstrain, as well as the

constant dislocation density (see Figure 6-6).

Based on the above analysis, during the macroscopic elastic loading, the main deformation mechanism
is dislocation slip which occurs in the y-f.c.c. phase that yields prematurely at 261 MPa. The ¢-h.c.p.
phase remains elastically deformed, leading to the differences in the evolution of the average microstrain

and dislocation density among both phases.
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6.1.4.2.2 Stage B — onset of TRIP

When the material enters stage B (1.0% < € < 3.0%) the deformation mechanism is dominated by the
TRIP effect, i.e., the phase transition from y-f.c.c. to the €-h.c.p. takes place, as it can be evidenced by
the evolution of the phase volume fraction in Figure 6-5 a). It is well known that TRIP is the main
deformation mechanism regulator in the y-f.c.c. phase, aside from dislocation slip [60,62,279,314]. In
this study, the trigger point for the onset of TRIP corresponds to the macroscopic yield strength of 287
MPa. There is a significant decrease in the rate of decline of the strain hardening rate during this stage
(refer to Figure 6-3). The ups and downs of the strain-hardening curve in stage B can be explained by
two concurring effects: the transformation of y-f.c.c. to €-h.c.p. and the nucleation of twins, which will
trigger TWIP in stage C. This nucleation of twins is expected to occur mainly at the plateau regions of
stage B [331].

Throughout stage B, the phase stress partitioning evolution in the y-f.c.c. phase has a small increase in
its hardening rate after yielding, as shown in Figure 6-4, which is mainly attributed to the phase
transformation that introduces new phase boundaries in the y-f.c.c. matrix, thereby reducing the mean
free path for dislocation movement. This results in a sharp increase in dislocation density at this stage
as shown in Figure 6-6 f), increasing the storage capacity of dislocations and hence the hardening
behavior. The g-h.c.p. phase exhibits a more significant work-hardening behavior than the y-f.c.c., thus
having a greater impact on the macroscopic work-hardening behavior exhibited by the studied
metastable HEA. As it can be seen, the macroscopic work-hardening behavior exhibited by the material

in stage B (blue curve) is mainly attributed to TRIP effect and dislocation slip (refer to Figure 6-4).

Upon the onset of TRIP and within stage B, the y-f.c.c. phase volume fraction decreased from 71 to
62%, while the e-h.c.p. increased by the corresponding amount. The lower SFE of the metastable
Fe42Mn2sC010Cr15Sis HEA facilitates the occurrence of partial dislocations and phase transformation
rather than conventional deformation by dislocation slip [62]. The onset for TRIP occurs slightly after
yielding of y-f.c.c. phase (281 vs 261 MPa, respectively). This suggests that an excess driving force (in
the form of plastic deformation) is necessary for the metastability of the y-f.c.c. to allow the formation of
new ¢-h.c.p. phase. This extra driving force also arises from the stacking faults that are accumulated
still during macroscopic plastic deformation as shown in Figure 6-7.

The stacking faults probability, Psf, shows a sudden increase (from 0.52 to 4.36%) during stage B. The
physical meaning of a stacking fault probability of 4.36% implies the existence of 43.6 stacking faults
among 1000 layers on average in the (111) planes [332]. This abrupt increase in the P« is related to the
transformation from y-f.c.c. to €-h.c.p. which requires a significant increase in stacking faults, as these
act as nucleation sites for the new ¢-h.c.p. phase to form. The stacking faults that are continuously
being generated provide an additional support for the continuous nucleation of €-h.c.p. phase [291,333].
This suggests that the plastic deformation of the as-cast Fes2Mn28C010Cri5Sis HEA during tensile

deformation is mainly regulated by the Shockley partial dislocations, producing large amounts of
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stacking faults [128]. Compared to NiCoCr [334], FeCoNiCr [335] and Fe20C03z0Ni10Cr20Mnzo alloys [138],
the metastable Fes2Mn2sC010Cr15Sis HEA under study has an increased stacking faults probability rate,
which is attributed to its lower SFE [336]. In other words, the smaller the SFE, the greater the possibility
for stacking faults to form. Accordingly, the rate of decline of the stacking faults interspacing, Lst, in stage
B becomes relatively lower compared to stage A (refer to Figure 6-7). Frank et al. [337] pointed out that
this reduction in Lst is related to the onset of the phase transition. The continued and significant decrease
of Lst in both stages A and B, contrasts with the sudden increase in the dislocation density of the y-f.c.c.
phase indicating that the smaller Lsf promotes dislocation accumulation in this phase, which ultimately

contributes to an increase in the material strength.

From a crystallographic aspect, the y-f.c.c. to €-h.c.p. transformation is accomplished by Shockley partial
shear a/6 <1 1 2> of every {111} lattice plane in the matrix y-f.c.c. phase [296,338,339]. In other words,
the stacking faults in the y-f.c.c. phase are formed by the gliding of the Shockley partials of the 1/6 <1 1
2> Burgers vector [176,177]. Evidently, the core of ¢-h.c.p. formation is stacking faults, but this is
controlled by the movement of the Shockley partial dislocations [342]. In this work, when the applied
stress reaches 287 MPa (macroscopic yield point), the shear stress required for inducing partial
dislocation motion is reached, which triggers the onset of TRIP. When the applied strain increases from
2 to 3.0 %, the phase transformation rate starts to decrease, which is related to the nucleation of tensile

twins in the e-h.c.p. grains which will then promote the TWIP effect in stage C.

Although the y-f.c.c. has already yielded and undergoes phase transformation in stage B, its phase
volume fraction is still dominant (as shown in Figure 6-5 a). As for the g-h.c.p. phase, it starts to be
plastically deformed in stage B. In fact, yielding of this phase occurs at the same stress level as the
material yielding and above the yielding of the y-f.c.c. phase (287 vs 261 MPa, respectively). Based on
the volume fractions of the y-f.c.c. and €-h.c.p. phases at this stage and on the evolution of the average
microstrain, it is evident that the y-f.c.c. phase continues to act as the soft phase regulating the plastic

deformation of the material.

During stage B, the dislocation density of both phases is drastically modified. The dislocation density in
the y-f.c.c. phase increases significantly from 3.7 x 10 to 1.61 x 10> m-2, which is almost four times
higher than the increase in dislocation density in the €-h.c.p. phase from 4.9 x 102 to 3.94 x 104 m=,
Moreover, the variation in the dislocation density of the ¢-h.c.p., which did not occur in stage A, further

confirms that plastic deformation of this phase started to occur.

The sustained transformation of y-f.c.c. to e-h.c.p. requires large amounts of stacking faults, which
makes the dislocation activity in the y-f.c.c. phase to become even more important. As mentioned above,
dislocations will encounter stacking faults, which are additional pinning sites to block dislocation motion.
Meanwhile, the large number of phase boundaries created by the phase transformation further adds
additional barriers to dislocation slip. This also justifies the increased accumulation of dislocations in the

y-f.c.c. phase. In addition to this, the premature yielding of the y-f.c.c. phase will cause further
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deformation imparted by this phase leading to the accumulation of more dislocations [204]. The average
microstrain evolution of the f.c.c. phase (refer to Figure 6-6 €)) also corroborates this: the average
microstrain is higher in the y-f.c.c. phase than in -h.c.p. phase, which as a product of plastic deformation
correlates well with the higher dislocation density exhibited by the y-f.c.c. phase, thus justifying the

remarkable growth in the dislocation density of this phase in stage B.

Sinha et al. have proposed that the e-h.c.p. phase dislocation density is a function of the €-h.c.p. phase
fraction and the c/a ratio [105]. In our work, the increase in the volume fraction of the ¢-h.c.p. phase due
to the phase transformation was shown in Figure 6-5, which can be used to explain the increase in the
e-h.c.p. phase dislocation density in stage B. Furthermore, considering that the pre-existing thermally
induced ¢-h.c.p. phase was not yet plastically deformed until a stress of 287 MPa is reached, the
increase in €-h.c.p. phase dislocation arises from both plastic deformation of the thermally induced ¢-
h.c.p. as well as that being formed due to the TRIP effect. In fact, it is differences in the dislocation
densities of the thermally stable and strain-induced ¢-h.c.p. phase [343]. However, with synchrotron X-
ray diffraction, it is only possible to get an overall quantification of the dislocation density in this phase
without considering its nature (thermal- vs strain-induced).

The predominant deformation mechanisms in stage B can be further elucidated based on the variation
of the diffracted intensity of the selected e-h.c.p. planes in both the TD and LD (refer to Figure 6-8).
From the above analysis, it was shown that the €-h.c.p. phase starts to be plastically deformed during
stage B. However, no splitting on the diffracted intensity along LD and TD is expected, and this is
demonstrated in Figure 6-8. Splitting of the diffracted intensity would mean that twinning was occurring.
Thus, the fact that deformation twinning was not yet activated indicates that the €-h.c.p. phase starts to
be dominated by the basal <a> slip, instead of the non-basal pyramidal < ¢ + a > slip, although the c/a

ratio of the €-h.c.p. phase is below the ideal value and shows signs of slow decrease.

To be more specific, the material began to yield upon entering in stage B and a slow decrease in the
c/a ratio from 1.624 to 1.621 occurs. In this stage, the €-h.c.p. phase begins to deform plastically under
a stress of 287 MPa. By default, the ¢-h.c.p. c/a ratio should continue to follow the same trend of the
previous stage, but as the y-f.c.c. phase yields the transformation to €-h.c.p. phase is induced while
plastic deformation of €-h.c.p. phase also occurs. Therefore, a change in the c/a ratio starts to occur in
order to accommodate the volume change variation resulting from the phase transformation (refer to
Figure 6-5 b), and lattice distortion induced by plastic deformation of both phases. However, as the
phase fraction transformation is only of 9 % (see Figure 6-5 a), the resulting volume fraction
transformation is also small (see Figure 6-5 b), leading to only a minor decrease in the c/a ratio of the
e-h.c.p. phase. Thus, combining the analysis of the intensity evolution in €-h.c.p. phase during the
deformation of stage B, it can be concluded that basal < a > is the dominant slip mechanism for this

phase.
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In summary, during stage B two main deformation mechanisms are present: TRIP and dislocation slip.
While the y-f.c.c. phase experiences both dislocation slip and TRIP, the ¢-h.c.p. phase only experiences

basal < a > slip.

6.1.4.2.3 Stage C — onset of tensile twinning

In stage B, with the onset of TRIP there was also the nucleation of twins. Stage C (3.0% < € < 7.7%)
marks the onset of twinning in the ¢-h.c.p. grains, while the y-f.c.c. to e-h.c.p. transformation is also
occurring. Thus, the main deformation mechanisms at this stage are TRIP and TWIP, in addition to
deformation slip, enabling for more plastic deformation of the material. In this region, the strain hardening
rate curve exhibits a wave-like shape, which is attributed to the activation of tensile twinning and
nucleation of compression twins, with the latter being a preceding step for the activation of a secondary
twinning system. The valleys, which appear on the strain hardening rate curve, imply a reduction in the
rate of incipient twin formation [326], as well as the nucleation of compression twins which will be
described in section 6.1.4.2.4.

The stress partitioning evolution in stage C, where both y-f.c.c. and ¢-h.c.p. phases have already
undergone large plastic deformation, shows more marked differences than in stage B. The phase
transformation rate from the y-f.c.c. matrix to €-h.c.p. is further accelerated in this stage (refer to Figure
6-5 a)), causing the stacking faults interspacing Lst to further decrease with increasing stress (as shown
in Figure 6-7). Moreover, the dislocation build-up necessary for the TRIP effect to be manifested also
results in a persistent small-amplitude strain hardening in the y-f.c.c. matrix phase. However, the
deformation- and thermally-induced ¢-h.c.p. phase carry almost 1.5 times more stress than the y-f.c.c.
phase, which is attributed to the load transfer to the harder €-h.c.p. and to the activation of tensile

twinning.

The continued change in the volume fraction transformation from y-f.c.c. to €-h.c.p. proves that the TRIP
deformation mechanism is still progressing. Moreover, the phase transformation rate continues to
increase slightly compared to stage B. This is attributed to a combination of multiple deformation
mechanisms: tensile twinning triggered in the ¢-h.c.p. grains, phase transformation and dislocation slip.
A stress of 407 MPa marks the trigger point for twinning and enables the TWIP deformation mechanism,

as shown in Figure 6-8.

Considering Figure 6-8, it was observed that the normalized diffraction intensities of the three selected
grain families of the ¢-h.c.p. phase start to change dramatically over TD and LD. The evolution of the
normalized diffraction intensity of the £-h.c.p. (1012) oriented grains along TD and LD has a similar trend,
however, there is a diametrically opposite evolution for the normalized diffraction intensity in both
directions among the (1013) and (1011) orientated grains. Fu et al. [288] used neutron diffraction to
evaluate TWIP in a FesoMn3Co010Crio HEA and noted that the splitting behavior of the diffracted
intensities along TD and LD is evidence of the presence of deformation twinning, which is associated

with significant lattice reorientation. Furthermore, the onset for this splitting marks the stress point at
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which deformation twinning is activated. Recently, Polatidis et al. [278] combined in-situ synchrotron X-
ray diffraction with EBSD to demonstrate once again that the splitting behavior of the normalized
diffraction intensity along both TD and LD is indeed caused by the presence of deformed twins in the ¢-
h.c.p. grains. Moreover, distinction between tensile and compression twinning can be evidenced by
considering the evolution of the diffracted intensity along LD and TD for the (1012), (1011) and (1013)
oriented grains. Considering Figure 6-8, it can be observed that the abrupt splitting of the normalized
diffraction intensity of the (1013) oriented grains over the TD and LD confirms onset of the (1012) tensile

twinning.

It should be mentioned that, unlike deformation slip, twinning causes an abrupt reorientation of the
crystal structure [344-346], and that two factors affect the deformation twinning modes: i) the critical
resolved shear stress (CRSS), which refers to the tensile or compression component parallel to the c-
axis of the deformed grain; ii) the Schmid factor, which describes the orientation of the grains with
respect to the direction of the applied stress [347]. Usually, tensile twinning in the (1012) grains occurs
with a rotation of about 86.3° with respect to the “parent grain”, while the compression twinning in the
(1011) grains has a rotation of around 56.2° [348]. The lower CRSS required for tensile twinning
(between 2 and 2.8 MPa) [349], compared to the CRSS required for compression twinning (between 76
and 153 MPa) [350], is the main reason for the preferential and premature activation of (1012) tensile
twinning. Although the CRSS between (1011) tensile twins and (1012) compression twins are
significantly different, twin crystals with two different deformation modes can also occur in the same
grain [351]. Therefore, in order to further assess the deformation twinning modes that are present in the
three selected grain families, the normalized diffraction intensity trends in both TD and LD were used

for further comparative analysis.

On closer inspection of the ¢-h.c.p. (1013) oriented grains (refer to Figure 6-8 e and f), the normalized
diffraction intensity increases sharply along TD and only decreases slightly along LD, while the other
oriented grain families do not change significantly in the TD direction. Considering that tensile twins are
easily activated during tensile deformation due to the relatively low CRSS, it can be deduced that the
increase in the normalized diffraction intensity of (1013) oriented grains along TD is caused by the lattice
reorientation of the (1012) tensile twinning in the (1013) oriented “parent grain” reorientated by
approximately 86.5°. The (1012) tensile twinning after lattice reorientation of 86.3° is now nearly parallel
to the TD of the (1013) oriented “parent crystal” grains, revealing that the c-axis of the ¢-h.c.p. (1013)
oriented “parent crystal” grain is nearly parallel to LD. In other words, the (1013) oriented “parent grain”
has a higher Schmidt factor. Thus, it can be determined that the (1013) oriented grains favor the

activation tensile twinning due to the high Schmid factor [352].

In contrast, the normalized diffracted intensity of the (1011) oriented grains continues to increase along

the LD, while in the TD the increase is significantly more reduced, suggesting that the twinned (1013)
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oriented grains are most likely to become the LD of the (1011) oriented grains. In other words, the -

h.c.p. (1013) oriented grains are in a ~ 90° azimuthal relationship with the £-h.c.p. (1011) oriented grains.

Deformation twinning is now an active deformation mechanism in stage C and occurs first on the €-h.c.p.
(1013) oriented grains. This conclusion echoes that the non-basal pyramidal < ¢ + a > slip system is
activated aided by the change in the c/a ratio. In addition, twinning formation is strongly influenced by
the local stress state or strain distribution, and it can be inferred that the accumulation of a large number
of dislocations in the ¢-h.c.p. phase will act as stress concentrators, being this the main reason for the

activation of twinning.

Compared to stage B, the lattice distortion increases in stage C (refer to Figure 6-10). The lattice
parameters in the ¢-h.c.p. phase change significantly in this stage, with the lattice constant acn.c.p.
expanding from 2.528 to 2.533 A and the lattice constant ¢ encp. shrinking from 4.099 to 4.077 A,
resulting in a sharp decrease in the c/a ratio (from 1.621 to 1.609). At this stage, plastic deformation of
the ¢-h.c.p. phase is more predominant as a way for the material to accommodate more strain. Moreover,
pyramidal < ¢ + a > slip gradually replaces the basal < a > slip and starts to dominate the -h.c.p. phase
slip mechanism, since the activity of pyramidal < ¢ + a > slip is strongly dependent on the ¢-h.c.p. c/a
ratio. The lower the ¢-h.c.p. phase c/a ratio, the less favorable the basal < a > slip is, thus facilitating the
activation of the pyramidal < ¢ + a > slip [105]. In other words, at large deformations, the pyramidal < ¢
+ a > slip has a higher Schmid factor, and is the deformation mode that can accommodate more strain

along the c-axis [105].

The combined effect of pyramidal < ¢ + a > slip and deformation twinning are essential to accommodate
the high c-axis strain and the associated work-hardening behavior of the ¢-h.c.p. phase. Sinha et al. [105]
have reported that the c/a ratio in HEAs undergoing phase transformation varies with processing and
deformation, which is attributed to the dependence of the ¢-h.c.p. phase lattice parameters on the
microstructure and stress state due to transformation volume changes, which matches with the results
derived in the present work. Moreover, from the evolution of the y-f.c.c. and ¢-h.c.p. volume fractions,
shown in Figure 6-5 a), it is clear that the faster phase transformation rate in stage C allows for the ¢-
h.c.p. phase to become predominant, resulting in significant volume contraction (as shown in Figure 6-5
b). Thus, it is evident that the change in c/a ratio is also a product of the volume transition induced by
the phase transformation. Furthermore, unlike basal < a > slip, the non-basal pyramidal < ¢ + a > slip
system dominated the e-h.c.p. phase slip mechanism which not only helps to achieve kinematically
compatible deformation, but is also the most efficient way to generate dislocation sources, resulting in
significant dislocation multiplication [145], which is consistent with the high dislocation density observed

in stage C of Figure 6-6 f).

The average microstrain of the constituent phases change significantly during this stage. In fact, in stage
C, there is an inversion in the evolution of the average microstrain, where the ¢-h.c.p. phase now

experiences more average microstrain than the y-f.c.c. phase. The onset of twinning in the ¢-h.c.p. can
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justify the increased average microstrain experienced by this phase. Moreover, the evolution of the y-
f.c.c. phase average microstrain for true strains above 4 % suggests that due to its soft nature, it will
follow the same variation in average microstrain as that experienced by the ¢-h.c.p phase, which is

ultimately imposed by the cooperative movement with the soft and hard phases.

The phase stress partitioning of Figure 6-4 shows that the ¢-h.c.p. phase now bears more load than the
y-f.c.c. phase, while the higher deformation accommodated (refer to Figure 6-6 e) occurs as a result of
twinning deformation experienced by the €-h.c.p phase. It is evident that although the €-h.c.p. phase is
a “hard” phase structure, further promotion of strain accommodation can be achieved with the combined
assistance of multiple deformation mechanisms such as deformation twinning and < ¢ + a > pyramidal
slip as mentioned before. These multiple deformation mechanisms are also responsible for the ductility
of the material, proving that the ¢-h.c.p. phase mentioned above plays a crucial role in regulating of the

plastic deformation of the metastable HEA after macroscopic yielding.

The combined existence of TRIP and TWIP in stage C promotes the increase of phase boundaries,
providing a high-density source for dislocation accumulation, leading to a rapid increase in the
dislocation density. The dislocation density within the y-f.c.c. phase evolved from 1.61 x 10?5 to 3.15 x
1015 m-2, while for the -h.c.p. phase it grew from 3.94 x 104 to 1.29 x 10> m=2,

Compared to the low dislocation density contained in y-f.c.c. grains in medium-Mn steels [353], which
also experience TWIP, the high dislocation density in the vy-f.c.c. grains found in the metastable
Fes2Mn28Co010Cr10Sis HEA under study plays a crucial role in enhancing its mechanical stability [95].
Dislocations can act as barriers for the sliding of the €-h.c.p. phase interfaces, thus stabilizing the y-f.c.c.
grains [354]. Also, the larger amount of hard ¢-h.c.p. induced by TRIP protects the y-f.c.c. grains from
experience excessive deformation [355], but still allowing for the phase transformation to occur.
Meanwhile, the high stress and elastic strain fields caused by the high dislocation density can effectively
reduce the e-h.c.p. phase nucleation barriers, and increase the necessary driving force for the phase
transformation [325,356,357]. In other words, the high dislocation density can increase the
transformation rate of y-f.c.c. to €-h.c.p. phase, which is consistent with the high phase transformation
rate of stage C detailed in Figure 6-5 a). The twin boundaries introduced at this stage can also reduce
the mean free motion path for dislocations and cause dislocation plugging, thus increasing the
dislocation density of the €-h.c.p. phase. This is in good agreement with the moderate increase in the

dislocation density observed for the ¢-h.c.p. phase.

To summarize the following deformation mechanisms are occurring in stage C: dislocation slip and TRIP

for the y-f.c.c. phase; tensile twinning and < ¢ + a > pyramidal slip for the ¢-h.c.p. phase.

6.1.4.2.4 Stage D — onset of compression twinning

Finally, for true strains above 7.7 %, the material enters in stage D where the deformation mechanisms

encompass a combination of TRIP, TWIP as well as dislocation slip, which results in an almost constant
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strain hardening rate. This is attributed to the widespread occurrence of nanoscale twins in the y-f.c.c.
grains and the formation of new boundaries induced by the TRIP and TWIP effects that limit the free

travel of dislocations upon macroscopic loading [326].

A closer look at the stress-partition evolution detailed in Figure 6-4, reveals that there is a tendency for
the saturation of the strain hardening rate for both phases. For the €-h.c.p. phase, the imparted stress
is almost approaching that of the macroscopic stress behavior of the material due to the massive
transformation of y-f.c.c. to €-h.c.p. and due to the multiple-twinning effects and dislocation interactions
that primarily occur in this phase, indicating that the work hardening of €-h.c.p. phase dominates the
deformation behavior of the alloy studied in this work. For the y-f.c.c. phase, the saturation in the strain
hardening is caused by the formation of a large amounts of €-h.c.p. phases through TRIP in the material,
which generates new grain boundaries and thus limits the movement of dislocations within and to the y-

f.c.c. phase.

A slightly increase in the phase transformation rate at this stage compared to stage C, demonstrates
the continuous occurrence of the TRIP effect, which started from the onset of macroscopic yielding and
persists until material failure (refer to Figure 6-5 a). Two reasons may justify the variation of the phase
transformation rate at this stage. The first one is related to a activation effect due to the high dislocation
density in the y-f.c.c. phase (refer to Figure 6-6 f)) under large strains in this stage [342,358,359]. In
stage D, the magnitude of the stacking faults interspacing, Lsf, is only 19.31 nm (refer to Figure 6-7),
with the smaller dislocation slipping path providing evidence for the high dislocation density
accumulation. Moreover, the regions in the y-f.c.c. phase with higher dislocation density (which can act
as stress concentrators), when transformed to the €-h.c.p. phase will promote stress relaxation, further
activating more slip systems and allowing for more stress and strain to be imparted by the material. The
second reason for this is related to the stress redistribution at the grain and phase boundaries. Figure
6-5 b) shows that compressive stresses develop upon tensile testing, which is primarily related to the
phase transformation and deformation of the y-f.c.c. phase. The phase transformation will initiate at the
y-f.c.c. phase grain boundaries, where dislocations tend to primarily pile up increasing the strain energy
required for the phase transformation to occur. However, a relaxation effect on these high stress
concentration regions occurs upon TRIP [360,361]. This will reduce the stresses required for the phase
transformation and have a retarding effect on the nucleation of the new ¢-h.c.p. phase. The interaction
between the two factors discussed above lead to an incomplete phase transformation prior to failure in
the metastable y-f.c.c. phase, ultimately resulting in 19% of residual y-f.c.c. phase. A similar
phenomenon for the phase transformation dynamics at high strains was observed by Fu et al. in a
FesoMn30C010Crio HEA [288].

Overall, the stress partitioning evolution from stage A to D, suggests that the metastable
Fea2Mn28Co010Cr1sSis HEA can perform load redistribution during tensile loading through a series of
different and competing deformation mechanisms. Moreover, the contributions of each deformation

mechanism during macroscopic tensile loading varies and promotes a dynamic stress distribution
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behavior between both phases in the different deformation stages. Specifically, there is a large
difference in the stress partitioning between the y-f.c.c. and ¢-h.c.p. phases, with the e-h.c.p. phase
bearing 1.2 to 1.5 times more stress than the y-f.c.c. phase. Again, this value varies with the preferential
deformation mechanism at different stages, but TRIP always plays a dominant role in the stress
partitioning. Similar behavior to that has been shown in duplex stainless steels [312]. As revealed by
Muransky et al. [320] and Fu et al. [288], an essential feature of TRIP is the significant stress
redistribution and demonstrates the importance of dynamic load distribution in the bulk hardening
behavior [297,362]. Moreover, it contributes to improve the mechanical properties of the material.

In this stage, the occurrence of twinning in the €-h.c.p. phases (refer to Figure 6-8) and the higher phase
volume fraction (refer to Figure 6-5 a)) allow the average microstrain of the e-h.c.p. phase under to
increase at a higher rate than the y-f.c.c. phase, which plays a role in regulating the plastic deformation

of the material.

The dislocation densities of both y-f.c.c. and e-h.c.p. phases continues to increase until fracture. In fact,
the rate of increase is similar to that of the stage C, which is in good agreement with the similar
transformation rate of the y-f.c.c. to e-h.c.p. phase observed in both stages C and D. The dislocation
density of the y-f.c.c. phase increased from 3.15 x 105 to 3.85 x 105> m2, while for the €-h.c.p. phase it
grew from 1.25 x 10%° to 1.49 x 10> m-2, The increase in dislocation density in the y-f.c.c. phase probably
originates from the release of a large amount of dislocations from the moving €¢-h.c.p. / y-f.c.c.
heterogeneous interface during the ongoing phase transformation [357]. It should be noted that the
volume fraction of the ¢-h.c.p. phase at this stage is already as high as 81% (as shown in Figure 6-5),
and the softer y-f.c.c. phase is constrained by the surrounding harder ¢-h.c.p. phase, which can lead to
long-range back stress [325,363]. This back stress can prevent/difficult the dislocation source from

emitting more dislocations.

The amount of new ¢-h.c.p. phase formed by phase transformation is to some extent related to stacking
faults probability, Ps, and stacking faults interspacing, Lst, since the new e-h.c.p. phase nucleates at
sites in y-f.c.c. phase with a large density of stacking faults. In addition to this, the evolution of the
dislocation density in the y-f.c.c. phase is related to the plastic deformation but also to the formation and
accumulation of stacking faults in the y-f.c.c. phase, as these act as barriers against the movement of
the dislocations, resulting in a reduction of the average free path of the dislocation movement and

consequently causing the plugging of dislocations.

Regarding the evolution of the stacking faults probability, Ps;, and stacking faults interspacing, Lst, in
stage D, the Pst is increasing at an approximately constant state with increasing deformation, suggesting
that if the material has a sufficiently low stacking faults energy, thus significant accumulation of stacking
faults can occur even at room temperature and low strain rates, as in the case of the current work. Upon
fracture, the Psf reaches ~ 10.7%, which is significantly higher than that measured for a CrMnFeCoNi

HEA (~ 1.5%) [364], indicating that the lower the stacking faults energy, the higher the corresponding

204



Pst. It is important to mention here that, the the Ps is generally correlated with the amount of €-h.c.p.
phase, as this phase is formed by the ordering of dense stacking faults. The increase of the Pssin the y-
f.c.c. phase means that more stacking faults are being formed and accumulated in this phase. These
stacking faults act as nucleation sites for the transformation from y-f.c.c. phase to ¢-h.c.p. phase. Thus,
the evolution of the Ps is directly linked with the phase transformation kinetics upon loading. This is
evident when comparing the steady increasing trend of the y-f.c.c. to ¢-h.c.p. transformation in both
stage C and D (refer to Figure 6-5) and a similar trend in the evolution of the Pst (refer to Figure 6-7).
From stage C onwards, the reduction in Le is further slowed until it enters stage D, where the change in
Lsr is found to reach a saturation plateau, at approximately 19 nm. A similar saturation response is
observed in numerous alloys such as hot-rolled Co-Cr-Mo alloy, Mg alloy [128,144] as well as in
Fe4oMn20Cr15C020Sis HEAS [337]. The reduction of the Lst during plastic deformation not only promotes
an increase in the dislocation density, but also strengthens the material as evidenced in both Mg alloys
[144] and Fe4oMn20Cr15C020Sis HEAS [337].

Alongside with TRIP, multiple twinning modes (tensile and compression twinning modes) are now fully
activated. Severe lattice reorientation leads to a dramatic change in the normalized diffracted intensity,
as evidenced by the clear splitting behavior diffracted data in Figure 6-8 a) and b). The normalized
intensity of e-h.c.p. (1011) oriented grains decreases along the TD and increases sharply along the LD,
while the normalized intensity of e-h.c.p. (1012) and (1013) oriented grains exhibits an opposite evolution,
showing an opposite evolutionary trend along TD and LD. Fu et al. have reported that a similar
normalized diffraction intensity splitting behavior was observed in a TRIP FesoMnzoCo10Cri0 HEA when
it was subjected to large tensile plastic deformation, and attributed this to the activation of compression
twinning and multiple-twin systems [288]. As can be seen from stage C in Figure 6-8 a) and b), the c-
axis of e-h.c.p. (1011) oriented grains are perpendicular to the loading axis (LD) and therefore the c-axis
is compressed, which means that the ¢-h.c.p. (1011) oriented grains are favorable to the formation of
compression twins. The source of the CRSS required for compression twinning formation arises the
high local stress concentration resulting from the saturation of both the phase transformation (as shown
in Figure 6-4) as well as the high dislocation density (as shown in Figure 6-6 f)). The formation of
compression twins in the €-h.c.p. (1011) oriented grains allow for an = 56.2° lattice reorientation, which
is consistent with previous findings [146,288]. Frank et al [146] pointed out that the compression twinning
of e-h.c.p. (1011) grains can also be predicted by a decrease in the normalized diffraction intensity along
TD and an increase along LD. The increase in the diffraction intensity of the e-h.c.p. (1012) oriented
grains along the LD is the result of dislocation slipping [288]. The rarely reported -h.c.p. (1013), on the
other hand, is regarded as evidence of compression twinning action, and the orientation deviations were
confirmed by Fu et al. [288] using EBSD.

The lattice parameters of the e-h.c.p. phase, ac-hcp. and cehep., reach to practically constant values in
stage D (as shown in Figure 6-10 a)), which results in a saturation behavior of the c/a ratio. Nonetheless,

the main slip mechanism of the €-h.c.p. phase in this stage is still dominated by non-basal pyramidal <
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¢ + a > slip system, while basal slip is almost suppressed. To accommodate the higher macroscopic
tensile strain, both tensile and compression twins are active at this stage (refer to Figure 6-8). The
saturation behavior seen in the c/a ratio stems from the high €-h.c.p. phase volume fraction (Ve-ncp. =
81% in stage D), causing the soft y-f.c.c. phase to be surrounded by the hard ¢-h.c.p. phase, which can
make the plastic deformation of the y-f.c.c. phase and the TRIP effect difficult at this stage. This effect
also translates into a saturation of the transformation volume, as shown in Figure 6-5 b). In conclusion,
when designing structural materials based on ¢-h.c.p. phase structures, tuning of the c/a structural
parameters should be performed so that the < ¢ + a > slip system is preferentially activated. This can

render the development of highly ductile materials, while still exhibiting good mechanical strength.

From the comprehensive discussion presented from section 6.1.4.2.1 to section 6.1.4.2.4, the main
deformation mechanisms experienced by the metastable Fes2Mn2sCo010Cr1sSis HEA were detailed.
These are schematically represented in Figure 6-14 and are summarized as follows: stage A
experiences dislocation slip in the y-f.c.c. phase; stage B possesses dislocation slip and TRIP of the y-
f.c.c., while basal < a > slip occurs on the ¢-h.c.p. phase; stage C is characterized by dislocation slip
and TRIP of y-f.c.c. phase, with the onset of tensile twinning and non-basal pyramidal < ¢ + a > slip in
the e-h.c.p. phase; finally in stage D, to same deformation mechanisms observed in stage C there is the
addition of compression twinning in the e-h.c.p. phase.

Dislocation slip + TRIP+TWIP  Dislocation slip + TRIP+TWIP
(single twin) (multiple twin)

OO D

B v-(cc.  #2# Tensile twin === Stacking faults

Dislocation slip Dislocation slip + TRIP

e-h.e.p. & Compression twin 1+ Dislocations

Figure 6-14. Schematic diagram of the deformation mechanisms in the as-cast Fe42Mn2sC010Cr15Sis metastable
HEA during tensile loading.

The schematic of lattice reorientation during tensile and compression twinning is shown in Figure 6-15
and can be used to support the previous discussion on the onset of these twinning modes and their
identification for the diffracted data of specific €-h.c.p. phase planes. Figure 6-15 a) shows a (1013)
oriented grain with its c-axis parallel to the LD, which facilitates the formation of tensile twins by lattice

reorientation 86.3° of the “parent grain” (1013). (1013) oriented grains are transformed into (1011)

oriented grains after the (1012) tensile twinning occurs. In other words, (1013) oriented grains have high

probability to become the (1011) oriented grain after tensile twinning occurs. The (1011) oriented grains
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are prone to compressive twinning because their c-axis is close to TD, and their lattice reorientation
schematic is shown in Figure 6-15 b), where these compression twins are formed by a 57.2° lattice

reorientation of the (1011) parent grain.

a) o} b) o

Tensile twin

Compression twin

> <

\ \>
b 4
. ~ (1011
“Parent” grain “Parent” grain ( )
0] 0)

Figure 6-15. Schematic representation of the lattice reorientation occurring with increasing strain. a) 86.3°
reorientation of the tensile twin relative to the parent (1013) oriented grain; b) 56.2° reorientation of the
compression twin relative to the parent (1011) orientated grain.

6.1.5 Lattice strain evolution

The lattice strain evolution is not only able to show the amount of deformation imparted by each phase
but, more importantly, is able to reflect the load transfer among different grain families. The lattice strain

evolution in the Fe42Mn2sC010Cr15Sis metastable HEA which was previously shown in Figure 6-9 is
analyzed next.

During the macroscopic elastic deformation (stage A), the lattice strain of each lattice plane of both y-

f.c.c. and ¢-h.c.p. phases increases almost linearly with the applied stress. However, the slope of this
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variation, which related to the plane stiffness varies between different crystallographic orientations,

revealing anisotropy in the mechanical response.

Softer lattice planes will first bear the applied stress until their yielding occurs, upon which load transfer
to harder planes takes place. This load transfer and partitioning behaviors ensures the uniform plastic
deformation of the material. The Young’s modulus of the analyzed y-f.c.c. and ¢-h.c.p. phases along the
LD were determined by linear fitting in the macroscopic elastic deformation region. For the y-f.c.c. it
follows that Ey_¢cc(111)) > Ey—fcci1) > Ey=fcc(200) » Which reveals that the y-f.c.c. (111) plane is the
hardest, while the (200) plane is the softest. These results are consistent with the soft and hard
responses exhibited by the f.c.c. lattice planes observed in some single-phase [364,365] and dual-phase
HEAs [146,217,366]. For the e-h.c.p. phase structure, E¢_pcp (1013) > Ee-hcp. (1072) > Ee—hcp. (10T1)-
Frank et al. [146] previously studied a metastable FesoMn20CrisC020Sis HEA by neutron diffraction in
which the ¢-h.c.p. phase (1011) was the softest and the e-h.c.p. (1013) was the hardest plane, thus in
good agreement with the current results. For reference, the Young’s modulus for the analyzed
crystallographic planes obtained along LD are summarized in Table 6-3. It should be mentioned here
that the lattice strains in the y-f.c.c. and €-h.c.p. lattice planes are both positive in the LD and, conversely,

negative in the TD, this behavior being expected due the Poisson’s effect [367,368].
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Table 6-3 — Elastic modulus for different lattice planes of constituent phases in as-cast Fe42Mn23Co010Cr15Sis
metastable HEA.

y-f.c.c. plane (GPa) e-h.c.p. plane (GPa)
E (1 E (200 E (a12) E (1010) E (1011) E (1012) E (1013)
182+19 108+1.7 158+1.8 117+1.1 149+1.3 191+8.1 247 +0.4

When entering stage B, where macroscopic plastic deformation of the material starts to occur all
analyzed planes exhibit a deviation to the previous linear response suggesting their yielding. However,
the associated lattice strain is dependent on the crystal orientation vs LD relationship [244]. For example,

in stage B the developed lattice strain is higher for the softest plane, and lower for the stiffer one.

The same behavior is noticed for the ¢-h.c.p. phase. The four different lattice planes (1010), (1011),
(1012) and (1013) of e-h.c.p. phase, which are dominated by the basal < a > slip in stage B, all have a
tendency for increasing the imparted lattice strain along LD, but with different magnitudes (1342, 1663,
1933 and 1478 g, respectively). The trend in the evolution of lattice strain also highlights that the ¢-
h.c.p. phase starts to bear more stresses, due to the premature yielding and soft nature of the y-f.c.c.,
thus promoting a stress relaxation effect in this phase [288]. However, it should be emphasized that this
stress relaxation arises from both the load partitioning to the e-h.c.p. phase but also due to the TRIP
effect.

When entering stage C, the lattice strain developed in the e-h.c.p. is significantly reduced in magnitude
when compared to stage B. This is related to a saturation of the work-hardening behavior of the different
lattice planes resulting from the massive plastic deformation imparted by the material. This effect is
further exacerbated in stage D, where the increase in lattice strain as function of stress or strain is almost
negligible. The saturation is occurring in both phases and is primarily related to the high dislocation
density (refer to Figure 6-6 f)).

6.1.6 Strengthening contributions

Dislocation slip has always been of interest as a common deformation mechanism among both y-f.c.c.
and e-h.c.p. phases, while TRIP is an additional deformation mechanism in the y-f.c.c. phase. However,
studies on the stacking faults strengthening effect in HEAs are scarce. A comprehensive analysis of the
different dislocation strengthening contributions of the y-f.c.c. and ¢-h.c.p. phases, as well as the

stacking faults strengthening contribution in the y-f.c.c. phase was previously shown in Figure 6-7.
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In the macroscopic elastic deformation stage A (e < 1%), which is dominated by dislocation slip of the
y-f.c.c., the intrinsic dislocation strengthening contribution from the e-h.c.p. phase due to dislocation is
approximately 5 MPa, which contrasts with the 104 MPa (with further increase up to 215 MPa in stage
A) of the y-f.c.c. phase. This significant difference is rooted to the distribution of dislocation density in
both phases (see Figure 6-6 f)). Throughout stage A, the stacking faults strengthening contribution from

the y-f.c.c. phase increase is only of 5 MPa.

In the plastic deformation stage B (1% < ¢ < 3%), where the deformation mechanism is dominated by
TRIP and dislocation slip, the dislocation strengthening contributions of the y-f.c.c. and ¢-h.c.p. phase
increase from 215 to 233 MPa and from 14 MPa to 58 MPa, respectively. Based on the magnitude of
the strengthening contribution, the dislocation strengthening contribution in the y-f.c.c. phase is almost
four times larger than that in the €-h.c.p. phase. The reason for this difference is related to the dislocation
density contained in both phases (py-f.c.c. phase # 1.61 X10%® m-2 and pe-h.c.p. phase & 3.94x10 M2, as shown
in Figure 6-6 f)). Regarding the contribution of the stacking faults in the y-f.c.c. phase to the material
flow stress, it increases from 5 MPa to 48 MPa, which is near a 10-fold increase compared to stage A.
In fact, this is directly related to the amount of stacking faults accumulated (refer to Figure 6-7).
Specifically, it can be seen from Equation (3-42) that there are two main factors affecting the
strengthening due to stacking faults, one being the strengthening factor, Kst, which is a constant, and
the other being the stacking faults interspacing Lst, which evolves under tensile deformation as shown
in Figure 6-7. Therefore, the dynamic evolution of the stacking faults contribution is only dependent on
the Lst. Thus, the evolution of the stacking faults strengthening contribution during this stage coincides
well with the variation of Lst depicted Figure 6-7. In addition to this, Frank et al. [369] have reported that
stacking faults strengthening is associated with the y-f.c.c. to e-h.c.p. phase transformation as well as
to the work-hardening behavior, and that an increase in the stacking faults strengthening contribution
corresponds to the onset of the phase transformation, which is again in good agreement with the results
of the current study. In this work, the y-f.c.c. to €-h.c.p. phase transformation is triggered at 284 MPa,
which corresponds to the point where there is a sudden increase in the stacking fault probability (refer
to Figure 6-7).

During stage C (3% < & < 7.7%) where the deformation mechanism comprised TRIP, TWIP and
dislocation slip, the dislocation strengthening contribution from y-f.c.c. phase grows gradually from 233
to 304 MPa and from 58 to 105 MPa for the ¢-h.c.p. phase. From Figure 6-12, it is observed that the
dislocation strengthening contributions in both y-f.c.c. and ¢-h.c.p. phase show a continuous increasing
trend and the incremental rate is larger than in stages A and B. However, in stage C, the contribution of
the dislocation strengthening from the y-f.c.c. phase is only two times larger than that arising from the
e-h.c.p. phase. This as expected, since the transformation from y-f.c.c. to e-h.c.p. promotes the
appearance of e-h.c.p. with higher dislocation density than the thermally-induced one. The large
transformation rate (as shown in Figure 6-5 a)) at this stage also further contributes to the strengthening
by the stacking faults in the y-f.c.c. phase from 48 to 102 MPa.
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Finally, when entering stage D (¢ > 7.7%), it can be found that the evolution of the dislocation
strengthening contribution from both y-f.c.c. and ¢-h.c.p. phases, as well as the stacking faults
strengthening contribution from y-f.c.c. phase, are approaching a saturated state and remain almost
constant. This stems from the saturation of dislocation density and stacking faults interspacing, Lst, as
detailed in Figure 6-6 f) and Figure 6-7. The maximum strengthening contribution arising from
dislocations in both the y-f.c.c. and e-h.c.p. phases reaches 321 and 111 MPa, respectively, while the
stacking faults strengthening further contributed to 118 MPa to the material strength. Overall, it is shown
that the dislocation strengthening contribution is the main source of the high strength of the present
metastable HEA.

In summary, it is shown that there are two major sources of contribution to the flow stress in the as-cast
Fes2Mn2sC010Cr15Sis HEA studied in this work. One is dislocation-dislocation interactions, where the
dislocation strengthening contribution from the y-f.c.c. phase is significantly higher than that in the ¢-
h.c.p. phase. The reason for this is the reduction in the average free path for dislocation movement
resulting from the large amount of stacking faults and decrease in the stacking faults interspacing in the
y-f.c.c. phase, which greatly contributes to the dislocation hardening effect. The other source is the
stacking faults strengthening in the y-f.c.c. phase, which is necessary for the phase transformation to
occur, as stacking faults are the preferential sites for the e¢-h.c.p. phase nucleation. However, its
strengthening effect is significantly lower than that caused by dislocations. It should be mentioned that
this is the first time that a quantitative analysis of the evolution of the strengthening contributions of a
metastable HEA of the Fe-Mn-Co-Cr system is performed using high energy synchrotron X-ray
diffraction. This provides a comprehensive understanding of how the microstructure evolution
experienced by the alloy modifies the predominant deformation mechanisms and how these contribute
to the strength and ductility of the material, which can be useful to overcome the traditional strength-

ductility paradigm with implications for the design of advanced structural alloys.

Through the above analysis of the strengthening mechanisms experienced by metastable
Fes2Mn2sC010Cr15Sis HEA during tensile loading are schematically depicted in Figure 6-16. Here, Figure
6-16 a) refers to the dislocation strengthening in the y-f.c.c. phase, cy-.c.c. bis; Figure 6-16 b) details the
stacking faults strengthening in the y-f.c.c. phase, oy-tcc. sF; while Figure 6-16 c) points to dislocation
strengthening in the €-h.c.p. phase, cehcp. nis. The core of these strengthening mechanisms lays in the

reduction of the mean free path of dislocations, A, resulting in the piling up of dislocations.
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Figure 6-16. Schematic representation of the strengthening mechanisms in the as-cast Fe42Mn2sC010Cr15Sis
metastable HEA upon tensile loading.

6.1.7 Conclusions

In this thesis, the deformation mechanisms and micromechanical behavior of an as-cast
Fes2Mn28Co010Cr15Sis metastable HEA was investigated by in-situ synchrotron X-ray diffraction. The
microstructure evolution was qualitatively and quantitatively assessed, based on multiple features
including phase volume fraction, c/a ratio, average microstrain and lattice strain, for example. Stress
partitioning and redistribution between the y-f.c.c. and ¢-h.c.p. phases was seen to be linked to the active

deformation mechanisms of the alloy at a given loading step.

Yielding of the soft y-f.c.c. phase was seen to occur prior to yielding of the hard ¢-h.c.p., with the latter
occurring in parallel to macroscopic yielding. Upon entering the plastic deformation region, the hard ¢-
h.c.p. phase bears significantly more stress than the y-f.c.c. phase. The onset of TRIP occurred slightly
after plastic deformation of the y-f.c.c. phase suggesting the need for an excess driving force for the
transformation to occur. This excessive driving force was in the form of stacking faults accumulation.
TWIP occurred at larger stresses levels compared to TRIP (407 vs 287 MPa, respectively). Tensile
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twinning was first activated due to the lower critical resolved shear stress, and prior to material failure

compression twining was evidenced.

The four identified deformation regimes were characterized by different actuating deformation
mechanisms: stage A had dislocation slip occurring in the y-f.c.c. phase; stage B had dislocation slip
and TRIP on the y-f.c.c. and basal < a > dislocation slip on the ¢-h.c.p.; stage C had the same
deformation mechanisms for the y-f.c.c., but non-basal < ¢ + a > dislocation slip and tensile twinning
were activated on the €-h.c.p. phase; finally, in stage D there was the addition of compression twinning
to the e-h.c.p. phase, while the other mechanisms were kept active.

The strengthening contributions were also quantified. It was determined that the dislocation
strengthening from the y-f.c.c. phase was larger than that induced by dislocations in the €-h.c.p. phase.
Moreover, the magnitude of the strengthening contribution due to stacking faults in the y-f.c.c. phase

was similar to that arising from dislocations in the €-h.c.p. phase.

The results presented in this work can be of interest for the design of dual-phase alloys with good

strength-ductility balance.

6.2 Gas tungsten arc welding of as-cast
Fes2Mn2gC010Cr15Sis metastable high entropy

alloy

6.2.1 Introduction

Extensive literature [370,371] shows that the most widely studied HEA, the equiatomic and f.c.c. single
phase CoCrFeMnNi alloy, possesses high ductility, but relatively low mechanical strength which
prevents its use in several practical applications. Recent developments in the field of non-equiatomic
HEAs with tunable phase stability have led to breaking the strength-plasticity barrier by triggering TWIP
and TRIP effects simultaneously, improving both strength and ductility [301]. Based on this design
concept, Nene et al. [62] examined the impact of Si addition to the Fe-Mn-Co-Cr system on the
metastability of the y-f.c.c. phase, showing that the addition of 5 at. % Si was able to achieve a maximum
metastability of the y-f.c.c. phase. This allowed to develop an alloy with an optimized metastable

microstructure with a composition of Fes2Mn28C010Cr15Sis (at. %).

Welding is one of the most effective metal processing methods that is utilized in a wide range of industrial
applications when it comes to structural engineering, including automobile, aerospace, and marine

industries. Considering the relevance of HEAs as potential structural engineering materials, welding will

213



become increasingly necessary to construct complex shaped structures or to combine their properties
with those of other materials. Therefore, to ensure the feasibility of using these new advanced alloys in

real-life applications, their weldability needs to be addressed.

Up to now, most studies on TWIP/TRIP metastable HEAs have primarily focused on their thermo-
mechanical processing, phase formation characterization, assessment of mechanical properties, as well
as physical and chemical performances [60,279,295,372,373]. Weldability of TWIP/TRIP metastable
HEAs has been addressed in only two reports, both using friction stir welding [374,375]. Thus, weldability
studies for metastable high entropy alloys considering fusion-based welding methods have not yet been

reported.

The work presented here is the first to use gas tungsten arc welding to weld an as-cast TWIP/TRIP
Fe42Mn28C010Cr15Sis metastable HEA for the purpose of obtaining and discussing new data for the
widespread applications of these advanced engineering alloys. To determine how the weld thermal cycle
affects the evolution of microstructure across the entire joint, a combination of electron microscopy,
high-energy synchrotron X-ray diffraction analysis and thermodynamic calculations were used. In
addition, further clarification of the processing/microstructure relationship was achieved by using tensile
testing and microhardness mapping. Through multiscale and comprehensive characterizations of these
novel materials, a deeper understanding of the correlation between processing, microstructure, and

mechanical properties is gained paving the way for their wide application in a variety of fields.

6.2.2 Starting material

The material used in this work was an as-cast non-equiatomic metastable Fe42Mn28C010Cr15Sis (at. %)
HEA, which was produced at Sophisticated Alloys Inc. in Butler, PA, USA, by vacuum induced melting
in an argon atmosphere [376]. Prior to welding, sheets with a thickness of 1.5 mm were cut into 80 x 40
mm? parts. Afterwards, the welding specimens were cleaned with acetone and ethanol to ensure that

there were no potential contaminations on the joining surfaces.

6.2.3 Results and discussion
6.2.3.1 Microstructure evolution

Figure 6-17 a) provides a cross-sectional view of the as-cast Fes2Mn2sC010CrisSis gas tungsten arc
welded joint. There, it can be observed that the welding parameters that were selected enabled a full
penetration joint to be formed. A closer inspection of the cross section shows that there are no visible
defects, such as pores or cracks. To clearly image representative microstructural features, optical
microscopy images of the BM, HAZ, boundary of HAZ/FZ, as well as the FZ are detailed in Figure 6-17

bl), b2), b3) and b4), respectively. Besides, scans of the same regions taken at high magnifications
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using electron microscopy are shown in Figure 6-17 c1), c2), c3) and c4), respectively. The boundaries

of the HAZ/FZ are indicated by red dashed lines, as shown in Figure 6-17 a).

Figure 6-17. a): a cross-sectional view of the welded joint; b1) and c1), b2) and c2), b3) and c3), c4) and d4) are
close-up views of optical/electron microscopy for the BM, HAZ, boundary of HAZ/FZ, FZ, respectively.

Overall, a dual y-f.c.c. / e-h.c.p. microstructure is evidenced across the welded joint. The bright and dark
contrasting colors are related to the microstructural features of both phases. A further detailed
description will follow with respect to the microstructure that exists over the four typical regions of a
welded joint, beginning with the so-called BM. This region mainly consists of two phases: a y-f.c.c. matrix
phase and e-h.c.p. phase. In the y-f.c.c. matrix phase, the e-h.c.p. phase forms within it and mainly
exhibits a block-shaped morphology, as indicated by the red arrows in Figure 6-17 bl). Here, it is
important to mention that the initial e-h.c.p. phase formed was thermally induced upon cooling from the
casting process used to obtain the starting BM. Entering in the HAZ (refer to Figure 6-17 b2)), the
microstructure is found to retain the dual y-f.c.c. / ¢-h.c.p. phases, with the parent y-f.c.c. phase
appearing to be partitioned by laths of ¢-h.c.p. phase that cross-cut individual grains, and filled with
compact laths, as marked by the white solid line in Figure 6-17 b2).

Ahmed et al. [284] previously provided an interesting insight on how the inter-lath spacing (i.e., the
distance between e¢-h.c.p. laths) evolves. They conducted an examination of the e-h.c.p. laths
morphologies under different annealing conditions and found that the variations in the average interlath
spacing is consistent with the trends in the €-h.c.p. phase volume fraction, where the increased volume
fraction of the ¢-h.c.p. phase will lead to an increase in the density of €-h.c.p. laths. This will be further
discussed in the next section when evaluating the volume fraction changes across the welded joint.
Moreover, from the BM (Figure 6-17 b1)) to the HAZ (Figure 6-17 b2)), a clear increase in grain size is
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evident as a result of the increased local peak temperature and permanence at high temperatures where
solid-state phenomena, such as grain growth, can occur. This is a typical feature of fusion-based welding

processes.

The HAZ/FZ boundary is clearly observed in Figure 6-17 c3), because of the significant differences in
the microstructures that exist in each region. These changes are attributed to the different weld thermal
cycles experienced at each location, where the HAZ remains in the solid state, while in the FZ there is
melting followed by solidification. Specifically, when weld solidification occurs, epitaxial nucleation is
then triggered under the support of the cold HAZ, which serves as a substrate, and then grain growth
ensues in accordance with the direction of the maximum temperature gradient in the FZ. Here, at the
edge of the FZ, a fine dendritic structure is observed as a result of the fast-cooling rate enabled by the
previously cold HAZ. Then, grains will start to grow towards the weld centerline (refer to Figure 6-17 c3)
and associated insert), which is consistent with the solidification theory that is used during fusion-based
welding processes [252]. While moving away from the HAZ/FZ boundary towards the weld centerline,
the grain structure formed is mainly composed of finer equiaxed grains (refer to Figure 6-17 b4) whose
formation is controlled by the degree of constitutional undercooling, i.e., the ratio of the temperature
gradient, G, to the solidification rate, R, with a low G/R ratio being beneficial in promoting the formation

of equiaxed grains [377].

Interestingly, the four regions of the welded joint evidence, according to the high magnification electron
microscopy images, minor black spots (marked by yellow dashed circles), and most of them are
concentrated on the phase boundaries, resembling welding defects such as pores and voids. However,
EDS measurements detail that these spots correspond to the presence of Si-Mn-rich ¢ phase. This
identification is corroborated by both synchrotron X-ray diffraction measurements, as well as

thermodynamic calculations all of which will be further discussed in subsequent sections.

Figure 6-18 a) details the EBSD map of the gas tungsten arc welded Fes2Mn23C010Cr15Sis joint. Owning
to the large dimensions of the joint and symmetry along the weld centerline, as observed in the optical
micrograph of Figure 6-17 a), only half of the joint is shown. In addition, the IPF (top) and KAM (bottom)
of the BM (Figure 6-18 b)), HAZ (Figure 6-18 c)) and FZ (Figure 6-18 d)) are also shown.

In the FZ, large columnar grains are observed (refer to Figure 6-18 a)), which results from grain growth
starting on the pre-existing solid material, where a large thermal gradient exists promoting the formation
of fine grain structure at the edge of the FZ. As mentioned before, the growth of grains tends to follow a
direction perpendicular to the solid-liquid interface, the direction of the maximum temperature gradient,
and nucleation is preferentially initiated at the cold substrate, producing fine dendritic grains at that point,
as previously shown in Figure 6-17 b3). However, when the solidification proceeds toward the weld
centerline, competitive growth between grains will induce certain specific orientations, where grain
growth will be facilitated if they are aligned more favorably with the heat flow. Here, during the rapid

cooling of the FZ, the IPF map demonstrates that the preferential growth direction of the y-f.c.c. and e-
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h.c.p. phases is along the (001) and (0001) orientations, respectively, which is line with the easy growth
directions for these crystal structures [378].

Figure 6-18 b), c), and d) (bottom) illustrate the KAM maps of the BM, HAZ, and FZ, respectively.
Generally, point to point measurements of local misorientation of grains in the surrounding
microstructure define a KAM map. To further evaluate the variation of the KAM values across the welded
joint, Figure 6-18 f) details the average KAM values for different regions. Comparing the KAM maps
(Figure 6-18 b), c), and d) (bottom)) and values Figure 6-18 f)) in different regions, it is evident that the
local deformation over the whole welded joint is quite low.

Based on the calculations made from multiple EBSD maps, Figure 6-18 e) provides the variation of the
average grain size of the y-f.c.c. phase in different regions of the welded joint. It should be noted that
the values of the measured y-f.c.c. grain size refers to the size of the whole matrix grains, which may
contain the e-h.c.p. laths. In the BM region, there is an average grain size of approximately 47.5 um.
Then, the average grain size increases to around 54.2 and 57.9 um when entering the HAZ and FZ,
respectively. It is well known that the HAZ near the BM and HAZ near the FZ, are expected to exhibit
different microstructure features owing to the differences in both peak temperature and permanence
time at which solid-state transformations can occur. Although grains are visible to grow in the HAZ, the
minor growth observed can be attributed to the material’s high thermal stability, which inhibits massive
grain growth to occur.
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Figure 6-18. a) EBSD map of the gas tungsten arc welded Fe42Mn2sC010Cr15Sis joint; IPF map (top), KAM map
(middle) and phase map (bottom) of b) BM region, c) HAZ and d) FZ; e) and f) variation of the average grain size
and KAM values with respect to the different regions of the joint, respectively.

Figure 6-19 b) details an EDS map performed near the boundary of the HAZ/FZ for the main elements
of the present HEA (Fe, Mn, Co, Cr and Si), which was used to study the homogeneity of the chemical
composition of the material. The white dashed line corresponds to the boundary between the HAZ and
FZ. In the HAZ, the chemical composition of Co, Cr, Fe, Mn and Si is well distributed in the ¢-h.c.p. and
y-f.c.c. phases, without any segregation being observed, which is due to the fact that both the peak
temperature during the welding and period at high temperatures in this region are insufficient to promote
observable chemical contrast between the y-f.c.c. and e-h.c.p. phases. Within the FZ, elemental
redistribution is a typical feature associated to the solidification of fusion-based welding process. Here,
all elements are evenly distributed, suggesting that the high cooling rate during welding is beneficial for

suppressing macroscopic elemental segregation.

To further present the local trends of different elements, Figure 6-19 c) details an EDS line scan
performed along the yellow dashed line of Figure 6-19 a). From the elemental distribution curve of Figure
6-19 c), there is no significant fluctuations that exist for all the elements in the HAZ. Taken as a whole,
all elements are uniformly distributed in the HAZ and FZ. This homogeneous distribution of elements is
common in metastable HEAs [60,279], unlike for Mn-containing steels [379,380], which exhibit a distinct

chemical gradient across phase boundaries.
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Figure 6-19. a) Scanning electron microscopy (SEM) micrograph along with an energy-dispersive X-ray
spectroscopy (EDS) line scan (yellow line) and area scan (blue box) near the HAZ/FZ boundary; b) EDS area
mapping, with the analyzed region corresponding to the blue box of Figure 6-18 a); c) EDS line scan along the

yellow dashed line in Figure 6-18 a).

6.2.3.2 High energy synchrony X-ray diffraction

The high photon flux and fast acquisition rate of synchrotron X-ray diffraction make it an ideal technique
for advanced materials characterization. Additionally, it is capable of working in transmission mode, and
the spot size is significantly smaller than when using laboratory X-ray sources. Therefore, it offers the
possibility of probing processed materials at the micro- to mesoscale where microstructural
modifications occur, which would not be distinguished by conventional characterization approaches
[381]. Here, this technique was employed to further probe the microstructure starting from the BM and
passing through the HAZ and FZ until it reached the other side of the BM. Figure 6-20 a) presents the
superimposition of the diffraction patterns over the entire welded joint. The extension of the BM, HAZ
and FZ were determined and marked accordingly. To further compare phases that exist in the various
regions of the welded joint, and to understand how the weld thermal cycle affects the microstructure,
representative diffraction patterns of each location with the corresponding phase identification are
shown in Figure 6-20 b), c) and d), for the BM, HAZ and FZ, respectively.

Overall, X-ray diffraction peaks assigned to y-f.c.c., e-h.c.p. and ¢ phases exist in the BM (Figure 6-20
b)), HAZ (Figure 6-20 c)) and FZ (Figure 6-20 c)), confirming that the gas tungsten arc welded
Fea2Mn28C010Cr15sSis joint possess the same phase structure throughout. All of the phases matched well

with those previously determined using optical microscopy (refer to Figure 6-17) except for ¢ phase,
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which is also well in line with the works of Gupta et al. [375] and Sittiho et al. [376], when performing
friction stir welding of this metastable HEA. The presence of this dual-phase microstructure in both the
HAZ and FZ, reveals that the thermally induced y-f.c.c. — €-h.c.p. martensitic transformation cannot be
completely kinetically inhibited by the thermal cycle experienced by these regions during the welding
process [382]. For the ¢ phase, EDS analysis (refer to Figure 6-21) will be utilized to prove the existence
of this nanosized phase. Here, it is important to mention that the description of the thermally induced y-
f.c.c. > &-h.c.p. martensitic transformation, which will be explained further in the next section when

considering the thermodynamic calculations.

Attention is now devoted to the representative X-ray diffraction patterns for three distinct regions of the
joint. First, the as-cast Fe42Mn28C010Cr1sSis BM exhibited the dual y-f.c.c. + g-h.c.p. phase structure
(Figure 6-20 b)), which is in line with previous reports [62]. The formation and presence of ¢ phase is
discussed next. In HEAs of the Fe-Mn-Co-Cr system, the addition of Si and Cr increases the risk of hard
and brittle o phase formation [275]. However, the current work did not find any Cr-Si-rich particles, but
rather Mn- and Si-rich particles. Frank et al. [337] previously found similarly shaped fine particles in the
as-cast state of the same material, which was also detected to be rich in both Si and Mn as determined
by atom probe tomography. The authors named it as “Si phase” based on its elemental richness without
determining its crystal structure. Here, the microstructure characterization of the BM, combining electron
microscopy and synchrotron X-ray diffraction, allows to identify that those Si-Mn-rich precipitates are
indeed o phase with a tetragonal structure. The small intensity diffraction peaks of this phase are marked
with blue triangles in Figure 6-22. As it will be shown in the next section, this observation is in good
agreement with the thermodynamic calculations that predict the formation of a Si-Mn-rich phase upon

solidification (refer to Figure 6-21).

Entering the HAZ (Figure 6-20 c)), all previously identified phases (y-f.c.c., e-h.c.p. and ) were detected,
suggesting that the weld thermal cycle failed to alter the phase structure in this region. Finally reaching
the FZ, the phase identification shown in Figure 6-20 d) indicates that the solidification and cooling
conditions experienced by the joint region cannot prevent the same phases to be formed. It should be
mentioned here that, although the weld thermal cycle is insufficient to change the existing phases in the

current joint, it does alter their volume fraction, which will be further discussed below.
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Figure 6-20. a) Superimposed X-ray diffraction patterns of across the welded joint; b), c) and d) are representative

diffraction patterns from the BM, HAZ and FZ, respectively.

To quantitatively analyze of how the weld thermal cycle influenced the volume fraction of y-f.c.c., €-h.c.p.

and o phases across the welded joint, Rietveld refinement was performed on the synchrotron X-ray

diffraction data and these results are detailed in Table 6-4.
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Table 6-4. Volume fraction evolution of y-f.c.c., e-h.c.p. and ¢ phases across the welded joint (BM, HAZ and FZ)
as obtained by Rietveld refinement.

Phase volume fraction [%]

y-f.c.c. phase e-h.c.p. phase o phase
BM ~ 60.1 ~ 38.7 ~1.2
HAZ near the BM ~51.3 ~47.8 ~0.9
HAZ near the HAZ/FZ boundary ~ 48.4 ~51.9 ~0.7
FZ ~73.2 ~24.4 ~25

As expected, the as-cast Fes2Mn28C010Cr15Sis HEA showed the y-f.c.c. phase being dominant in the
dual-phase microstructure [62] with the phase distribution being ~ 60.1% of y-f.c.c. phase, and ~ 38.7%
of the e-h.c.p. phase. The phase fraction obtained here is consistent with the findings presented by Nene
et al. [62]. These authors developed the present HEA with a metastable y-f.c.c. dominant microstructure
based on the concept of Gibbs free energy change required for the martensitic transformation of y-f.c.c.
— ¢-h.c.p. Specifically, they modified the metastability of the y-f.c.c. phase by increasing the Cr content
and by adding Si. The Si-Mn-rich ¢ phase had a volume fraction of approximately ~ 1.2%. The phase
quantification of all existing phases in this alloy is first reported in this work. Indeed, the calculated
volume fraction of the existing phases in the BM can be considered as the phase volume fraction that

should originate from an equilibrium-like solidification.

The HAZ is the region of the welded joint where the temperature experienced allows for solid-state
phase transformation to occur while remaining in the same state, i.e., grain growth. Interestingly, there
is a significant change in the phase volume fraction of the y-f.c.c. and €-h.c.p. phases in this region the
the phase volume fraction of the y-f.c.c. and e-h.c.p. phases in this region changed significantly.
Specifically, the y-f.c.c. phase volume fraction decreased compared to the BM (from ~ 60.1 % to ~ 51.3
and ~ 48.4 %, with the two latter values corresponding to the low and high temperature HAZ,
respectively), and correspondingly, an increase in the volume fraction of the ¢-h.c.p. phase was
observed (from ~ 38.7 % to = 47.8 and ~ 51.9%). Generally, there are two ways that can trigger the y-
f.c.c. > e-h.c.p. transformation. One is via the TRIP mechanism [383], the other is via a thermally-

induced phase transformation [384]. In the current work, it is evident that the phase fraction of the ¢-

222



h.c.p. phase increases from the BM to the HAZ. Here, the newly formed ¢-h.c.p. laths in the HAZ are
related to the thermally induced y-f.c.c. — €-h.c.p. martensitic phase transformation during the welding
process, and not to the TRIP effect as the eventual thermal strains that can develop during the process
are not high enough to enable this mechanism. To justify that the increase in the €-h.c.p. phase fraction
was not related to the TRIP effect, KAM values (refer to Figure 6-18 f)) were used to evaluate the
relationship between regions with high dislocation density and/or with a high local strain. Moreover,
welding residual stresses have a correlation with the distribution of the KAM values [385], especially for
welding of thin sheets, as it was demonstrated by Mitra et al. [386]. To be more specific, in Figure 6-18

f), only minimum variations in the average KAM values across the welded joint exist, with 0.375°, 0.451°
and 0.625° for the BM, HAZ and FZ, respectively, which allows to infer the minimal residual strain/stress

within the welded joint induced by the weld thermal cycle. Thus, the low residual stress/strain deduced
from the KAM analysis, justifies the reasonableness of the hypothesis that the €-h.c.p. transformation
from the parent y-f.c.c. occurred by a thermal-induced process, rather than by a deformation-assisted
one. In conclusion, the y-f.c.c. to €-h.c.p. martensitic phase transformation that occurs in the HAZ is
attributed to an allotropic transformation during cooling [387], i.e., the migration and rearrangement of

atoms during the cooling process.

In other words, variations in both the local cooling rate and on the grain size affect the phase stability in
metastable HEAs, where the higher cooling rates enhances the stability of the high temperature y-f.c.c.
phase while the large grains aid in stabilizing the €-h.c.p. phase [388]. The reason for the increased
volume fraction of the €-h.c.p. phase in the HAZ is due to the thermal cycle experienced by the material.
The maximum temperature at which the €-h.c.p. phase is stable is 425 °C [62]. Hence, any region of the
material that experiences temperatures above this will transform to y-f.c.c. However, within the HAZ,
the distance to the heat source will influence both the peak temperature, as well as the associated
cooling rate, leading to a gradient in the fraction of y-f.c.c. and ¢-h.c.p. across this region which impacts
the local mechanical properties, as it will be shown latter. However, as detailed before, grain coarsening,
as it occurs going from the BM to the fusion boundary, will promote the €-h.c.p. stability, favoring the y-
f.c.c. to e-h.c.p. martensitic phase transformation. Thus, two concurring effects, grain size and cooling
rate, will compete towards the stability of the y-f.c.c. or the ¢-h.c.p. phases. Since the phase fraction of
e-h.c.p. phase increases within the HAZ, despite the existence of higher cooling rates near the fusion
boundary that would tend to stabilize the y-f.c.c. phase, it can be stated that the increase in grain size
at this region of the welded joint will dominate in what concerns the phase evolution, promoting a

stabilization of the e-h.c.p. instead.

In what matters ¢ phase, there is a partial dissolution, as its volume fraction is reduced from 1.2 % in
the BM to 0.9 % in the HAZ and then to 0.7 % when approaching to the FZ boundary. This is mainly due
to the higher temperatures and residence time at temperatures promoting this occurrence and was

expected since the melting point of this phase approaches ~ 1045 °C, as determined from
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thermodynamic calculations, meaning that when approaching the FZ boundary its phase fraction is

expected to decrease.

It is well known that the FZ is the region of a welded joint that undergoes melting and fast, non-
equilibrium solidification. Here, a significant change in the phase volume fraction of both y-f.c.c. and ¢-
h.c.p. phases is noted, with the volume fraction of the y-f.c.c. phase increasing from 60.1 % (in BM) to
73.2 %, while the ¢-h.c.p. phase retained only 24.4 %. This is mainly ascribed to the higher cooling rate
in the FZ compared to that experienced during casting of the present BM [389]. Specifically, for
metastable HEAs with low stacking fault energy, as the present material, y -f.c.c. and e-h.c.p. phases
are the stable phases at high and low temperatures, respectively [274]. The volume fraction of the ¢-
h.c.p. phase is strongly dependent on the cooling rate [384]. Thus, in the FZ, the thermally-induced y-
f.c.c. to e-h.c.p. martensitic transformation could be kinetically inhibited due to the faster cooling rate
observed during welding than during casting, enabling to retain more metastable y-f.c.c. phase. Thus,
the variation in the volume fraction of y-f.c.c. and e-h.c.p. phases in the FZ compared to the BM suggests
that the cooling rate is the primary reason affecting the extent of the y-f.c.c. to €-h.c.p. martensitic phase
transformation in this metastable HEA. It is worth mentioning here that, in Figure 6-20 d), the X-ray
diffraction peaks corresponding to the €-h.c.p. phase possess high intensity, similar to that of the y -f.c.c.
phase, which is due to the strong texture effect in the e-h.c.p. phase promoted by the rapid solidification
in the FZ, rendering a highly oriented grain structure. For the ¢ phase, it can be observed that an
increased volume fraction exists in the FZ compared to the remaining regions of the joint (~ 2.5 for the
FZ, ~ 0.9 % for the HAZ and ~ 1.2 % for the BM). This phenomenon occurs as a result of the addition
of Si that leads to the Si-Mn-rich ¢ phase being generated directly from the rapid solidification of the
melt pool at the end of the solidification (more details on this will be provided when discussing the
thermodynamic data of Figure 6-21), which is consistent with the findings reported by Nene et al. whom
used thermodynamic calculations to investigate the effect of Si on the ¢ phase formation [275]. In
addition, another Si-Mn-rich ¢ phase may appear at lower temperatures (= 400 °C under low cooling
rates [390]) as observed in the cast condition. These two precipitated o phase are generated at different
times during the solidification and cooling processes and share the same tetragonal crystal structure,
but their chemical composition slightly differs, causing the final phase volume fraction of this phase, as
measured in the FZ, to be higher compared to the that determined in both the HAZ and BM. This is

further evidenced by the higher peak intensity of o phase as shown in X-ray diffractogram of Figure 6-20

d)).
6.2.3.3 Thermodynamic calculations

In order to gain a better understanding of the solidification process that occurs in the FZ, the Scheil-
Gulliver model was used to implement and predict the solidification pathway and phases formation in
the FZ by considering the non-equilibrium solidification conditions. As determined by EDS

measurements, the average FZ composition (35% Fe, 23% Mn, 17% Co, 19% Cr and 6% Si, at. %) was

224



used for these thermodynamic calculations. Besides, a nominal composition of the material was also
taken into account (42% Fe, 28% Mn, 10% Co, 15% Cr and 5% Si, at. %) to perform the same

calculations.

Although not shown here, when comparing the non-equilibrium solidification diagrams obtained with the
two different compositions it was found that the solidification pathway, as well as the phases formed,
are practically the same. As a matter of fact, the only subtle differences between the two (average vs
nominal compositions) are the temperatures of the solidus and liquidus as well as the temperature at
which the o phase begins to form. Thus, here, only the non-equilibrium solidification pathway obtained

considering the average measured composition of the FZ is analyzed, as shown in Figure 6-21.

As can be clearly seen in Figure 6-21, the solidification path takes place in two steps as follows: Liquid
— Liquid + y-f.c.c., then followed by y-f.c.c. and ¢ phases being formed from the remaining liquid. When
using the average FZ composition, the solidus and liquidus temperatures were determined to be 1256
and 951 °C, respectively, whereas the range for ¢ formation occurred between 1045 and 951 °C. For
reference, the liquidus, solidus and o formation temperatures are 1223, 915, 932 and 916 °C when
using the nominal composition of the material. It is worth noting that there is no trace of the ¢-h.c.p.
phase during the solidification process presented in Figure 6-21. In fact, the ¢-h.c.p. phase previously
detected in the FZ by synchrotron X-ray diffraction data (refer to Figure 6-20 d)) and optical microscopy
(refer to Figure 6-17), did not form directly from the liquid, but rather occurred during a solid-state phase
transformation upon further cooling after solidification was finished. This again proved the previous
assumption that the variation of the y-f.c.c. and ¢-h.c.p. phases volume fraction in the HAZ and FZ are

the result of a thermally induced y-f.c.c. — €-h.c.p. martensitic phase transformation.

According to these thermodynamic calculations, the o phase that formed during non-equilibrium
solidification was enriched in both Si and Mn. Furthermore, EDS data details that these small particles
observed in the FZ are also enriched in both Si and Mn (see Figure 6-22), which further validates these

thermodynamic calculations. This will be discussed in detail next.
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Figure 6-21. Solidification path calculations using Scheil-Gulliver model in ThermoCalc (TCHEA 5.1 database)
considering the average FZ composition.

The EDS mapping of the constituent elements (Fe, Mn, Co, Cr and Si) was conducted to further
investigate the composition distribution of the fine black particles that can be observed in the FZ, which
are shown in the SEM images of Figure 6-22 with white ellipses. These EDS data confirms that these
black particles are enriched in both Mn and Si, suggesting that these two elements had the most
significant tendency to cluster [291]. Interestingly, in the present work, Mn and Si were also the elements
with the most significant discrepancies in electronegativity [391] in the Fe-Mn-Co-Cr-Si system. Nene et
al. [62] previously used atom probe tomography reconstruction to identify short-range clusters by
nearest neighbor analysis of the particles that appeared in the same Fe-Mn-Co-Cr-Si metastable HEA.
The observed elemental clustering is consistent with the current work observations, i.e., the particles
being Si-Mn-rich. In conclusion, the Si-Mn-rich particles detected by EDS matched with the
thermodynamically predicted c phase enrichment of these two elements (refer to Figure 6-21), thus

validating the accuracy of the thermodynamic predictions.
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Figure 6-22. SEM image and corresponding EDS mapping near particles of o phase in the FZ.

6.2.3.4 Mechanical behavior

As shown in Figure 6-23, microhardness measurements were performed across the welded joint to
further evaluate how the weld thermal cycle and local material microstructure effected the local material
strength. The color change in the hardness mapping presented in Figure 6-23 a) identified three typical
regions of the welded joint: the blue, green and red colors represent the BM, HAZ and FZ, respectively,
and these regions have been marked by a different number each. Besides, a representative trend of the

hardness variation along the joint, obtained at mid height, is detailed in Figure 6-23 b).

From Figure 6-23 b), a significant difference in hardness was found among the BM (~ 221 HV0.3), HAZ
(ranging from ~ 225 to ~ 262 HV0.3) and FZ (= 275 HV0.3). As can be seen, the hardness in the region
of the BM is the lowest of all, whereas the HAZ has an increasing trend in hardness value when
compared to the BM. The increase in hardness in the HAZ when moving towards the fusion boundary
is mainly due to a higher phase volume fraction of the hard ¢-h.c.p. phase, which increases similarly
along the HAZ (refer to Table 6-4). Previously, Hou et al. [392] and Shayasultanov et al. [393] reported
that the hardness of the €-h.c.p. phase is approximately three times higher than that of the y-f.c.c. phase
in such metastable HEAs. From the BM region, entering into the HAZ, the average grain size of the
matrix y-f.c.c. increases from 47.5 um (BM) to 54.2 um (HAZ), which should result in a minor hardness
decrease following the Hall-Petch relationship. However, not only the grain size difference is small, but
the volume fraction of the e-h.c.p. phase has a more significant and profound impact on the material
hardness. Thus, although there is an increase in the grain size when approaching the fusion boundary,
the observed increase in hardness is due to the higher ¢-h.c.p. phase fraction, which promotes a
strengthening along the HAZ.
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One interesting feature is the hardness distributions in the FZ. If purely looking at the volume fractions
of y-f.c.c. (73.2%) and ¢-h.c.p. (24.4%) phases, it would be expected that a smaller hardness would
exist at this region, owing to the domination of a soft y-f.c.c. microstructure. In contrast, the FZ showed
a maximum value of hardness over the whole joint, which was mainly due to the very refined subgrain
structure of the y-f.c.c. and e-h.c.p. product phase (= 2 um) induced by the rapid solidification of the FZ,
and the consequent introduction of fine grain strengthening. Thus, although the volume fraction of ¢-

h.c.p. phase is lower in the FZ, the significant grain refinement is enough to significantly increase the
material hardness at this location.
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Figure 6-23. a) Microhardness map across the welded joint; b) Microhardness profile obtained at the mid height of
the welded joint (white dashed line across the hardness map in a).

To assess the mechanical performance of the welded joints, and compare them with the BM, uniaxial

tensile testing until failure was carried out on both gas tungsten arc welded Fe42Mn2sC010Cr1sSis joints,
as well as the as-cast Fe42Mn2sC010Cr15Sis BM.

provides the stress-strain curves for the as-welded joints (blue curve) and as-cast BM (red color).
Detailed information on the mechanical properties of the materials discussed above can be found in
Table 6-5. Overall, there is a decrease in the strength and ductility of the weld joints compared to the
BM. More specifically, the yield strength, ultimate tensile strength and maximum elongation of the BM

are ~ 440 MPa, ~ 790 MPa and =~ 9.8% respectively, while for the welded joints these values are ~ 400
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MPa, ~ 615 MPa and ~ 6.6%. Although less performing than the original base materials both in terms
of the ultimate strength and ductility, the joint still exhibits interesting mechanical properties, with
potential for being considered for structural applications. Observation of the macroscopic features of the
fracture of the joints, revealed that failure occurred in the FZ. The larger amount (relative to the BM and
HAZ) of dispersed and hard nanosized ¢ phase that was determined to exist in this region can justify
the fracture location. Moreover, the nearly twice volume fraction of ¢ phase that exists in the FZ, which
can act as the stress concentrators, trigger the crack initiation and subsequent development, can also

contribute to the premature failure of the joint as well as its location.

Theoretically, TWIP and TRIP effects occur during the deformation of metastable HEAs, which can
improve the strength and ductility of the material [60,295]. However, based on the final mechanical
behavior of the welded joint in the current work (refer to Figure 6-24), it can be speculated that the large
amount of nanosized o phase distributed in the FZ triggers localized stress concentrations and cracking
sources, causing the joints to fracture prematurely and not allowing the TWIP and TRIP effects to take
full exploit their advantages in improving the mechanical properties of the material. Hence, future work
will be primarily focused on how to improve the mechanical properties of the current welded joint by

using the post-weld heat treatments.
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Figure 6-24. Representative tensile stress-strain curves of BM and as-welded as-cast Fe42Mn2sC010Cr15Sis
metastable HEA at room temperature under a strain-rate 10-3 s

Table 6-5. Summary of tensile properties of BM, gas tungsten arc welded Fe42Mn2sC010Cr15Sis joints.

Yield strength Ultimate tensile strength Fracture strain
[MPa] [MPa] [%0]
BM ~ 440 ~ 790 ~9.8
Welded joints ~ 400 ~ 615 ~ 6.6

To further explore the fracture mode as well as to determine the fracture origin, the tensile fracture
morphology of the as-welded joints of Fe42Mn2sCo10Cr15Sis metastable HEA were observed by SEM, as
shown in Figure 6-25. Figure 6-25 a) details the overview of the fracture surface with Figure 6-25 b) and
Figure 6-25 c) detailing zoomed in images of specific features observed. Interestingly, an intergranular
fractured surface was observed, as shown in Figure 6-25 b). This implies that slip location is helpful in
facilitating the development of damage along the grain boundaries [394]. As marked in Figure 6-25 c),

evidence of cleavage fractures and dimples reveal a mixed brittle and ductile fracture morphologies.
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Normally, localized plasticity in metastable HEAs can promote intergranular cracking mechanisms [395].
Considering that the hard nanosized ¢ phase was mainly distributed near the phase boundaries (refer
to Figure 6-18), it can be deduced that the stress concentration induced by the o phase activates
localized plastic deformation at the grain boundaries, which aids in crack initiation occurring near the
boundaries, and eventually the fracture occurs along the grain boundaries. In addition, the brittle -h.c.p.
phase induced by the TRIP effect during tensile loading, tends to nucleate and grow near the grain
boundaries, further reducing the ductility at the grain boundaries and serves as an auxiliary mechanism
for localized plastic deformation. Thus, the analysis of the fracture mechanism further validates the
previous hypothesis that the higher volume fraction of the hard nanosized ¢ phase in the FZ is the main

reason for inducing premature failure in this region of the welded joint.
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Figure 6-25. Fracture surface analysis of the as-cast Fe42Mn2s8C010Cr15Sis gas tungsten arc welded joint: a)
overview; b) and c) close-up detailing ductile-and brittle-like features.

6.2.4 Conclusions

A combination of advanced materials characterization and thermodynamic calculations was used to
investigate the how gas tungsten arc welding affects the microstructure and mechanical properties of
an as-cast Fes2Mn2sC010Cri15Sis metastable high entropy alloy. In conclusion, the following main points

can be made:

1) Overall, there were no weld defects detected in the joints, which exhibited a good weldability.
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2) The y-f.c.c. to e-h.c.p. phase transformation in the HAZ and FZ does not occur due to the TRIP effect
triggered by the weld thermal strains, but rather due to a thermally-induced martensitic phase

transformation during the cooling process.

3) Competition between grain size and locally varying cooling rates where seen to influence the phase

stability across the HAZ.

4) Microstructure characterization, combining electron microscopy and synchrotron X-ray diffraction
determined that Si-Mn-rich precipitates are o phase with a tetragonal structure, which in good

agreement with the thermodynamic calculations used to predict the solidification pathway.

5) The cooling rate is the primary reason affecting the extent of y-f.c.c. to e-h.c.p. martensitic phase

transformation in the FZ.

6) Although the phase volume fraction of hard ¢-h.c.p. significantly reduced in the FZ, the refine grain

size of this phase promoted a significant strengthening effect at this location.

7) The joints have a lower strength and ductility compared to the original BM but can still be considered

for structural applications owing to their good mechanical performance.
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7.

CONCLUSIONS AND FUTURE WORK

7.1 Introduction

This Chapter presents the main findings of the overall research work and determines the future
directions for further research. The major findings obtained in this works are briefly summarized and the
significance of the research performed is put in evidence. Suggestions for future work are also provided
to further expand the knowledge on the weldability of HEAs.

7.2 Conclusions

The primary goal of this work was to study the weldability of different HEAs systems (Co-Cr-Fe-Mn-Ni
system, Al-Co-Cr-Fe-Ni system, and Fe-Mn-Co-Cr-Si system) by using GTAW and GMAW methods,
establishing the correlations between the processing-microstructure-properties, and eventually provide

new data for more massive implementation of these advanced engineering alloys.
In this section, the most relevant conclusions are summarized.
CoCrFeMnNi HEA:

e Sound and defect-free GMAW CoCrFeMnNi joints were obtained using 308 and 410 stainless
steels filer materials.

e Suitability of using filler materials for joining CoCrFeMnNi HEAs is demonstrated owing to the
good mechanical properties exhibited by the welded joints.

e This allows inferring that the addition of filler materials for welding HEAs is a viable method for
the widespread use of these novel materials towards their implementation in structural
applications.

e Recrystallization followed by grain growth were the primary causes behind HAZ softening.

e Existing phases predicted by thermodynamic calculations were in good agreement with those
observed in the FZ and were seen to be dependent on the dilution ratio.

e Stress concentration at the weld toe caused by the face/root reinforcement is a dominant factor
contributing to failure of welded joints.



AlCoCrFeNi..: eutectic HEA:

1) Deformation mechanisms of a eutectic AICoCrFeNiz.1 HEA probed by in-situ synchrotron X-ray
diffraction

The two major phases, a soft disordered FCC and a hard ordered B2 BCC, were
observed to exhibit a stress partitioning effect which can be used to modulate the
mechanical response of the material based on the relative volume fraction of each
phase.

Dislocation density analysis revealed that the soft FCC phase had a significantly higher
dislocation density right after the onset of plastic deformation. This is attributed to the
existence of strain gradients across the lamellar structure, where the hard B2 BCC
prevents free deformation of the FCC phase.

Despite the increase of the dislocation density in the soft FCC phase, calculations of
the strengthening effects induced by the generation of dislocations are more significant
in the hard B2 BCC phases, as this phase is primarily responsible for the strengthening
increase in the alloy.

Lattice strain analysis across two principal directions (parallel and perpendicular to the
loading axis) reveals that for these specific orientations there is a preferential
deformation of the hard FCC planes which can be related to the as-cast texture and its
impact on the deformation response of specific lattice planes at distinct orientations.

2) Study on the GTAW of as-cast AICoCrFeNiz.1 eutectic HEA

No welding defects were observed in the gas tungsten arc welded AICoCrFeNiz 1 joints.
The FZ exhibits a higher hardness due to a refined interlamellar thickness.

Good agreement between experimentally observed phases and those predicted by
thermodynamic calculations.

The welded joints present a good strength/ductility balance

Fes oM n28C0 10CF155i5 HEA:

1) Study on the deformation mechanism of a metastable Fe42Mn2sC010Cr15Sis HEA probed by in-
situ with synchrotron X-ray diffraction

The dual-phase y-f.c.c. / e-h.c.p. microstructure on the deformation response of the
alloy plays a critical role the deformation mechanisms that develop in the material during
tensile loading.

The different deformation modes, slip, TRIP, and TWIP, were seen to initiate at different
loading stresses and then overlap.

2) Study on the GTAW of as-cast Fes2Mn2sC010Cri15Sis metastable HEA

Gas tungsten arc welding of as-cast Fes2Mn2sCo010Cri15Sis metastable high entropy
alloys is successfully performed for the first time.

Defect-free joints with good mechanical behavior were obtained.

The y-f.c.c. to e-h.c.p. martensitic phase transformation that occurs in the HAZ is
attributed to an allotropic transformation during cooling.

A large volume fraction of hard o phase distributed in the FZ is a dominant factor
contributing to failure of welded joints.

Arc-based welding techniques are suitable for welding these novel advanced
engineering alloys.



7.3 Future work

This work mainly focused on fusion-based welding of HEAs. However, one key issue during the arc-
based welding of HEAs is the large hardness drop of the FZ due to the presence of a large columnar
grain structure. Thus, there is a need to develop processing strategies capable of controlling grain
growth and modifying the FZ microstructure. Methods to reduce grain size usually involve the addition
of nano or micron sized powders to facilitate nucleation within the FZ, thereby promoting grain
refinement. This method has been used for a variety of critical engineering materials, such as steels

and titanium alloys, but not for welded joints in HEAs.

Thus, in the future, the role of nano and micron sized powders additions on the microstructure and
mechanical properties of CoCrFeMnNi, AICoCrFeNiz1, and Fes2Mn2s8C010CrisSis HEAs (or others)
should be addressed. Here, powders, such as TiB2, TiC, and TiN, can be potential materials of choice
as thy have been already used with success in other materials. Advanced microstructure and
mechanical characterization will be performed to understand the role of different powders on the welded
joint. A correlation between the microstructure, welding conditions, and mechanical performance should

then be established.

The role of post-weld heat treatments on the microstructure and mechanical response of the welded
joints is also a key point that should be explored further. Here, optimization of the post-weld heat
treatment conditions should be performed in order to further increase the mechanical response of the

welded joints.

Finally, exploring other welding processes namely solid-state ones as friction stir welding, should be

attempted to determine their suitability for advanced materials joining of these novel engineering alloys.
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