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A B S T R A C T   

Interstitial solute-strengthened Fe49.5Mn30Cr10Co10C0.5 (at%) high entropy alloy was additively manufactured by 
directed energy deposition (DED) process in this work. While the as-deposited material exhibits an excellent 
combination of strength and ductility, the effect of anisotropy on the mechanical performance of the DED 
processed component was studied in detail. The ultimate tensile strength (UTS) of the horizontal tensile sample 
with a main fiber texture of <111> // tensile direction (TD) went up to 1 GPa while maintaining a superb failure 
elongation of 36%. The vertical tensile sample, with a dominant <001> // TD texture, failed at an UTS of 750 
MPa with an enhanced failure elongation of 52%. Microstructural analysis of the deformed samples showed that 
the horizontal samples were mainly deformed via the formation of mechanical twins, whereas the twining ac
tivity was less profound in the vertical samples. Single crystal micro-pillar compression testing revealed that the 
deformation mechanism complies well with the Schmid’s factor. In addition, a higher critical resolved shear 
stress for twining compared to slip was also confirmed in the micro-pillar compression testing.   

1. Introduction 

In recent years, high entropy alloys (HEAs), as multi-principal 
element alloying systems, have attracted significant attention owing to 
their superior combination of strength and ductility [1–3]. The original 
idea of HEAs was developed based on the equiatomic ratio of multiple 
principle elements to obtain a stabilized single-phase solid solution due 
to the maximization configurational entropy of the alloying system [4]. 
However, recent studies have shown that the formation of single-phase 
solid solution is less dependent on the maximized configurational en
tropy [5,6]. Yao et al. [7] developed a non-equiatomic FeMnNiCoCr 
HEA and showed that massive solid solution can form over a broad 
composition range. Non-equiatomic HEAs paved the way for exploring 

new HEA compositional spaces by adding interstitial elements. 
Oxygen-doped TiZrHfNb HEA exhibited enhanced strength and ductility 
through the formation of oxygen complexes [8]. Wu et al. [9] added 
carbon to the composition of fcc single-phase HEA and reported higher 
strength and ductility due to the formation of nanotwins. In another 
work [10], the doping of 30 ppm boron into non-equiatomic 
Fe40Mn40Cr10Co10 (at%) HEA resulted in simultaneously enhanced 
yield strength, ultimate tensile strength (UTS) and ductility. 

The interstitial carbon-added dual-phase non-equiatomic 
Fe49.5Mn30Cr10Co10C0.5 (at%) is a relatively new class of HEAs with 
excellent synergy of strength and ductility [11]. It has been reported that 
the addition of carbon leads to simultaneous activation of twining and 
phase transformation induced plasticity (TWIP and TRIP) during 
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uniaxial tensile testing [11]. The TWIP and TRIP deformation mecha
nisms together with other strengthening mechanisms such as interstitial 
solid solution strengthening and precipitation strengthening culminate 
in significant increase in strength and ductility compared to the 
single-phase HEA with the same composition [12]. 

While most studies have focused on HEAs produced by casting and 
post-processing steps such as hot and cold rolling, forging and solution 
annealing to tailor the microstructure and mechanical properties, the 
laser additive manufacturing (LAM) methods have been emerging as 
versatile fabrication routes for HEAs, offering near-net-shape production 
of complex geometries [13–16]. Laser directed energy deposition (DED) 
is one of the LAM techniques suitable for producing large-scale complex 
metal components. With DED, a powerful laser beam produces a molten 
pool on a self-supporting substrate that is built up in a layer-wise 
manner. The metal powder is injected coaxially with the laser beam 
into the molten pool (blown powder), where the powder is melted and 
metallurgically bonded to the previous layer. This enables new layers of 
metal materials with desired properties to be applied to create 3D 
structures. Haase et al. [17] used an elemental powder blend to fabricate 
equiatomic CoCrFeMnNi HEA by DED. Significantly reduced segrega
tion and pronounced texture have been observed for the DEDed HEAs 
compared to the as-cast counterparts. Higher yield strength and UTS was 
also reported in DEDed CoCrFeMnNi HEA [18] due to its finer 
microstructure. 

There are limited number of reports on the LAM of interstitial solute- 
strengthened Fe49.5Mn30Cr10Co10C0.5 (at%) HEA (iHEA). Laser powder 
bed fusion (LPBF) of the iHEA was reported in [19]. The results showed 
that the additively manufactured iHEA achieved higher strength but 
lower ductility compared to the cast product. Additionally, while the 
cast iHEA showed fcc and hcp dual-phase structure, fcc single-phase 
structure was observed in the as-printed iHEA. DED process was also 
applied to produce this iHEA by Chew et al. [20]. They reported similar 
mechanical properties to that of LPBFed iHEA. While TWIP and TRIP 
activation were observed for the room-temperature tensile testing of the 
DEDed iHEA, low-temperature tensile testing at − 40 ◦C and − 130 ◦C 
showed only the TRIP effect. A fine cellular structure together with 
oxide inclusions was reported as the main strengthening mechanism for 
the printed iHEA. 

To the best of our knowledge, there are no reports on the effect of 
anisotropy resulting from the DED process on the microstructure and 
mechanical properties of Fe49.5Mn30Cr10Co10C0.5 iHEA. The current 

study aims to explore the effect of texture on the mechanical properties 
and deformation mechanisms of DEDed iHEA. Tensile testing and micro- 
pillar compression tests are utilized to evaluate the orientation- 
dependent mechanical performance of the additively manufactured 
iHEA. 

2. Experimental 

DED process was carried out using a 3 kW IPG Photonics ytterbium 
fiber laser (YLS-3000) with a wavelength of 1.07 µm. Gas atomized pre- 
alloyed powder with a nominal composition of Fe49.5Mn30Cr10Co10C0.5 
(at%) and size distribution of 50–140 µm was delivered to the melt pool 
on ST37 plain carbon steel substrate. The particle morphology and en
ergy dispersive X-ray spectroscopy (EDS) elemental mapping of the 
iHEA powders are shown in Fig. 1. All elements are uniformly distrib
uted in the pre-alloyed powders, and the detailed chemical composition 
of the powders is listed in Table 1. The trace presence of O is considered 
to be related to the contamination during powder fabrication process. 
The iHEA components were additively manufactured using a laser 
power of 1500 W, laser beam spot of 3 mm in diameter, laser beam 
scanning speed of 350 mm/min and an overlap ratio of 50%. The 
deposition process was carried out with Ar gas shielding. Bidirectional 
scanning strategy was utilized through which the laser scanning direc
tion changes for each deposition layer (Fig. 2a). Fig. 2b shows a typical 
deposited block of iHEA with 40 mm length, 15 mm thickness and 22 
mm height. The measured chemical composition of the as-deposited 
samples is listed in Table 1, where the contents of metallic elements 
were measured by EDS, while the contents of C and O were measured by 
inductively coupled plasma-atomic emission spectroscopy. 

The microstructure of the deposited samples was examined by 
scanning electron microscopy (SEM) and electron back scatter diffrac
tion (EBSD) on a Tescan Lyra dual beam SEM-FIB microscope. To 
investigate the mechanical performance of the deposited iHEA material, 
tensile specimens with the gauge dimension of 11.5 mm × 3.5 mm 

Fig. 1. Particle morphology as revealed by SEM and SEM-EDS elemental mapping results of pre-alloyed Fe49.5Mn30Cr10Co10C0.5 iHEA powders.  

Table 1 
Chemical composition of the iHEA powders and as-deposited samples (at%).  

Element Fe Mn Co Cr C O 

iHEA powder  45.88  33.80  8.58  11.16  0.50  0.08 
DED iHEA sample  47.82  30.80  9.15  11.51  0.53  0.19  
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× 1 mm were machined from the deposited block in two different di
rections, as schematically shown in Fig. 2c. The 3D inverse pole figure 
(IPF) map represents a typical microstructure of the DED deposited 
iHEA. Vertical sample labeled as iHEA-V was machined parallel to the 
building direction (BD) and the horizontal tensile sample named as 
iHEA-H was sliced parallel to the laser scanning direction. The tensile 
test was carried out using a Kammrath-Weiss tensile module with a 
strain rate of 10− 4 s− 1, and the machine displacement was used to 
measure strain. High-energy synchrotron X-ray diffraction (SXRD) was 

applied to analyze the phase constituents before and after tensile 
deformation. To further determine the deformation mechanisms, 
transmission electron microscopy (TEM) analysis was performed on 
grains with different orientations. The TEM samples were prepared 
using focused ion beam (FIB) slicing (FEI Helios G4 CX dual-beam mi
croscope). Micro-pillar compression test was used to evaluate the micro- 
mechanical properties of deposited iHEA in two different crystal ori
entations close to [001] and [111], respectively. Micro-pillars with a 
diameter of 2 µm and length of 6–7 µm were fabricated using FIB with 

Fig. 2. (a) Laser scanning strategy, (b) as-deposited iHEA block and (c) 3D inverse pole figure (IPF) representing the overall microstructure.  

Fig. 3. (a) SEM image of ion-milled micro-pillar, (b) schematic image of the micro-pillar compression test by a flat diamond punch. IPF maps with a white circle 
indicating the selected area for milling a micro-pillar oriented along (c) [001] and (d) [111] orientations. The IPFs were plotted relative to the normal direction 
of samples. 
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10 and 3 nA ion currents during the initial rough milling process. 200 
and 40 pA ion currents were used for the final polishing steps. An ion- 
milled micro-pillar and schematic of the micro-pillar compression test 
by a flat diamond punch are shown in Fig. 3a and b, respectively. The 
white circles in the IPF maps presented in Fig. 3c and d illustrate the 
selected areas for the micro-pillar milling through [001] and [111] di
rections, respectively. 

3. Results and discussion 

3.1. As-deposited microstructure 

An optical microscopy image of the as-built iHEA in the cross-section 
normal to the laser scanning direction is shown in Fig. 4a. A layer-by- 
layer deposition pattern with an average thickness of 650 µm and 
ripple-like melt pool with an average size of 573 ± 180 µm can be seen. 
A mixed columnar and equiaxed grain structure solidified inside the 

melt pool, as shown in Fig. 4b. Higher magnification SEM images of the 
equiaxed and columnar grains are shown in Fig. 4c and d, respectively. 
The secondary arm spacing of the dendritic structure is very small and a 
cellular solidification substructure can be observed in Fig. 4c. The IPF of 
the marked square area in Fig. 4a, along the BD together with the 
indicated melt pool boundaries, is presented in Fig. 4e. It illustrates the 
epitaxial grain growth extending over several layers, with the major 
grain orientation of <001> and <011> // BD. It should be noted that 
the melt pool boundary lines are added here to help understand the 
relative positional relationship between the grain morphology and the 
laser melt pool, which were not directly identified from the IPF map due 
to the epitaxial growth of many grains. The phase map with the super
imposed grain boundary map is depicted in Fig. 4f, showing that the as- 
deposited structure is almost entirely composed of fcc phase, with 
columnar grains mainly separated by high-angle grain boundaries 
(HAGBs). 

Additionally, it is worth noting that the IPF in Fig. 2c reveals 

Fig. 4. (a) Optical macrograph from the cross-section normal to the laser scanning direction and (b) fine dendritic structure in the melt pool. SEM images of the (c) 
equiaxed and (d) columnar dendritic structure. (e) IPF map of the marked square area in (a) with melt pool boundaries indicated as dashed black lines, (f) the 
corresponding phase map with superimposed grain boundary map. 
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different grain morphologies between the two side planes (i.e., X-Z and 
Y-Z planes). In the sample preparation process of current work, the laser 
scanning direction is along the X direction, and a 180◦ turn is applied to 
two consecutive deposition layers (Fig. 2a), which means that the 
thermal gradients along the X and Y directions during the laser depo
sition process are different, resulting in different microstructures in 
these two side planes. Specifically, on the X-Z plane, the melt pool with a 
large width-to-height ratio of the current DED process enlarges the 
remelting regions, thereby favoring the alignment of the maximum 
thermal gradient direction along the BD (Z direction), promoting the 
epitaxial growth of pre-existing grains and the resulting formation of 
elongated columnar grains across multiple deposition layers [21]. 
Consequently, a strong <001> orientation along the BD was formed, 
where the <001> is the preferable growth direction for cubic crystals 
[22]. Besides, competitive growth occurs under the influence of local 
heat flux perturbations related to the movement of the laser beam along 
the X direction in the dynamic melt pool [21], resulting in a weak 
<101> texture along the BD in the as-deposited sample. In comparison, 
on the Y-Z plane as shown in Fig. 4a, the temperature gradient direction 
perpendicular to the local boundary in a semi-elliptical shaped melt 
pool, promotes the growth of <001> grains from the local melt pool 
boundary towards the center of the melt pool. As such, epitaxial growth 
with <101> orientation along the BD is formed. Meanwhile, current 
bidirectional laser scanning strategy leads to local perturbations in heat 
flux, causing the solidified grains to shift their growth direction towards 
new directions along local temperature gradients [23]. These new 
growth directions may no longer be preferable for continuous growth, 
thus leading to competitive growth of cellular dendrites even inside a 
melt pool on the Y-Z plane [22], this can also be confirmed by the fine 
dendritic structure in Fig. 4b and d. Hence, the development of different 
microstructures on X-Z and Y-Z planes results from the competition 
between the alignment of preferable growth directions and the di
rections of local thermal gradients [21,24]. 

To precisely determine the existing phases and the corresponding 
phase fractions, high-energy SXRD was applied for the as-deposited 
sample. The obtained diffraction pattern is presented in Fig. 5. In 
addition to the fcc phase observed by EBSD, M23C6 and M7C3-type 
precipitates were also detected, which is attributed to the excellent 
signal-to-noise ratio of synchrotron X-ray sources enabling phase iden
tification and quantification of even minority phases. According to the 
Rietveld refinement, the phase fractions of fcc, M23C6 and M7C3 were 
calculated as 98.29%, 1.06% and 0.65%, respectively. 

Fig. 6a shows the SEM-EDS elemental distribution of the equiaxed 
grain structure. While Co and Cr are uniformly distributed inside and at 
the boundaries of the subgrains, there is, despite the rapid cooling of the 
DED process, Mn segregation towards the cellular boundaries and Fe 

segregation towards the interiors. These results are in good agreement 
with [25–27], where the HEAs with high Mn content show Fe and Mn 
segregation to the cell interiors and boundaries, respectively. 
Laurent-Brocq et al. [27] studied the thermodynamics of the CoCr
FeMnNi HEA using an analogy with fully miscible binary alloys and 
reported that the solidus and liquidus temperatures of Mn50Ni50 are 
lower than those of Fe33Co33Cr33. Therefore, as the temperature in the 
molten pool drops to the liquidus point, the dendrites start to solidify 
preferentially enriched in Fe, Co and Cr and subsequently the Mn- and 
Ni-rich phases solidify in the interdendritic spacing. Kies et al. [28] re
ported the interdentritic segregation of Mn and C in DEDed high Mn 
steel despite the high cooling rate of the solidification process. Slight 
segregation of C element is also observed at the subgrain boundaries in 
Fig. 6a, indicating the possibility of carbide formation. In order to 
observe the carbides more clearly, we acquired backscattered electrons 
(BSE) signals on the surface of the sample etched with Waterless Kal
ling’s etchant. The obtained BSE image is shown in Fig. 6b, where 
Fig. 6b1 and b2 are corresponding BSE and SE images of the magnified 
area marked with a red box in Fig. 6b. Significant aggregation of 
nano-scale carbides can be observed at the cellular boundaries. In 
addition to elemental segregation, uniformly distributed near-spherical 
particles are also observed in the as-built iHEA. The TEM and high 
resolution TEM (HRTEM) images, selected area electron diffraction 
(SAED) pattern and the TEM-EDS results in Fig. 6c-f confirm the 
fcc-structured Mn-rich oxide and sulfide precipitates in the iHEA matrix. 
The local enrichment of O and S is related to the contamination during 
the powder fabrication process [29], and the former is also considered to 
be closely related to the current DED process where the Ar gas shielding 
was not sufficient enough to fully protect the melt pool from oxygen. 

3.2. Orientation-dependent mechanical properties 

3.2.1. Tensile testing 
The representative engineering stress-strain curves for the DEDed 

iHEA components are shown in Fig. 7a. The yield strength (σy) of the 
iHEA-V sample is about 430 MPa and its ultimate tensile strength (σUTS) 
goes up to 750 MPa with the failure elongation of 52%. The iHEA-H 
sample shows significant increase in the σy and σUTS to about 790 MPa 
and 1000 MPa, respectively, while enduring a slightly reduced elonga
tion of 36%. The trade-off between ductility and strength of these 
samples are evident. 

The corresponding strain hardening rate (SHR) curves for these two 
samples are presented in Fig. 7b. The iHEA-H sample reveals slightly 
higher SHR compared to the iHEA-V sample, especially at lower strains. 
Followed by a fast decrease in SHR after yielding up to 0.05 true strain, 
the iHEA-H sample shows a slower reduction in SHR until 0.1 true strain. 
The SHR then changes insignificantly until sample rupture. The iHEA-V 
sample shows comparable SHR compared with the iHEA-H sample 
despite its lower tensile strength. After a sharp decline in SHR till 0.03 
true strain, there is a steady and small increase in SHR up to 0.2 true 
strain followed by a slow and steady reduction until failure point. Fig. 8 
compares the tensile properties of different classes of as-deposited HEAs 
produced using DED. The graph shows an excellent strength-ductility 
synergy of the iHEA presented in this work, pushing the paradigm for 
the tensile properties of additively manufactured HEAs. 

3.2.2. Texture and deformation mechanisms analysis 
Fig. 9 depicts the orientation distribution function (ODF) at the φ2 

= 45◦ section and IPF texture of the tensile samples before deformation. 
The IPFs indicate how the grains are oriented in relation to the tensile 
direction (TD) as a reference axis. The main texture components of the 
samples described in {hkl}<uvw> parallel to the tensile plane and main 
fiber parallel to the TD are presented in Table 2. The as-deposited iHEA 
shows strong anisotropy in texture in horizontal and vertical directions. 
The main texture components of the iHEA-H sample before deformation 
are Copper and A with the main fiber texture of <111> // TD (Fig. 9a, Fig. 5. High-energy SXRD pattern of as-deposited iHEA sample.  
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Fig. 6. (a) SEM-EDS element mapping of equiaxed cellular structure. (b) BSE image showing the carbides at cellular boundaries, (b1) and (b2) are corresponding BSE 
and SE images of the magnified area in (b). (c) TEM and (d) HRTEM micrographs of the precipitate, (e) the corresponding SAED pattern, (f) TEM-EDS mapping of the 
precipitate in (c). 
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c). Fig. 9b shows the ODF of the iHEA-V sample with a totally different 
texture composed of Goss, Cube and rotated Copper components. As 
shown in Fig. 9d, the main texture fiber for the iHEA-V sample is 
<001> // TD. There is also a minor texture around <102> // TD, 
deviating slightly from <101> // TD. The evolved texture in the iHEA-V 
sample is ascribed to the preferred primary dendrites growth of 
<001> direction towards the maximum heat flux in cubic materials, 
which is almost parallel to the BD. The presence of the minor fiber 
texture close to <102> // TD may arise from the fact that the dendrites 
tend to grow normal to the melt pool boundaries. Since these boundaries 
are curved, the grains nucleated at the sides of the melt pool grow in a 
direction tilted with respect to the BD of the sample. 

The φ2 = 45◦ ODF sections and IPFs of the tensile samples after 
fracture are shown in Fig. 10. The iHEA-H sample after fracture still 
shows the main A texture component with the fiber texture <111> // 
TD. However, the Copper texture component in the iHEA-H sample 

Fig. 7. (a) Engineering stress-strain curves and (b) corresponding strain hardening rate curves of the DEDed iHEA tensile samples taken along horizontal (H) and 
vertical (V) directions. 

Fig. 8. Comparison of UTS and elongation of HEAs produced by laser DED according to literature [30–40] with those obtained in the present work (iHEA-H and V).  

Fig. 9. φ2 = 45◦ ODF sections and IPF texture of (a, c) iHEA-H and (b, d) iHEA- 
V tensile samples with respect to the reference axis of TD before deformation. 

Table 2 
Main texture components in {hkl}<uvw> notations and the corresponding fiber 
texture.  

Symbol Texture component {hkl}<uwv> Fiber 

▴ A {110}<1− 11> <111> // TD 
C Copper {112}<− 1− 11> <111> // TD 
RC Rotated Copper {112}<1− 10> <101> // TD 
■ Cube {001}<100> <001> // TD 
◆ Goss {110}<001> <001> // TD  
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before deformation disappears and instead a minor Goss texture emerges 
during deformation (Fig. 10a). The IPF of the deformed iHEA-H sample 
in Fig. 10c confirms that the main fiber texture of <111> // TD is 
retained after fracture, and it is now combined with a minor fiber texture 
of <001> // TD related to the Goss texture. The texture evolution for 
the iHEA-V sample after fracture is shown in Fig. 10b and d. As seen, 
there is no longer rotated Copper texture in the case of the deformed 
iHEA-V sample. A minor Cube texture is still present but the main 
texture is around <113>, slightly deviating from the Goss component. 
The IPF in Fig. 10d clearly demonstrates two main fiber textures of 
<001> and <113> parallel to the TD in the deformed vertical sample. 

The IPF maps of the tensile samples plotted relative to the TD are 
shown in Fig. 11. The zigzag structure of the grains in the iHEA-H 
sample clearly indicates the traces of the laser scanning track 

(Fig. 11a). A dominant <111> // TD texture, indicated by the blue 
grains, can be observed. In the case of the iHEA-V sample, the red large 
columnar grains have their <001> axis parallel to the BD (Fig. 11c). 
Furthermore, there are some grains oriented at 45º angle with respect to 
the BD, mostly with <101> and <102> axes along the BD. 

Fig. 12 represents the microstructural changes in iHEA-H sample 
through straining during tensile test. No significant changes are detected 
by EBSD up to a true strain of 0.07 (Fig. 12a). As shown in Fig. 12b, at a 
true strain of 0.14, some primary twin boundaries (TBs) in red can be 
detected by EBSD. However, it was already shown by Barbier et al. [41] 
that the twinning activity starts at earlier deformation steps and it can 
explain a slower reduction in SHR at lower deformation strains up to 0.1 
(Fig. 7b). The IPF map in Fig. 12c at the true strain of 0.28 indicates the 
formation of more and thicker twins. It can also be observed that the 
grains with <111> // TD fiber texture are favorable for deformation 
twining. Moreover, some secondary twins with different configurations 
are detected inside the blue grain with <111> // TD fiber texture. The 
image quality (IQ) and IPF maps of the deformed iHEA-H sample after 
tensile test are given in Fig. 12d and e, respectively. The TBs are high
lighted in black in Fig. 12e. The IQ and IPF images after fracture clearly 
indicate the formation of a large density of mechanical twins in the 
iHEA-H sample. As shown, the twin bundles are normally thicker than 
100 nm and can be easily indexed by EBSD. Fig. 12e also confirms the 
formation of secondary activated twins with different configurations 
inside the grains with <111> // TD fiber texture. 

The misorientation angle distribution for the horizontal sample 
before and after deformation is shown in Fig. 13a. The fractured sample 
shows a sharp peak around 60◦ corresponding to the Ʃ3 twin boundary 
(60◦ around <111>). The results obtained elucidate the TWIP defor
mation mechanism of the horizontal samples. The grain orientation 
dependency of twin formation for the iHEA-H sample is shown in 
Fig. 13b. The blue dots indicate the orientation of some grains twinned 
during tensile deformation and the red dots are the orientation of the 
grains without twining after deformation. The results reveal that me
chanical twining occurs mainly inside the grains with primary orienta
tion of <111> // TD. On the other hand, limited or no twining is 
observed in the case of the grains orientated towards <001> // TD. This 
can also be observed from Fig. 12e, where the red grains labeled as M 
and N with <001> // TD orientation contain no twins even after frac
ture. Fig. 12e also explains the textural evolution of the horizontal 

Fig. 10. φ2 = 45◦ ODF sections and IPF texture of (a, c) iHEA-H and (b, d) 
iHEA-V tensile samples with respect to the reference axis of TD after tensile 
deformation. 

Fig. 11. IPF maps of (a) iHEA-H and (c) iHEA-V tensile samples plotted relative to the TD direction; (b, d) the corresponding Taylor factor map of iHEA-H and iHEA- 
V tensile samples, respectively. 
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sample after fracture in Fig. 10a and c. The arrow #1 indicates the 
orientation of the blue grains with <111> // TD fiber texture that are 
twinned during tensile deformation. The arrow #2 corresponds to the 
twinned area inside the blue grains, which enhances the <001> // TD 
fiber texture after fracture. In fact, deformation induced twinning inside 
the major fiber texture of <111> // TD leads to the minor texture of 
<001> // TD as already presented in Fig. 10a and c. It is consistent with 
the previous study in which the uniaxial tensile deformation of fcc 
materials led to the formation of <111> and <001> double fiber 
texture [42]. It was shown that <111> orientated grains remain stable 
during uniaxial tensile deformation, and in the case of the materials with 
low stacking fault energy, the emergence of <001> fiber texture is 
ascribed to the volume effect of twins through which the <111> grains 
are orientated by twins towards an <115> intermediate orientation. 
The final <001> orientation is subsequently formed by the rotation of 
<115> orientation through slip [42]. 

Fig. 14 depicts how the orientation of the microstructure evolved for 
the iHEA-V sample during uniaxial tensile test. The sample is charac
terized by the major <001> // TD and minor <101> // TD fiber tex
tures before deformation (Fig. 9d). Two grains labeled as X and Y in 
Fig. 14a represent the <100> // TD and <101> // TD orientations, 
respectively. Through straining, the orientation of grain X remains 
almost unchanged (red grain with <100> // TD), whereas grain Y ex
periences a significant grain rotation during tensile test. Fig. 14e reveals 
the change in the average orientation of grain Y from its initial state until 
true strain of 0.38. As illustrated, the initial orientation of 
<101> rotates gradually towards the straight line connecting 
<001> and <111>, but closer to <111> orientation. Fig. 14f displays 
the misorientation profile along the black arrow indicated in Fig. 14d. 
Prominent peaks exhibiting a misorientation angle of 60◦ are observed 
resulting from the formation of mechanical twins inside grain Y with the 
initial <101> // TD fiber texture. By contrast, no detectable twin is 

Fig. 12. (a-c) IPF maps showing the microstructural change in iHEA-H sample through tensile straining. (d) IQ and (e) IPF map of the failed iHEA-H sample together 
with the orientation of twined area inside the blue grains with < 111 > // TD fiber texture. 

Fig. 13. (a) Misorientation angle distribution of iHEA-H tensile sample before and after tensile deformation, (b) IPF along the TD showing the orientation of grains 
containing mechanical twins in blue and grains without twins in red. 
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observed by EBSD for the grain X with <001> orientation. The obtained 
results are similar to the texture evolution of TWIP steel during tensile 
test [42]. Experimental observations combined with the viscoplastic 
self-consistent model showed that <001> grains remain quite stable 
without interaction with neighboring orientations during uniaxial ten
sile straining. On the other hand, grains with <101> orientation are 
unstable and are reoriented towards <111> corner [42]. This also ex
plains the texture evolution of the iHEA-V sample after fracture, where 
two dominant textures of <001> // TD and <113> // TD are observed 
(Fig. 10d). The final <001> // TD fiber texture results from the grains 
with an initial <001> orientation that are not rotated during uniaxial 
tensile straining. The <113> // TD fiber texture is evolved mainly due 
to the rotation of the grains with an orientation lying on the line con
necting <001> and <101> poles. Assuming an fcc single crystal with 
the orientation, for example, close to <102> , slip initiates along the 
[01] orientation on the (111) plane. With further straining, the slip di
rection of [101] undergoes rotation towards the tensile axis. This rota
tion is depicted by shifting the initial orientation as the tensile axis 
towards [101], until two slip systems with maximum Schmid factor on 
the line connecting <001> and <111> poles are activated. The rotation 
of the grains with the initial orientation close to <101> justifies the 
evolution towards the <113> // TD fiber texture in the deformed ver
tical sample. 

The IQ and IPF maps of the fractured iHEA-V sample are shown in 
Fig. 14g and h, respectively. TBs are highlighted in white in Fig. 14h. 
Compared to the iHEA-H sample, the number and area fraction of me
chanical twins decreased significantly. Moreover, the thickness of twins 
in the fractured iHEA-V sample is significantly smaller compared to the 

large band-shaped mechanical twins in the iHEA-H sample. Two groups 
of grains shown in Fig. 14h indicate that the grains with orientation 
close to <001> // TD are free of mechanical twins (red dots in IPF), 
whereas twins are activated inside the grains with orientation close to 
<113> // TD. In fact, these are the grains with an initial orientation of 
<102> // TD, which reorient during uniaxial tensile test. 

The results obtained elucidate the orientation-dependent mechanical 
properties of the DEDed iHEA samples. The iHEA-H sample with 
dominant <111> // TD fiber texture is deformed mainly by the for
mation of mechanical twins, whereas the iHEA-V sample with major 
<001> // TD shows very limited twining activity during tensile test. 
The maximum Schmid’s factors for twinning and slip during tension and 
compression along <111> and <001> axes are presented in Table 3. In 
the case of the grains with <111> orientation parallel to TD, the 
Schmid’s factor for twinning is larger than that for slip. The deformation 
characteristics observed in the case of iHEA-H sample complies well 
with the Schmid’s law, where the grains are mostly deformed by the 
formation of mechanical twins during tensile testing. Multiple slip sys
tems are activated inside these grains with low Schmid’s factor for basal 
slip, leading to the dislocation pileup and reduction in effective stacking 
fault energy (SFE) and thus the formation of twinning [43]. By contrast, 
grains with <001> // TD have smaller Schmid’s factor for twinning 
compared with that of slip and thus are less favorable for mechanical 
twinning. As shown in Fig. 12 and Fig. 14, these grains are twin-free 
even after fracture and are most likely deformed via slip. Although 
Schmid’s law explains the deformation characteristics of the tensile 
samples for two different directions, it basically applies to single crystals 
and does not account for the strain compatibility requirement with the 

Fig. 14. (a-d) IPF maps showing the microstructural change in iHEA-V sample during tensile straining. (e) IPFs presenting the average misorientation of Y grain in 
(a) with respect to the TD. (f) Misorientation profile along the black arrow in (d). (g) IQ and (h) IPF maps of iHEA-V sample after tensile deformation. 
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neighboring grains in polycrystals [43]. Instead, the Taylor factor (M) 
can be used to justify the deformation mechanism of the microstructures 
with different textures. The Taylor factor distribution maps for the two 
samples before deformation are presented in Fig. 11b and d, which were 
plotted considering uniaxial tensile test and {111} <110> slip systems 
for an fcc structure. As shown, the iHEA-V sample with a dominant 
texture of <001> // TD has a lower Taylor factor compared to the 
iHEA-H sample with major texture of <111> // TD. The grains with 
<111> axis elongated towards TD or the ones that have rotated towards 
<111> pole (i.e. <101> // TD) have higher Taylor factor and are 
difficult to be deformed, which dissipate more deformation energy. In
side these grains, a higher dislocation density is generated to maintain 
the strain compatibility with adjacent grains, leading to a reduced 
effective SFE and thus promoting the formation of mechanical twins 
[44]. Similarly, in a recent study, Liu et al. [21] also reported crystal
lographic dependence of deformation twins in DEDed CoCrFeMnNi 
HEA. That is, deformation twins tended to occur in grains oriented close 
to <111> // TD, while the <001> texture did not show profuse 
deformation twins, which verifies the general notion that 
deformation-induced twins hardly appear in fcc metals with lower 
Taylor factor (M < 2.6) [43,45]. 

To further confirm the above deformation mechanisms that account 
for the excellent mechanical properties and remarkable anisotropy of 
the DEDed iHEA, TEM characterization was performed on the deformed 

grains with different orientations, namely near <001> , <111> and 
<113> // TD, respectively. The results are shown in Figs. 15–17. A large 
number of intersecting slip bands can be observed in the bright-field 
STEM image of the <001>-oriented grain as shown in Fig. 15a. The 
SAED pattern in Fig. 15a1 reveals a clear grain rotation near the slip 
band, while the SAED pattern in Fig. 15a2 shows a clear fcc single- 
crystal structure. Fig. 15b and d demonstrate the bright-field TEM ob
servations of two well-defined slip bands. There is a high density of 
stacking faults (SFs) inside the slip band, and the HRTEM images in 
Fig. 15c and f provide close-up views of the SFs bundles. Fig. 15e dis
plays intersecting SFs (marked with yellow arrows). Such dislocation 
pattern is typical for low-SFE alloys [46]. The interaction among SFs 
gliding on different {111} planes usually results in immobile 
Lomer-Cottrell (L-C) locks, which not only restrict the mobility of the SFs 
that generate them, but also serve as obstacles, further impeding the 
dislocation movement from the opposite direction [47], contributing to 
the enhancement of material strength. Previous studies have indicated 
that the combination of low SFE in HEAs and the rapid solidification 
during laser additive manufacturing process could notably influence the 
quantity and density of dislocations and SFs [48,49], leading to the 
generation of SFs and L-C locks with high densities. Fig. 15g and h show 
enlarged views of the two precipitates marked in (a), which show no 
obvious shape changes after tensile testing, indicating the occurrence of 
an Orowan strengthening mechanism (will be discussed in the following 

Table 3 
Maximum Schmid’s factor (m) for slip, twinning, leading and trailing partial dislocations in tension and compression.  

Axis Tensile Compression 

Slip Twin Leading partial Trailing partial Slip Twin Leading partial Trailing partial 

<111> 0.28  0.31  0.31  0.16  0.28  0.16  0.16  0.31 
<001> 0.41  0.23  0.23  0.47  0.41  0.47  0.47  0.23  

Fig. 15. Typical deformation microstructure of a near <001> // TD oriented grain: (a) STEM bright-field image with the corresponding SAED patterns, (b, d and e) 
TEM bright-field images of slip bands, (c, f) HRTEM images showing multiple SFs within the slip band in (b) and (d), respectively; (g, h) magnified view of pre
cipitates marked in (a). 
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Fig. 16. Typical deformation microstructure of a near <111> oriented grain: (a) and (b) STEM bright-field images with the corresponding SAED patterns, showing a 
high density of twins, (c) TEM bright-field image of primary deformation twins, (d) HRTEM image showing the intersecting primary and secondary twins, (e) and (f) 
HRTEM images showing primary and secondary twins, respectively. 

Fig. 17. Typical deformation microstructure of a near <113> oriented grain: (a) STEM bright-field image with the corresponding SAED patterns, (b) TEM bright- 
field image of a slip band with an inserted corresponding SAED pattern, (c) HRTEM image showing multiple SFs within the slip band in (b), (d) TEM bright-field 
image with the corresponding SAED pattern showing the formation of primary twins, (e, f) HRTEM images displaying primary and secondary twins, respectively. 
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content). Deformation twins were not detected in the deformed 
<001> // TD oriented grain, which was confirmed by the absence of 
twinning reflections in the SAED patterns (see insets in Fig. 15a and e). 
Therefore, it can be concluded that the gliding of dislocations along 
different slip planes constitutes the predominant deformation mecha
nism for the near <001> // TD oriented grains. 

In contrast, high-density deformation twins are detected in the 
bright-field STEM image of the deformed <111> // TD oriented grain in 
Fig. 16a. Both primary and secondary twinning can be observed, as 
evidenced by the corresponding SAED patterns along the [110] zone axis 
in Fig. 16b. Dislocation entanglement can also be observed inside the 
twins due to the hindering effect of twin boundaries, which contributes 
to the increased strength. Fig. 16c is an enlarged view of the primary 
deformation twins, where multiple SFs can be observed at the twin in
terfaces. These SFs emerged from the interaction of partial dislocations 
within the fcc solid solution, serving as favored locations for the 
nucleation of deformation twins. Fig. 16d is an HRTEM image showing 
intersecting deformation twins and SFs. The misorientation angle be
tween the primary and secondary twins is 70.5◦, consistent with previ
ously reported results for fcc-structured HEA single crystals [50]. 
Fig. 16e and f show the HRTEM images of the primary and secondary 
twins, respectively, providing a more detailed view of the deformation 
twins with some extrinsic SFs detected at the fcc matrix and twin 
boundaries. The average twinning spacing is comparable in both twin 
variants. In addition, it can also be observed from Fig. 16a that the 
intersecting twins create additional immobile L-C locks, which sub
divides the matrix into smaller blocks, achieving a dynamic grain 
refinement effect [46]. These outcomes highlight a more prominent role 
of deformation twinning and partial dislocation slip mechanisms within 
<111> // TD oriented grains. 

For the <113> // TD oriented deformed grain in Fig. 17, slip bands 
and deformation twins can be observed simultaneously, whereas the size 
of the deformation twins is significantly reduced compared to the 
<111> grains. Fig. 17b shows the bright-field TEM image of the slip 
band, and the corresponding SAED pattern reveals an obvious grain 
rotation near the slip band. The SAED patterns of two different regions in 
Fig. 17a also confirm the grain rotation on both sides of the slip band in 
the deformed grain. Similarly, a high density of SFs can be detected 
within the slip band in Fig. 17b, and the corresponding HRTEM image is 
shown in Fig. 17c. The presence of deformation twins can be confirmed 
by the bright-field TEM image and its corresponding SAED pattern in 
Fig. 17d. A large number of intersecting SFs along two {111} slip planes 
can also be observed around the nanotwins, which act as favored sites 
for the initiation of twinning systems. The formation of deformation 
twins is less prevalent in deformed <113> grains compared with that in 
deformed <111> grains. Fig. 17e and f show HRTEM images of two twin 
variants, confirming that SFs are widely distributed around the defor
mation twins. Notably, the thickness of the secondary twins observed in 
Fig. 17f is only a few atomic layers, so no obvious secondary twin spots 
are detected in the SAED pattern shown in the insert of Fig. 17d. 

Moreover, a spherical precipitate with the size of about 500 nm can 
be seen in Fig. 17a. While undergoing interaction with the strain field 
upon loading, the precipitate led to the formation of micro-voids along 
the slip directions. Specifically, two triangular spacings situated on 
opposite sides of the slip band surrounding the precipitate are generated, 
which has also been reported in [51], indicating a strengthening 
contribution from the Orowan strengthening mechanism. This precipi
tation strengthening can be elucidated by the creation of dislocation 
loops. For incoherent, robust precipitates that dislocations cannot 
penetrate, dislocations are able to circumvent the precipitates via the 
Orowan mechanism [52]. Thus, once Orowan loops are formed, the 
dislocations necessitate increased stress to bypass the precipitates, 
consequently leading to an increased strain hardening rate. The 
contribution from Orowan strengthening was reported to account for 
44% of all strengthening contributions of additively manufactured 
oxide-dispersion strengthened CoCrFeMnNi HEAs [51]. Similar results 

have also been reported by Kim et al. [53], where the calculated 
contribution from Orowan strengthening was 44% after compression 
tests on LPBFed CoCrFeMnNi HEA. Accordingly, the strengthening 
contribution from oxide nanoparticles in the current study is estimated 
using the Orowan strengthening model, which can be evaluated ac
cording to the equation [54]: 

τ = Gb(L − d)

where G is the shear modulus of the iHEA (81 GPa [55]), b is the Burgers 
vector (0.255 nm [55]), d is the average diameter of the nanoparticles, 
and L is the average distance between nanoparticles that can be 
expressed as follows [51,53]: 

L =

̅̅̅
2
3

√

d(
̅̅̅̅̅̅̅̅̅̅̅̅̅
π
4v

− 1
√

),

where v is the volume fraction of the oxide nanoparticles. The 
d (397 nm) and v (0.42%) are measured via ImageJ using Fig. 4c. By 
using these two equations, the estimated strengthening contribution is 
τ = 83 MPa, which accounts for approximately 19% and 11% for the 
yield strength of current iHEA-H and iHEA-V samples, respectively. 
Despite significantly lower Orowan strengthening contribution than that 
mentioned in [51,53], Mn-rich oxides still play a key role in achieving 
superior mechanical properties of additively manufactured HEAs. 

Furthermore, for the current DED-processed iHEA, the nano-scale 
M23C6/M7C6 carbides distributed at the cellular boundaries (Fig. 6b) 
can also effectively hinder the dislocation movement and generate high 
back stress-induced hardening through profuse geometrically necessary 
dislocations (GNDs) during plastic deformation, further strengthening 
this alloy [56,57]. Specifically, GNDs would be generated during plastic 
deformation to maintain physical continuity at the interfaces. In the 
materials with heterostructures, the GNDs can evolve more actively at 
the interface between hard and soft domains [57–59]. For the current 
iHEA, since the carbides are significantly stronger than the soft fcc 
matrix, the fcc matrix would sustain higher plastic strain during plastic 
deformation, resulting in a localized strain gradient near the interface 
between the matrix and carbides. GNDs are then generated and piled up 
at the interface to accommodate the strain gradient, producing back 
stress induced hardening, which contributes to the enhanced stress 
levels and strain hardening ability. On the other hand, these carbides 
have been reported to block dislocations more effectively than cellular 
boundaries [57], suggesting that the volume fraction of carbides can be 
an important factor for modulating the mechanical properties of 
C-containing HEAs. 

It is worthwhile to note that unlike previous reports [11,19,20], no 
TRIP effect was observed upon tensile loading in the current study. 
High-energy SXRD analysis was performed on the fractured samples in 
both orientations, as shown in Fig. 18, which confirms the absence of 
phase transformation during deformation. This can be attributed to the 
slight deviation of the powder composition of the current iHEA from the 
nominal composition (Table 1). Slightly higher Mn content increases the 
free energy difference between fcc and hcp ( ΔGFCC→HCP) and hence the 
stability of the fcc phase [60]. Higher carbon content also increases the 
SFE of the iHEA and changes the deformation mechanism from TRIP to 
TWIP. Therefore, an accurate tuning of the composition is required in 
order to trigger both TWIP and TRIP mechanisms. Besides, insufficient 
Ar protection of the current DED process may lead to the nitrogen 
penetration into the melt pool and thus into the as-deposited structure. 
Recently, Zhang et al. [61] studied the co-doping of carbon and nitrogen 
into the Fe49.5Mn30Cr10Co10 and reported that the nitrogen addition 
increased the phase stability and SFE, avoiding the TRIP effect upon 
tensile loading. In addition, according to Park et al. [62], LPBF-produced 
(CoCrFeMnNi)99C1 HEA exhibited the formation of mechanical twins 
within the coarse grains of the deformed sample, suggesting an inverse 
correlation between grain size and critical twin stress. Thus, the large 
grain size in the current DEDed iHEA may suppress the hcp phase 
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nucleation but favor the twinning nucleation during straining. Another 
factor that needs to be mentioned is the influence of cellular substruc
ture on the TRIP effect. Karthik et al. [63] pointed out that the cellular 
substructure decorated with dislocations significantly improved the 
mechanical stability of the austenite of AM316L and delayed the 
deformation-induced martensitic transformation at low temperature 
(77 K). They believed that if austenite grains have a higher dislocation 
density, the movement of Shockley partial dislocations would require 
additional energy to bypass the dislocation tangles already present in the 
material, making the austenite more stable. On the contrary, in another 
recent study, Kim et al. [64] proposed that the cellular substructure with 

elemental segregation in AM304L may locally lower the SFE and pro
mote the transformation of fine and homogeneous martensite, which can 
mitigate the local stress concentration during plastic deformation and 
induce uniform plastic deformation, thereby promoting the TRIP effect 
[65]. These opposing views still require further in-depth research. 
Generally, during deformation, the TRIP effect can substantially 
enhance mechanical strength while maintaining an acceptable total 
elongation range. By contrast, the TWIP effect exhibits an average me
chanical strength but remarkable deformation at fracture [52]. 

Fig. 18. High-energy SXRD patterns of (a) iHEA-H and (b) iHEA-V samples after tensile deformation.  

Fig. 19. Stress-strain curves of the micro-pillar compression tests along (a) [001] and (b) [111] orientations, (c) and (d) the corresponding SEM images of deformed 
micro-pillars. 
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3.3. Micro-pillar compression 

The orientation-dependent deformation mechanism of the DEDed 
iHEA was also evaluated by micro-pillar compression tests. The 
Schmid’s factors for twinning and slip concerning two different 
compression axes are listed in Table 3. The compression stress-strain 
curves for the micro-pillars along [001] and [111] orientations are 
shown in Fig. 19a and b, respectively. Distinct differences are observed 
in the plastic behavior of the two micro-pillars. According to the 
Schmid’s factor in Table 3, compression along the [001] axis promoted 
the activation of mechanical twinning, while the [111] orientation is 
recognized for its engagement of multiple slip systems upon compres
sion. As shown in Fig. 19a, compression along the [001] axis is associ
ated with large strain bursts followed by a sharp drop in stress. By 
contrast, the [111] orientation that favors dislocation glide shows a 
continuous work hardening with very small strain bursts. The transition 
from elastic to plastic region of the [001] orientation is accompanied by 
a sudden drop in load, whereas the [111] oriented pillar shows 
continuous and smooth yielding after the elastic region. The yield onset 
is characterized as the point where the linear elastic part shifts to the 
non-linear plastic part. The micro-pillar compression test results are 
summarized in Table 4. Compression along [001] axis shows a slightly 
higher average yield strength compared with the [111] orientation. The 
critical resolved shear stress (CRSS) was calculated using τCRSS = m • σy. 
The yield stress from the [001] and [111] compression tests were used to 
calculate the CRSS for twinning and slip, respectively. The results ob
tained in Table 4 propose higher CRSS for twining (290 ± 38 MPa) than 
slip (148 ± 45 MPa). Karaman et al. [66] also reported higher CRSS for 
twining compared to slip in the bulk single crystal compression of 
Hadfield steel. Comparable findings were also reported in the 
micro-pillar compression of TWIP steel [67]. The representative SEM 
images of the deformed micro-pillars for [001] and [111] orientations 
are shown in Fig. 19c and d, respectively. The deformed [001] 
micro-pillar, which is favored for twining, is characterized by the for
mation of thick shear-type steps, while the deformed [111] micro-pillar 
oriented for slip deformation shows narrow shear bands indicative slip 
lines. The difference in deformation mechanism for the two micro-pillars 
are explained well with the Schmid’s factors in Table 3. Slip deformation 
in fcc materials on {111} <110> system is carried out by the formation 
of glissile partial Shockley dislocations. The leading partial dislocation 
initiates the formation of a stacking fault, while the trailing partial closes 
the generated stacking fault [68]. For the compression along [111] 
orientation, the Schmid’s factor for the trailing partial surpasses that of 
the leading partial. This yields a greater resolved shear stress on the 
trailing partial, enabling it to close the stacking fault. This results in 
perfect dislocation slip for [111] micro-pillar compression. In contrast, 
when compressing along the [001] axis, the Schmid’s factor for the 
leading partial is larger, causing the trailing partial is not able to close 
the stacking fault. This leads to the generation of wide stacking fault and 
mechanical twins. The work hardening rate (WHR) for the two oriented 
micro-pillars were calculated from the onset of yielding until 10% 
deformation (WHRy→10%). As presented in Table 4, the initial WHRy→10% 

for the [111] orientation with multiple activated slip systems is much 
higher than that of the [001] orientation which favored twinning. In 
fact, compression along the [111] axis leads to a continuous WHR 
through deformation. The results obtained from micro-pillar 

compression can explain the comparable WHRs of the iHEA-V and 
iHEA-H sample, despite the fact that much less mechanical twins were 
activated during tensile deformation of the iHEA-V sample (Fig. 7b). 
Wang et al. [67] studied the work hardening behavior of TWIP steel 
during micro-pillar compression test and reported higher WHR for the 
pillars deformed via perfect dislocation glide. Laing et al. [69] analyzed 
the contribution of dislocations and twins to the work hardening of a 
TWIP steel and reported that dislocations account for 90% of the in
cremental increase in load after yielding. 

4. Conclusions 

In summary, Fe49.5Mn30Cr10Co10C0.5 iHEA was successfully fabri
cated using laser directed energy deposition (DED). The microstructure, 
orientation-dependent mechanical properties, strengthening and defor
mation mechanisms of as-deposited iHEA samples were systematically 
investigated using multiscale characterization approaches including 
EBSD, SEM, SXRD, (S)TEM and (micro-)mechanical testing. The main 
conclusions are as follows: 

(1) The DED-built iHEA sample exhibited a dominant fcc phase with 
[001] and [101] crystallographic texture along the deposition direction, 
and the formation of M23C6 and M7C3 carbides was also detected. The 
microstructural features including epitaxially grown elongated grains, 
equiaxed and columnar dendritic structures, and elemental segregation 
at subgrain boundaries were observed. 

(2) The as-deposited iHEA shows an excellent synergy of strength 
and ductility. The ultimate tensile strength and elongation of iHEA-H 
and iHEA-V samples reached 1000 MPa and 36%, 750 MPa and 52%, 
respectively, pushing the boundaries of the tensile properties and out
performing other HEAs produced by the DED method. The orientation 
dependence of the deformation response of iHEA revealed that for the 
iHEA-H sample with strong <111> // tensile direction (TD) fiber 
texture, the microstructure is severely deformed via the formation of 
mechanical twins. By contrast, the iHEA-V sample with the <001> // 
TD dominant texture shows less deformation-induced twining activity 
and is mainly deformed via slip. 

(3) Nanoscale carbides and Mn-rich oxides distributed at cellular 
boundaries can also effectively hinder dislocation movement, produce 
high back stress-induced hardening and precipitation strengthening, and 
play a key role in achieving the excellent mechanical properties of 
additively manufactured iHEA. 

(4) The single crystal micro-pillar compression testing revealed that 
the deformation mechanism complies well with the Schmid’s factor, and 
a higher critical resolved shear stress for twining compared to that for 
slip was confirmed. 
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Table 4 
Summary of the micro-pillar compression test results.  

Pillar Deformation 
mode 

Yield 
strength, σy 

(MPa) 

CRSS for 
slip, τslip 

(MPa) 

CRSS for 
twin, τtwin 

(MPa) 

WHRy→10% 

(MPa) 

[001] Twin 625 ± 70  290 ± 38  2091 
[111] Multiple slip 

system 
563 ± 98 148 ± 45   4198  
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