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a b s t r a c t 

Achieving a superior strength-ductility combination for fcc single-phase high entropy alloys (HEAs) is 

challenging. The present work investigates the in-situ synthesis of Fe49.5 Mn30 Co10 Cr10 C0.5 interstitial 

solute-strengthened HEA containing 0.5 wt.% Nb (hereafter referred to as iHEA-Nb) using laser melt- 

ing deposition (LMD), aiming at simultaneously activating multiple strengthening mechanisms. The effect 

of Nb addition on the microstructure evolution, mechanical properties, strengthening and deformation 

mechanisms of the as-deposited iHEA-Nb samples was comprehensively evaluated. Multiple levels of het- 

erogeneity were observed in the LMD-deposited microstructure, including different grain sizes, cellular 

subgrain structures, various carbide precipitates, as well as elemental segregation. The incorporation of 

Nb atoms with a large radius leads to lattice distortion, reduces the average grain size, and increases 

the types and fractions of carbides, aiding in promoting solid solution strengthening, grain boundary 

strengthening, and precipitation strengthening. Tensile test results show that the Nb addition significantly 

increases the yield strength and ultimate tensile strength of the iHEA to 1140 and 1450 MPa, respectively, 

while maintaining the elongation over 30 %. Deformation twins were generated in the tensile deformed 

samples, contributing to the occurrence of twinning-induced plasticity. This outstanding combination of 

strength and ductility exceeds that for most additively manufactured HEAs reported to date, demon- 

strating that the present in situ alloying strategy could provide significant advantages for developing and 

tailoring microstructures and balancing the mechanical properties of HEAs while avoiding conventional 

complex thermomechanical treatments. In addition, single-crystal micropillar compression tests revealed 

that although the twining activity is reduced by the Nb addition to the iHEA, the micromechanical prop- 

erties of grains with different orientations were significantly enhanced. 

© 2024 Published by Elsevier Ltd on behalf of The editorial office of Journal of Materials Science & 

Technology. 

This is an open access article under the CC BY license ( http://creativecommons.org/licenses/by/4.0/ ) 
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. Introduction 

The definition of high entropy alloys (HEAs) is based on mul- 

iple component elements with equal or near-equal compositions, 

iffering from traditional alloy systems where various alloying el- 
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ments are usually added to the principal elements [ 1 , 2 ]. In re-

ent years, HEAs have been continuously developed. In addition 

o the common single-phase HEAs, a variety of HEAs including 

ual-phase, metastable, interstitial- and precipitation-strengthened 

EAs have been reported to further improve their mechanical per- 

ormance [3–7] . Among them, changing the system compositions 

nd adding alloying elements are important methods employed by 

esearchers to overcome the trade-off that typically exists between 

igh strength and high ductility. These alloying elements either 
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ead to grain refinement, new phase formation, or solid solution 

trengthening. Generally, elements with small atomic radii such as 

arbon will cause interstitial strengthening, whereas elements with 

arge atomic radii such as Al, Mo, Nb, or Ti, will induce signifi- 

ant solid solution strengthening and precipitation strengthening 

8–11] . Fe49.5 Mn30 Co10 Cr10 C0.5 is an interstitial-strengthened HEA 

iHEA) that exhibits excellent mechanical properties due to the si- 

ultaneous activation of multiple deformation mechanisms, such 

s phase transformation/twinning-induced plasticity (TRIP/TWIP) 

 12 , 13 ]. 

Among the different HEAs fabrication methods, laser additive 

anufacturing (LAM), as near-net-shape manufacturing technology 

ith high design flexibility, high production efficiency, and low 

aterial waste, is considered a promising method in the HEAs field 

14–17] . Among different LAM technologies, laser melting deposi- 

ion (LMD) based on a powder feeding system, is characterized by 

igh deposition efficiency and rapid solidification rate [18] . Com- 

ared with the widely used laser powder bed fusion (LPBF) pro- 

ess, which has strict requirements on the composition of the pre- 

lloyed HEAs powders, the in-situ synthesis of HEAs during the 

MD process allows the addition of other powders and the rapid 

djustment of the mixing ratios of different powders, so that the 

omposition and microstructure of the as-built parts can be cus- 

omized freely and simply. The diversity and variability of HEA 

omponents bring more opportunities for the applications of LMD 

echnology. 

In the studies of [19–21] , γ ’ and γ ’’ precipitated phases were 

uccessfully introduced in precipitation-hardened HEAs by alloying 

l/Ti and Nb, respectively, during the LMD process. Among them, 

he γ ’’ phase induced a significant strengthening effect even at 

 small volume fraction [20] , indicating the great potential of Nb 

lloying in improving the performance of HEAs. Based on previ- 

us research findings, the addition of Nb as a trace alloying ele- 

ent in HEAs mainly provides the following benefits: Firstly, it in- 

uces severe lattice distortion to promote solid solution strength- 

ning [ 22 , 23 ]. Secondly, it tends to promote the formation of a

ard Laves phase, thereby increasing the precipitation hardening 

ffect [ 24 , 25 ]. Thirdly, it can also facilitate the formation of a fine

utectic structure and improve performance [ 24 , 26 ]. These bene- 

ts are mainly due to the very negative mixing enthalpy of Nb 

ith other incorporated elements. To the best of the authors’ 

nowledge, the incorporation of Nb in the Fe49.5 Mn30 Co10 Cr10 C0.5 

HEA alloy matrix has not been reported in the literature. There- 

ore, it is promising to fabricate both interstitial-strengthened 

nd precipitate-hardened HEA based on the Fe49.5 Mn30 Co10 Cr10 C0.5 

ystem to achieve excellent mechanical properties. 

In the present work, LMD was used for in situ synthesis of 

b-containing Fe49.5 Mn30 Co10 Cr10 C0.5 iHEA, and the effect of Nb 

lloying on the microstructure evolution, mechanical properties, 

trengthening and deformation mechanisms was analyzed. The re- 

ults revealed that the addition of a small quantity of Nb greatly 

ncreases the tensile strength of iHEA while maintaining good plas- 

icity. The detailed strengthening and deformation mechanisms 

ere assessed based on the obtained microstructure, and the de- 

ormation behavior of individual crystals, depending on their grain 

rientations, was also investigated. These findings are expected to 

ontribute to the successful application of Nb-containing HEA in 

he additive manufacturing field. 

. Experimental 

.1. Sample preparation 

The particle morphology of the pre-alloyed 

e49.5 Mn30 Co10 Cr10 C0.5 iHEA powders is shown in Fig. S1(a) 

n Supporting Information, with the particle size ranging from 
196
0 to 140 μm. To investigate the effect of Nb addition on the 

icrostructure and mechanical properties of the current iHEA, 

.5 wt.% Nb powder (99.95 % purity) was mixed with 99.5 wt.% 

HEA powder. The particle morphology of elemental Nb powder 

s shown in Fig. S1(b). These two powders were mixed in the 

ixer of the powder feeder for 24 h. The LMD process was carried 

ut using a 3 kW IPF Photonics fiber laser with a wavelength 

f 1.07 μm. The following optimized printing parameters were 

sed for the fabrication of the iHEA-Nb bulk sample: laser power 

f 1500 W, scanning speed of 350 mm s–1 , and overlap ratio of 

0 %. A scanning pattern with 180 ° angle rotation between two 

onsecutive deposition layers was applied, and ST37 carbon steel 

lates were used as the substrates. The same optimization was 

lso applied to the Fe49.5 Mn30 Co10 Cr10 C0.5 iHEA reference samples 

ithout Nb addition. 

.2. Mechanical testing 

For both iHEA-Nb and iHEA reference samples, tensile speci- 

ens with gauge dimensions of 11.5 mm × 3.5 mm × 1 mm were 

btained with the long axes parallel to the laser scanning direc- 

ion using electrical discharge machining. Prior to the tensile tests, 

he specimens were sequentially ground using SiC sandpaper from 

20 to 20 0 0 grit. Uniaxial tensile tests were conducted using a 

ammrath-Weiss tensile module in displacement-controlled mode 

t the strain rate of 10–4 s–1 , and the machine displacement was 

sed to measure tensile strain. Tensile tests were repeated at least 

 times for each condition to ensure the reliability and repeata- 

ility of the results. In situ micropillar compression tests were per- 

ormed on differently oriented grains ([001] and [111], respectively) 

o study the micromechanical properties of the as-built iHEA-Nb 

ample. The micropillars were prepared using a focused ion beam 

FIB) and the detailed preparation parameters can be found in our 

revious work [27] . 

.3. Microstructural characterization 

The microstructure and elemental distribution of the LMD- 

uilt iHEA-Nb samples were characterized by scanning electron 

icroscopy (SEM, Tescan, Czech Republic) coupled with energy 

ispersive X-ray spectroscopy (EDS). Electron backscatter diffrac- 

ion (EBSD) was used to analyze the crystallographic orientation, 

rain size, and kernel average misorientation (KAM) distribution. 

hase constituents were identified by high-energy synchrotron X- 

ay diffraction (SXRD, P07 High Energy Materials Science beam- 

ine, Petra III/DESY) for the as-deposited and tensile fractured sam- 

les. To analyze the in-situ formed precipitates, transmission elec- 

ron microscopy (TEM, JEOL-2200FS, JEOL, Japan) was employed 

ith an acceleration voltage of 200 kV. The TEM samples were 

repared using FIB in a dual-beam microscope (Helios G4 CX, 

EI Co.). 

. Results and discussion 

.1. Microstructure 

The EBSD inverse pole figures (IPFs), grain boundaries (GBs), 

nd overall KAM maps from three different cross-views of the 

MD-built iHEA-Nb sample are shown in Fig. 1 . The current sam- 

le shows the frequently observed LMD-built microstructural fea- 

ures of elongated and zig-zag morphology (on the YOZ and XOY 

lane, respectively, where the scanning directions are schemati- 

ally indicated at the bottom left of Fig. 1 ), which resulted from the 

hange in the maximum heat flow direction as each layer was de- 

osited through rotating the laser scanning direction 180 ° [ 28 , 29 ]. 
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Fig. 1. EBSD results of the LMD-deposited iHEA-Nb sample. (a1–a3) IPF maps plotted relative to the tensile direction, (b1–b3) grain boundary maps, and (c1–c3) KAM maps. 
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Fig. 2. (a) PFs and (b) IPFs in the XOY plane. 
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he IPF microstructure in the longitudinal sections ( XOZ and YOZ 

lanes) exhibits a typical heterogeneous grain structure consist- 

ng of large elongated columnar grains and equiaxed fine grains, 

here the continuous nucleation of the equiaxed fine grains is de- 

ected around the laser trajectory and layer interfaces. Compared 

o other metal additive manufacturing methods, the LMD process 

as a relatively low ratio of thermal gradient and growth rate 

29–31] , leading to the aforementioned grain morphology. The GBs 

aps are shown in Fig. 1 (b), where red, green, and blue represent 

ubgrain boundaries (SubGBs), low-angle grain boundaries (LAGBs), 

nd high-angle grain boundaries (HAGBs), respectively. Most of the 

rain interiors, especially near SubGBs and LAGBs, exhibit high lat- 

ice distortion, implying the accumulation of dislocations in these 

egions [32] . This can be confirmed by the overall KAM results in 

ig. 1 (c), revealing high strain levels near grain boundaries. The 

arge atomic radius of the Nb element would cause severe lat- 

ice distortion of the iHEA during the rapid cooling and solidifica- 

ion process associated with laser deposition, giving rise to high 

ulse stress inside the as-built sample. As a result, a high dis- 

ocation density was easily generated near the laser trajectories 

 33 , 34 ]. The iHEA sample without Nb addition also exhibits epi-

axial growth and heterogeneous grain structure along the build- 

ng direction (Fig. S2). However, the iHEA-Nb sample has a higher 

umber of fine grains. During the solidification process, the pres- 

nce of the Nb element will increase the constitutional undercool- 

ng of the liquid and reduce the thermal gradient due to its severe 

artition between solid and liquid phases [ 18 , 24 ]. With the fast so-

idification accompanying the LMD process, crystal nuclei are easily 

ormed in the undercooled melt in front of the columnar dendrites 

35] , leading to the formation of more fine grains near the laser 

racks and layer interfaces. 

Pole figures (PFs) in the XOY plane were identified by EBSD to 

nalyze the texture of the LMD-built iHEA-Nb sample, as presented 

n Fig. 2 . The iHEA-Nb sample shows the highest multiples of uni- 

orm density (MUD) in the 〈 111 〉 texture // tensile loading direc- 

ion ( X ), with a maximum intensity value of 12.74, higher than that 

f the iHEA reference sample (Fig. S3). In addition, both iHEA-Nb 

nd iHEA samples also show relatively high MUD in the 〈 110 〉 tex- 

ure along the building direction ( Z ). Generally, it is known that 

he fcc crystal structure tends to grow in the preferred 〈 001 〉 ori- 

ntation along the solidification direction during fusion-based ad- 

itive manufacturing processes [36–38] . However, when the scan- 

ing strategy between the two consecutive layers is rotated to 

 certain degree, the preferred orientation and intensity can be 
198
hanged to some extent. Specifically, during the LMD process, the 

olten pool is continuously solidified along the laser trajectory 

ith the grains mainly growing along the 〈 001 〉 preferred orien- 

ation [ 36 , 37 ]. Due to the semi-elliptical shape of the molten pool,

he latent heat is also radially transferred from the laser scanning 

enter to the boundaries of the molten pool, causing the grains 

ith 〈 001 〉 orientation to grow mostly along 0 ° and 45 ° with re- 

pect to the building direction [39] . This ensures the grains of the 

urrent scanning layer and the previously solidified grains main- 

ain preferential growth in the direction with the largest tempera- 

ure gradient [ 37 , 40 ]. However, due to the 180 ° angle rotation be-

ween every two consecutive layers in this study, the growth of 

rystal grains along 0 ° from the bottom of the molten pool would 

e suppressed. Meanwhile, along the laser scanning direction ( X ), 

he preferred 〈 001 〉 orientation is also interrupted by the bidirec- 

ional scanning strategy, which is replaced by the formation of 

 111 〉 oriented grains. This is considered to be because the for- 

ation of 〈 111 〉 grains can be energetically favorable due to the 

rrangement of atoms in these close-packed directions. Therefore, 

ost of the solidified crystals from the molten pool boundaries 

ould grow at 45 ° from the building direction, coupled with the 

nfluence of the bidirectional scanning strategy, resulting in not 

nly the 〈 110 〉 texture generated in the Z direction but also the 

trong 〈 111 〉 texture generated in the X direction. Generally, 〈 111 〉
nd 〈 110 〉 orientations can lead to a better combination of strength 

nd ductility than the 〈 100 〉 orientation in fcc-based metallic ma- 

erials [ 7 , 41 ] since deformation twinning is more favorable when 

 111 〉 and 〈 110 〉 orientations are along the tensile direction [42] .

hus, the current LMD-built iHEA-Nb sample is expected to have 

uperior mechanical properties. 

The backscattered electron (BSE) image of the cellular sub- 

tructures is shown in Fig. 3 (a), which are commonly obtained in 

aser additively manufactured metallic materials [ 14 , 17 , 29 , 43 , 44 ].

ccording to the literature [ 29 , 44 ], due to the rapid solidification

f the additive manufacturing process, there is nearly 2 % linear 

hermal strain remaining in the sample, contributing to a large 

umber of dislocations within the as-built microstructure. As a re- 

ult, cellular sub-structures were formed by the rearrangement of 

hese remaining dislocations as well as dislocation entanglements 

uring the layer-by-layer deposition process. This microstructural 

eature is generally considered a heterogeneous dislocation distri- 

ution due to the higher density dislocation at cellular boundaries 

ompared to the cellular interiors. A high-magnification image of 

he cellular sub-structures with the corresponding EDS elemental 
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Fig. 3. (a) BSE image of the cellular sub-structures for the iHEA-Nb sample. (b) High-magnification BSE image of the cellular sub-structure with the corresponding EDS 

elemental mappings in (b1 ). 
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appings is shown in Fig. 3 (b). According to the EDS mappings, a 

hird type of heterogeneity, that developed in the as-deposited mi- 

rostructure, arises from the segregation of alloying elements near 

ellular boundaries, which is attributed to different diffusivity and 

olubility capabilities of different elements in the matrix. A higher 

oncentration of Mn element was detected at cellular boundaries, 

hich could be explained by the solidification route of the cur- 

ent HEA. Specifically, during the rapid solidification of LMD-built 

omponents, elements with lower melting points (Mn: 1519 K in 

he current alloy compared to Fe: 1811 K, Co: 1768 K, Cr: 2180 K, 

nd Nb: 2750 K) would segregate at the cellular boundaries due to 

he later start of the solidification process [ 29 , 45 ]. Co and Cr ele-

ents remain almost uniformly distributed throughout the whole 

apping region, while Fe is depleted along the subgrain bound- 

ries. Similar results have also been observed by other researchers 

egarding the depletion of Fe and uniform distribution of Co de- 

pite their similar melting points, such as laser additively manufac- 

ured (FeCoNi)85.84 Al7.07 Ti7.09 [46] , Fe47 Mn30 Cr10 Co10 Ni3 [47] , and 
199
e65 Ni15 Co8 Mn8 Ti3 Si HEA [29] . It is speculated that this hetero- 

eneity in microscopic element distribution is mainly due to the 

igher solid solubility of Fe element in the current fcc matrix rel- 

tive to Co, thus showing enrichment within subgrains and deple- 

ion at cellular boundaries. Nevertheless, detailed microstructural 

nalysis and computational modeling are still required to fully 

nderstand this phenomenon, which is beyond the scope of this 

ork. 

Furthermore, the SEM-EDS results in Fig. 3 (b) also show the dis- 

ribution of Nb-rich particles with a bright contrast in the subgrain 

oundaries. To further analyze the elemental distribution of this 

right white phase, the enlarged area of the cellular boundary in- 

luding different precipitates in Fig. 3 (b) is analyzed by EDS map- 

ing, and the results are shown in Fig. 4 . It can be observed that

he content of Nb and C is higher in the bright white phase, which 

s most likely NbC carbides that will be verified in the following 

nalysis. It can be speculated that only a small amount of Nb is 

issolved into the fcc matrix phase during the LMD alloying pro- 
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Fig. 4. SEM image and EDS elemental mapping of the marked area at the cellular boundary in Fig. 3 (b). 

Fig. 5. SXRD pattern of the LMD-built iHEA-Nb sample. 
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ess, while the remaining Nb gives rise to the formation of Nb-rich 

arbides. 

The phase constituents for the LMD-built iHEA-Nb sample were 

dentified by high-energy SXRD analysis, as shown in Fig. 5 . The 

iffraction pattern is indexed to a four-phase composition, includ- 

ng the predominant fcc phase, and NbC, M23 C6 , M7 C3 carbides, 

ith phase fractions of 97.42 %, 0.85 %, 1.03 %, and 0.66 %, respec-

ively. It should be noted that this high-energy synchrotron tech- 

ique is known for its high spatial resolution (at the nanometer 

cale) [48] , which coupled with the high signal-to-noise ratio al- 

ows to detect nanoscale phases even with low phase fractions as 

n the case of the present carbide precipitates. When using con- 

entional laboratorial X-ray diffraction measurements, the diffrac- 

ion peaks associated with these phases are hidden in the back- 

round. The lattice constants of the fcc phase obtained were calcu- 

ated to be 3.353 Å and 3.355 Å for the iHEA and iHEA-Nb, respec- 
200
ively, indicating that the lattice constant increases after adding 

b. The solid solution of Nb with a relatively larger atomic radius 

ill cause lattice distortion and generate a lattice stress field [49] , 

hich can increase the lattice parameter of the fcc matrix and also 

ncrease the resistance to dislocation movement. It is worth noting 

hat the currently obtained lattice parameters of fcc solid solutions 

re significantly different from the reported data ( ∼3.62 Å of sim- 

lar alloys reported in [50] ). This is thought to be related to the 

ifferent thermal cycles and heat treatments the materials experi- 

nced during different processes, despite being similar in compo- 

ition. Tong et al. [51] have reported that after heat treatment, the 

attice parameters of LAMed FeCrCoMnNi HEA are generally larger 

han those of as-built samples. Similar conclusions were also re- 

orted in [52] . Besides, the high laser power is believed to also 

ave contributed to the reduced lattice parameters due to the ag- 

ravated volatilization of the Mn element [51] . The currently de- 

ected NbC carbides with a cubic crystal structure are consistent 

ith the Nb- and C-rich precipitated phase detected by EDS analy- 

is in Fig. 4 , as well as previous reports on the formation of Nb-rich

C carbides in Nb-added HEAs [ 53 , 54 ]. According to [55] , the trace

lement Nb has a strong affinity for C, which can form a stable NbC 

hase and refine the fcc matrix. In addition, due to the high mis- 

atch (25 %) between NbC and the fcc matrix, it is more difficult 

or NbC to nucleate and precipitate in the fcc matrix, which would 

enerally precipitate from crystal defects such as grain boundaries 

nd dislocations [56] , thus reducing the distortion energy caused 

y nucleation. The formation of M23 C6 and M7 C3 carbides was also 

etected for this iHEA without Nb addition (Fig. S4). In Li et al.’s 

ork [12] , the chemical composition of this M23 C6 precipitate was 

etected as 47.16 Cr, 17.82 Mn, 13.64 Fe, 1.92 Co, and 19.46 C (at.%) 

y atom probe tomography. The generation of different carbides at 

rain boundaries in the current iHEA-Nb sample would hinder the 

rain boundary mobility and avoid the excessive grain growth of 

he original fcc phase due to the pinning effect, resulting in the 

ormation of more fine grains near the laser tracks and layer inter- 

aces shown in Fig. 1 . 

TEM analysis was performed to elucidate the nanoscale mi- 

rostructural features of the as-deposited iHEA-Nb for further in- 

estigation of the formation of precipitates and dislocation net- 
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Fig. 6. TEM results of the LMD-built iHEA-Nb sample. (a) Overall bright-field STEM image, (b) SAED pattern from the area marked in (a), (c) enlarged images of circular 

precipitates with different sizes, and (d) EDS elemental mapping of the precipitate in (c1). 
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orks. Fig. 6 (a) shows the overall bright-field STEM image of 

ne lamella, with the diffraction spots in Fig. 6 (b) indicating a 

ingle-phase fcc structure of the matrix. High-density dislocations 

ould be observed in this TEM lamella ( Fig. 6 (a, c)), resulting from

he thermal contraction strain to accommodate the solidification 

hrinkage stress during rapid cooling [ 7 , 57 ]. Under the same laser

rocessing conditions, the dislocation density in the iHEA-Nb sam- 

le is higher than that of the reference iHEA sample (Fig. S5), 

ith the values of 3.97 × 1014 and 2.21 × 1014 mm–2 , respec- 

ively, which were calculated from the SXRD results according to 

he Williamson-Hall method [58] . The relatively higher dislocation 

ensity in the iHEA-Nb sample is mainly attributed to the follow- 

ng two reasons: (i) The hindering effect of Nb-containing particles 

o dislocations caused dislocation entanglement and increased dis- 

ocation density; (ii) Extra dislocations induced by the discrepancy 

n the coefficient of thermal expansion between Nb-containing par- 

icles and the fcc matrix. Accordingly, the cooling from solidifica- 

ion would lead to high localized stress around the particles [59–

1] . These stresses can induce additional defects such as disloca- 

ions, thereby increasing the dislocation density. Fig. 6 (c) shows 

nlarged images of three circular precipitates with different sizes 

n Fig. 6 (a), where dislocation entanglements were detected around 
201
hese precipitates. The EDS elemental mappings in Fig. 6 (d) reveal 

hat these precipitates are Mn-rich oxides, which were also de- 

ected in Nb-free iHEA samples [27] . The local enrichment of O 

s, on the one hand, considered to be related to the contamina- 

ion during the powder fabrication process, and on the other hand, 

s considered to be due to the current LMD process where the Ar 

as shielding was insufficient to fully protect the melt pool from 

xygen. 

Different carbides were also observed by TEM. Fig. 7 (a) shows 

 large number of nanoscale M23 C6 /M7 C3 precipitates distributed 

ithin the fcc matrix, as indicated by the red arrows. Fig. 7 (b) 

s the corresponding dark-field image, revealing the entanglement 

ffect of these carbides on dislocations. However, due to their 

maller size, M23 C6 /M7 C3 carbides do not cause the accumulation 

f large dislocations as those oxides do. The moiré pattern within 

he TEM image can be identified in the enlarged image of the 

23 C6 /M7 C3 precipitated particles in Fig. 7 (c). Moiré patterns or 

ringes are produced when two similar patterns are overlapped 

ith different spacings or orientations [62] . Here, in the current 

anostructure, the moiré fringes are due to the overlapping of two 

ifferent phases, namely the fcc matrix and M23 C6 /M7 C3 carbides, 

ith different lattice spacings at the interface [62–64] . The corre- 
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Fig. 7. (a) Bright-field TEM image of the M23 C6 /M7 C3 carbides within the fcc matrix and (b) the corresponding dark-field image. (c) Enlarged image of the M23 C6 /M7 C3 

carbides showing the Moiré patterns, (d) HRTEM image of the carbide showing the semi-coherent interface. 
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ponding diffraction spots are shown in the inset in Fig. 7 (c). It 

as been reported that the formation of M7 C3 carbides involves 

phill diffusion of alloying elements, most importantly Cr [ 65 , 66 ]. 

uring the cooling of the alloy from the stable field of single- 

hase fcc austenite, the formation of M7 C3 carbides precedes the 

ormation of M23 C6 carbides [67] . As the temperature decreases, 

he thermodynamic stability of M7 C3 decreases at the expense of 

23 C6 [ 67 , 68 ]. Any pre-existing M7 C3 can transform to M23 C6 or 

id its nucleation [66] . Therefore, these carbide precipitates can be 

 mix of M7 C3 and M23 C6 [66] , which is also considered suitable 

or the current nanostructure due to the trace contents of both car- 

ides (1.03 % and 0.66 % for M23 C6 and M7 C3 , respectively), where 

23 C6 accounts for the majority. The crystal structure of M23 C6 

arbide is similar to that of fcc austenite (Fm3m space group). Ac- 

ording to the previous research [69–71] , M23 C6 carbides and the 

cc austenite matrix usually maintain a parallel orientation, show- 

ng a cube-on-cube orientation relationship ((111) γ //(111)M23 C6 , 

110] γ //[110]M23 C6 ); therefore the carbide diffraction spots shown 

n the insert of Fig. 7 (c) are parallel to the fcc matrix. The in-

exed lattice parameter of M23 C6 carbides is 1.0 6 6 nm, which is 

onsistent with the results of reference [66] and is almost three 

imes the current fcc lattice parameter ( ∼0.355 nm). The high- 

esolution TEM (HRTEM) image in Fig. 7 (d) also shows that it is 

emi-coherent with the fcc matrix. 

In order to characterize the nanostructure of Nb-rich carbides, 

he cellular boundary containing Nb-rich particles was selected to 

repare TEM lamella. Fig. 8 (a) shows the bright-field TEM image in 
202
hich the Nb-rich precipitated phase is marked with a blue arrow. 

ig. 8 (b) is an enlarged image of the Nb-rich phase. Moiré fringes 

an be seen at the interface between the Nb-rich phase and the fcc 

atrix, similar to those previously observed for M23 C6 /M7 C3 car- 

ides. The corresponding diffraction patterns ( Fig. 8 (c)) obtained 

rom the Nb-rich precipitate phase were indexed as fcc structure 

ith a lattice parameter of 0.425 nm, close to NbC carbides with 

he lattice parameter of 0.44 nm [72] . Combining SEM-EDS and 

igh-energy SXRD analysis, this Nb-rich phase is revealed to be 

bC carbide. 

The present diffraction patterns indicate that NbC also exhibits 

 cube-on-cube orientation relationship with the fcc matrix, which 

as also reported in [ 73 , 74 ]. This orientation relationship is again

erified by the HRTEM image in Fig. 8 (d), where the two crystal 

tructures are semi-coherent. Compared to the incoherent bound- 

ries, the coherent ones can promote the diffusion of the elements 

 75 , 76 ], e.g. , Nb and C, so the NbC precipitates are easier to precip-

tate in the current Nb-added iHEA. NbC would inhibit the move- 

ent of dislocations and improve the strength and toughness of 

he material. However, an excessive NbC phase would also destroy 

he continuity of the matrix, leading to a decrease in the material 

roperties [55] . 

.2. Tensile test and deformation characteristics 

Representative engineering stress-strain curves of the LMD-built 

HEA-Nb and reference iHEA samples are shown in Fig. 9 (a). De- 
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Fig. 8. (a) Bright-field TEM image of the Nb-rich phase within the fcc matrix, (b) enlarged image of the Nb-rich phase showing the Moiré patterns with the matrix, and (c) 

the corresponding diffraction patterns revealing the phase of NbC carbides. (d) HRTEM image showing the semi-coherent interface between NbC and the fcc matrix. 

Fig. 9. (a) Engineering stress-strain and (b) strain hardening rate curves of the LMD-deposited iHEA-Nb and iHEA tensile samples. 

203
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Table 1 

Main texture components in { hkl } 〈 uvw 〉 notations and the corre- 

sponding fiber texture. 

Symbol Texture component { hkl } 〈 uwv 〉 Fiber 

� A {110} 〈 1–11 〉 〈 111 〉 // TD 

C Copper {112} 〈 –1–11 〉 〈 111 〉 // TD 

♦ Goss {110} 〈 001 〉 〈 001 〉 // TD 
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pite the relatively coarse microstructure, the as-deposited iHEA- 

b sample presented superior yield strength (YS) and significantly 

mproved ultimate tensile strength (UTS) of 1140 and 1450 MPa, 

espectively. Compared to the iHEA without Nb addition this is an 

ncrease of 44 % and 45 % in YS and UTS, respectively. Although 

his enhancement in mechanical strength is at the expense of a 

lightly decreased total elongation compared to the iHEA sample, 

he obtained elongation value still remains in an acceptable range 

bove 30 %. These results clearly demonstrate that the Nb addi- 

ion in the iHEA sample in situ improved the mechanical properties 

hile avoiding the strength-ductility trade-off. The high dislocation 

ensity in the form of subgrain boundaries, along with dislocation 

ntanglements around the precipitates, allows for high strain hard- 

nability to resist early necking, resulting in a high tensile strength 

77] . The slightly decreased ductility can be explained by typical 

lastic instability and strain localization around the increased den- 

ity of precipitates of the current iHEA-Nb sample [ 78 , 79 ]. 

Fig. 9 (b) shows the corresponding strain hardening rate (SHR) 

urves. The SHR curve in both samples shows three distinctive 

tages. Stage I for both samples consists of a sharp drop in SHR 

alue after yielding to ∼5 % – 6 % true strain due to dynamic 

ecovery-induced strain softening, and dislocation slip is acting as 

he primary deformation mechanism at this stage [ 29 , 80 ]. There- 

fter, stage II exhibits slightly different trends in these two alloys, 

haracterized by a near-stabilized SHR plateau for the iHEA sample 

nd a gradually decreasing SHR for the iHEA-Nb sample. By com- 

arison, the iHEA-Nb alloy exhibits a remarkably higher SHR in this 

tage, attributed to the enhanced effects of solid solution strength- 

ning and precipitation strengthening, which results in more dis- 

ocations successively proliferating and entangling with each other. 

n stage Ш , the SHR of both samples decreases until failure occurs. 

Additively manufactured metallic materials usually have het- 

rogeneous microstructures on the scale of several nanometers to 

undreds of micrometers, and strain partitioning during deforma- 

ion necessitates the presence of geometrically necessary disloca- 

ions (GNDs) to maintain interface compatibility between this het- 

rogeneous microstructure. In other words, the accumulation of 

NDs near boundaries, such as grain boundaries, twin boundaries, 

hase boundaries, etc., compensates for the plastic incompatibility 

t the interface between different regions [81] . These GNDs gen- 

rate significant back stress during plastic deformation to suppress 

he movement of dislocations [7] , accelerating the SHR of hetero- 

eneous structural materials. Furthermore, at the nanoscale, the 

ormation of nano-precipitates can also impede dislocation motion 

uring plastic deformation by acting as a direct pinning agent, thus 

orming profuse GNDs and effectively generating high back stress. 

he current LMD-built iHEA-Nb samples have sub-structures and 

recipitates decorated with dislocations, which can provide stable 

arriers against dislocation motion for strengthening, while simul- 

aneously ensuring a continuous plastic flow by accommodating 

islocations from transmitting [ 7 , 57 ]. It can therefore be deduced 

hat the large number of sub-structures and high carbide fractions 

n the as-built iHEA-Nb sample are favorable to induce high back 

tress strengthening and contribute to the high strain hardening 

apability upon deformation of the current material. It is worth 

entioning that Mn segregation at sub-grain boundaries ( Fig. 3 ) 

an misfit with the fcc matrix and cause lattice distortion, which 

ay also hamper dislocation movement during deformation, thus 

ielding a higher SHR [ 7 , 18 ]. 

A comparison of the mechanical responses of different classes 

f as-printed HEAs produced using different additive manufactur- 

ng methods including LMD [ 16 , 18 , 82–86 ], selective laser melt-

ng (SLM) [ 7 , 87–92 ], selective electron beam melting (SEBM) [93–

6] and wire arc additive manufacturing (WAAM) [97] , with the 

ork presented here is provided in Fig. 10 . This comparison reveals 

hat the Nb alloying design leads to the extraordinary strength- 
204
uctility synergy of the current iHEA-Nb at room temperature, 

hich stands out from most of the usual strength-ductility trade- 

ff HEAs and pushes the paradigm for the tensile properties of ad- 

itively manufactured HEAs. 

Figs. 11 and 12 illustrate the orientation distribution function 

ODF) at ϕ2 = 45 ° section and IPF texture of the tensile samples 

efore and after deformation of the iHEA-Nb and Nb-free reference 

amples, respectively. The IPFs show the orientation of the grains 

ith respect to the tensile direction (TD) as a reference axis. The 

ain texture components of the samples described in { hkl } 〈 uvw 〉 
arallel to the tensile plane ( XOY ) and the main fiber parallel to 

he TD are presented in Table 1 . Fig. 11 (a, b) illustrates the texture

omponents of the iHEA-Nb samples before deformation, which 

hows a similar structural texture to that of Nb-free iHEA tensile 

ample with the fiber texture of 〈 111 〉 // TD orientation ( Fig. 12 (a,

) [27] ). After the fracture, no considerable change is observed for 

he Nb-added sample as the main texture components of A and 

opper with the fiber of 〈 111 〉 // TD remain intact after the ten-

ile test. In comparison, the Nb-free iHEA sample after fracture also 

hows the main A texture component with the fiber texture 〈 111 〉 
/ TD. However, the Copper texture component in the iHEA refer- 

nce sample before deformation disappears, and instead a minor 

oss texture emerges during deformation ( Fig. 12 (c)). The IPF of 

he deformed iHEA sample in Fig. 12 (d) confirms that the main 

ber texture of 〈 111 〉 // TD is retained after fracture, and it is now

ombined with a minor fiber texture of 〈 001 〉 // TD related to the

oss texture. 

Fig. 13 shows EBSD results of the tensile deformed microstruc- 

ure of the iHEA-Nb and Nb-free iHEA sample near fracture with 

n overall engineering strain of ∼30 % and ∼35 %, respectively. 

hite lines in Fig. 13 (b) highlight the twin boundaries (TBs) with 

0 ° misorientation around 〈 111 〉 . Both iHEA and iHEA-Nb tensile 

amples have a similar initial texture with a strong fiber texture 

f 〈 111 〉 // TD. However, after deformation, the iHEA-Nb shows a 

maller volume fraction of mechanical twins compared to the ref- 

rence iHEA sample shown in Fig. 13 (c, d). There is also a drastic 

eduction in the thickness of the twins formed in the deformed 

HEA-Nb sample. Similar results were also reported for the Nb- 

icroalloyed TWIP steels [ 98 , 99 ]. Yen et al. [100] reported that the

C carbides in TWIP steel expose retarding force to the twinning 

islocations once they encounter carbides. Since the twinning dis- 

ocations are not able to shear the hard carbides, they wind around 

he carbides and an untwined area is formed. As a result, the 〈 001 〉
/ TD fiber texture obtained in the case of the deformed Nb-free 

HEA sample ( Fig. 12 (d)) is not observed in the failed iHEA-Nb 

ample due to the lower density of mechanical twins. 

In addition to the suppression of deformation twins by car- 

ides, the direct effect of Nb addition on the stacking fault energy 

SFE) of the current HEA system also needs to be considered. In 

eneral, the effect of alloying elements on SFE can vary depend- 

ng on the specific alloy composition, processing conditions, and 

eat treatment methods. In many cases, the addition of Nb can 

ead to an increase in the SFE of the fcc matrix, especially in the 

lloys of low Ni content [101] . This is because Nb is known to 

trengthen the matrix by forming solid solutions or precipitates. 

he stronger the matrix, the higher the energy required to nucle- 

te and move stacking faults, resulting in an increase in SFE. Ishida 
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Fig. 10. Comparison in UTS and elongation of HEAs produced by different additive manufacturing techniques [ 7 , 16 , 18 , 82–97 ]. 

Fig. 11. ϕ2 = 45 ° ODF sections and IPF texture of iHEA-Nb tensile samples with 

respect to the TD reference axis (a, b) before and (c, d) after tensile deformation. 

Fig. 12. ϕ2 = 45 ° ODF sections and IPF texture of Nb-free reference samples with 

respect to the TD reference axis (a, b) before and (c, d) after tensile deformation 

[27] . 
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102] has found that alloying of Fe-18Cr-10Ni austenitic stainless 

teel alloyed with 1 % Nb increases the SFE through thermody- 

amic analysis. Vitos et al. [103] also obtained a similar conclu- 

ion using quantum-mechanical first-principles calculations, that 
205
s, adding Nb to Fe65.5 Cr17.5 Ni12 Nb5 quaternary austenitic stainless 

teel increased the overall SFE. In Ref. [104] , the authors found that 

ncreasing the Nb content from 0.0 to 3.0 at.% increased the in- 

rinsic SFE of fcc austenitic Fe from –89.32 to –25.8 mJ m–2 . From 

he structural energy difference and thermodynamic perspectives, 

hese results indicate that the Nb element stabilizes the fcc phase 

elative to the hcp phase. It is also important to mention that 

hanges in SFE can affect the preferred deformation mechanism of 

he material. Increased SFE can shift the deformation mode from 

winning to slip. Bai et al. [55] used the Olson-Cohen thermody- 

amic model to calculate that the SFE of Fe-25Mn-9Al-8Ni-1C- x Nb 

lloy increased from 18 to 55 mJ m–2 as the Nb content increased. 

ithin this SFE range, although the twinning-induced plastic de- 

ormation mechanism was still dominant, strain-induced twinning 

as delayed to a certain extent with increasing Nb content [105] . 

oreover, in addition to SFE, deformation twins are also affected 

y other parameters such as grain size [106–109] . Studies have 

hown that grain refinement can suppress the twinning-induced 

lastic deformation behavior [107–109] . 

To sum up, it is believed that in the current Ni-free iHEA al- 

oy system, the addition of Nb leads to the decrease in mechanical 

win density in the sample for three main reasons: (i) the increase 

n SFE, (ii) retarding force by the carbides (inhibition effect of car- 

ides), and (iii) grain refinement. 

Additionally, Nb addition can also increase the dislocation den- 

ity, as observed in Fig. 6 and also verified by SXRD calculations. 

igher dislocation density combined with enhanced solid solution 

ardening as well as the formation of NbC carbides can contribute 

o the higher strength and SHR of the current iHEA-Nb sample, as 

hown in Fig. 9 . Furthermore, it is well known that the formation 

f deformation twins contributes to the high SHR in HEAs [110] . 

he continuous decrease in SHR (stage II) of the iHEA-Nb sample 

 Fig. 9 (b)) can thus be attributed to suppressed or limited mechan- 

cal twin formation compared to the Nb-free iHEA sample. 

To further clarify the deformation characteristics of the as-built 

HEA-Nb sample, TEM analysis was performed on FIB lamellas ex- 

racted from the fracture region with an overall engineering strain 

f ∼30 %. The overall bright-field STEM images in Fig. 14 (a, b) 

rom two FIB lamellas revealed the morphology of massive dislo- 

ation networks between the striped structures in the deformed 

cc grains. These stripe-like deformed structures were confirmed to 

e deformation twins by transmission EBSD analysis in Fig. 14 (c). 

oth primary and secondary twins were observed in the deformed 

HEA-Nb sample. The corresponding HRTEM image and SAED pat- 

ern in Fig. 14 (d, e) also confirm that the fcc spots show a typi-

al �3 twin boundary symmetry, indicating the formation of such 
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Fig. 13. (a) Image quality and (b) IPF maps of the iHEA-Nb sample after tensile deformation. (c, d) The corresponding images of the Nb-free reference sample [27] . 
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win substructures within the fcc matrix. In addition to hinder- 

ng the movement of dislocations, the continuous nucleation of 

eformation-induced twins also shortens the mean free path of 

oving dislocations, thus improving the dislocation storage and 

train hardening capability of the alloys [ 29 , 111 ]. Furthermore, 

tacking faults (SFs) can also be developed in the fcc matrix to 

ccommodate the applied strain, as illustrated in the bright-field 

TEM image in Fig. 14 (f). As indicated by the yellow arrows, mul- 

iple straight lines with differing contrast fringes were observed in 

he fcc matrix, indicating the formation of SFs through the motion 

f partial dislocations, which typically occur during the deforma- 

ion of materials with low SFE [29] . 

Additionally, various precipitates also play an important role in 

he deformation process. TEM was utilized to investigate the in- 

eraction between different precipitates and dislocations on thin 

amellae extracted from the tensile deformed area near the frac- 
206
ure, and the results are shown in Fig. 15 . The bright-field TEM 

mage in Fig. 15 (a) shows significant dislocation entanglements 

round the NbC carbide. In addition to the dislocation accumula- 

ion, a large number of M23 C6 /M7 C6 nanoparticles (as indicated 

y the red arrows) can also be observed from the HRTEM im- 

ge at the interface between NbC and the fcc matrix shown in 

ig. 15 (b). These results once again verify that the NbC precipitate 

hase formed in the current Nb-added sample plays a very impor- 

ant role in improving the strength of the sample. As for the hard 

23 C6 /M7 C3 carbides themselves, although they maintain a semi- 

oherent relationship with the fcc matrix ( Fig. 7 (d)), aggregation 

f dislocations can still be observed around them instead of being 

heared by dislocations ( Fig. 15 (c)). However, their ability to hinder 

islocation movement has been significantly reduced compared to 

he large-sized NbC carbides. Compared with the M23 C6 /M7 C3 car- 

ides in the as-deposited state, these nanoparticles remain unde- 
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Fig. 14. (S)TEM results of iHEA-Nb sample after tensile deformation. (a, b) Overall bright-field STEM images from two FIB-produced lamellas, (c) image quality and IPF maps 

by transmission EBSD analysis, (d) HRTEM image, and (e) the corresponding SAED pattern of the area marked in (a), (f) multiple stacking faults highlighted by the yellow 

arrows in the fcc matrix phase. 
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ormed after the passage of dislocations during tensile deforma- 

ion, confirming the Orowan looping mechanism. However, their 

rientations have changed to varying degrees ( Fig. 15 (d)), resulting 

n the destruction of their cube-on-cube orientation relationship 

ith the fcc matrix compared to the as-deposited state ( Fig. 7 (c)), 

hich can also be observed from the HRTEM image in Fig. 15 (e).

astly, the Mn-rich oxide particles, appearing as bright circular 

hapes, remain largely undeformed as shown in Fig. 15 (f). A large 

umber of dislocations are accumulated around them, confirming 

he Orowan strengthening mechanism. Overall, different types of 

recipitates in the current LMD iHEA-Nb sample can be classified 

s impenetrable particles when interacting with mobile disloca- 

ions, which can act as obstacles against the motion of dislocations 

uring deformation and result in further precipitation strengthen- 

ng. 

Tensile deformation of the iHEA-Nb sample involves that each 

omponent plays a specific role in strain accommodation. At the 

arly stage of plastic deformation, the softer fcc matrix phase ac- 

ommodates most of the applied strain. Then, a large number 

f dislocations are generated within the fcc phase as the strain 

evel increases. When the stress exceeds a specific critical stress, 

eformation-induced twins subsequently nucleate in the fcc ma- 

rix due to strain localization, resulting in TWIP. The formation of 

F planar defects also provides continuous strain hardening. Fur- 

hermore, various precipitates also promote precipitation strength- 

ning through the Orowan strengthening mechanism during the 

eformation process. Meanwhile, the accumulation of dislocations 
207
round precipitates gives rise to the sustained boundary coherency 

29] , which can be considered the side effect of precipitation 

trengthening and leads to a slight decrease in elongation for the 

urrent iHEA-Nb sample. 

.3. Micropillar compression testing 

The results of micropillar compression on the iHEA-Nb sam- 

le along [001] and [111] orientation, respectively, are presented in 

ig. 16 . The [001] iHEA-Nb micropillar shows similar fracture be- 

avior with that of the [001] micropillar without Nb addition, ex- 

ibiting strain bursts and also unstable work hardening [27] . The 

icropillar is well-oriented for twinning but shows smaller strain 

ursts and stress drops ( Fig. 16 (a)) compared with the micropil- 

ar of the same orientation without Nb. It implies that mechan- 

cal twins are less activated in the iHEA-Nb micropillar. This can 

lso be seen from the deformed [001] micropillar in Fig. 16 (c), 

here narrower steps are formed. A continuous yielding and sta- 

le work hardening is observed for the iHEA-Nb micropillar along 

he [111] axis that is deformed via slip. As summarized in Table 2 ,

b addition enhances the yield onset and also the critical resolved 

hear stress (CRSS) for both twining and slip. The WH Ry → 10% also 

ncreases after Nb addition. Although no Nb-added tensile sample 

long 〈 001 〉 // TD was tested in this work, the micropillar compres- 

ion results indicate a profound effect of Nb on the tensile sample 

eformed via slip. Therefore, it can be concluded that Nb addition 

etards the formation of twins and at the same time increases the 
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Fig. 15. (a) Bright-field TEM image showing significant dislocation entanglements around the NbC carbide, (b) HRTEM image of the interface between NbC and the fcc 

matrix. (c) Bright-field TEM image of M23 C6 /M7 C3 carbides within the matrix showing the aggregation of dislocations, (d) enlarged image of the M23 C6 /M7 C3 carbides after 

tensile deformation, (e) HRTEM image of the carbide showing interrupted semi-coherent interface with fcc matrix. (f) Mn-rich oxide particle in the deformed region. 

Table 2 

Summary of the micropillar compression test results. 

Pillar Deformation mode Yield strength, σ y (MPa) CRSS for slip, τslip (MPa) CRSS for twin, τtwin (MPa) WH Ry → 10% (MPa) Refs. 

[001] Twin 625 ± 70 290 ± 38 2091 [27] 

[111] Multiple slip 563 ± 98 148 ± 45 4198 [27] 

[001]-Nb Twin 690 ± 85 325 ± 61 2986 present 

[111]-Nb Multiple slip 823 ± 69 236 ± 65 6219 present 
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Fig. 16. Stress-strain curve of the iHEA-Nb micropillar compression test along (a) [001] and (b) [111] orientations; (c, d) The corresponding SEM images of deformed 

micropillars. 
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ng slip. 

. Conclusions 

In summary, this study successfully fabricated Nb-added 

e49.5 Mn30 Cr10 Co10 C0.5 iHEA using the laser melting deposition 

ethod. The microstructure, mechanical properties, strengthening 

nd deformation mechanisms of the as-deposited iHEA-Nb sample 

ere systematically investigated using multiscale characterization 

pproaches including EBSD, SEM, SXRD, (S)TEM, and mechanical 

esting. The main conclusions are as follows: 

1) The LMD-built iHEA-Nb sample exhibited a predominant fcc 

phase with [110] crystallographic texture along the deposition 

direction, and the in situ formation of NbC, M23 C6 , and M7 C3 

carbides was also detected. The typical characteristics of het- 

erogeneous microstructure were observed, including epitaxially 

grown elongated grains and fine equiaxed grains at the laser 

trajectory and layer interfaces, cellular microstructure, and ele- 

ment segregation at subgrain boundaries. The incorporation of 

Nb in the alloy matrix increased the degree of lattice distor- 

tion, the dislocation density as well as the number density of 

precipitates. 

2) The LMD-built iHEA-Nb sample showed an excellent synergy 

of high strength and high ductility at room temperature. The 

yield strength, ultimate tensile strength, and elongation reached 

1140 MPa, 1450 MPa, and 31 %, respectively, pushing the 

boundaries of the tensile properties and outperforming other 

HEAs produced by other additive manufacturing methods. En- 

hanced work hardening rate was also observed. 
209
3) The improved mechanical properties due to Nb addition are at- 

tributed to the introduction of the NbC reinforcing phase on 

one hand, and the simultaneous activation of multiple strength- 

ening and deformation mechanisms on the other hand, includ- 

ing solid solution strengthening, precipitation strengthening, 

dislocation strengthening, and deformation twinning-induced 

plasticity effects. 

4) In the micropillar compression test, it was confirmed that the 

addition of Nb enhanced the critical resolved shear stress for 

both twining and slip, resulting in a lower density of mechan- 

ical twins after deformation compared with the Nb-free iHEA 

sample. The compressive strength of single crystals with differ- 

ent orientations was significantly improved after Nb addition. 
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